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INTERRELATTONS OF COMPOSITIONS,

TRANSFORMATION KINETICS, MOR?}IOLOGYg AND

MECHANTCAL PROPERTIES OF ALLOY STEELS
by

FEarl R. Parker
ABSTRACT

The strong influence of the fine-scale microstructural features on mechanical
properties has become increasingly evident during the past decade. This is
particularly true for fracture toughness of quenched and tempered alloy steels.
Large differences in microstructure can be produced by isothermal, rather

than athermal, treatments in the bainite and upper martensite temperature
ranges. The kinetics of transformation, as well as the kinds and volume
fractions of transformation products can be varied over wide ranges by
relatively small changes in chemical composition. The effects of the common
alloying elements on transformation kinetics, both separately and in various
combinations were determined experimentally. The synergistic effects of indi-
vidual elements added asApairs of elements were not predictable from a knowledge
of the effects of the individual elements. Isothermal treatments, coupled

with variations in the kinds and amounts of alloying elements, produced dif-
ferent morphologies, compositions, and volume fractions of the transformation
products. The effects of such microstructural differences on tensile properties,
fracture toughness, and fatigue characteristics were evaluated. Beneficial
effects were found, such as substantial increases in fracture toughness, with
small changes in alloy content or with heat treatments that differed from those

conventionally used.






INTRODUCTION

Investigations of the time and temperature dependence of austenite decomposition
in steels began in the nineteen~twenties, with the first comprehensive report
appearing in the literature in 1930(l)¢ The pioneering research of Bain and

his coworkers led to the discovery of the bainite transformation, which was

a principal topic of interest in the research discussed herein. This reaction

is much more complex than the austenite-pearlite transformation. It consists

of at least two different reactions - the upper and lower bainite transformations.
The nature of these reactions and the morphology of the transformation products

. . . . 1=7).
have been the subject of many 1nvest1gatlons( )

Steels are generally heat treated in one of two ways, by slow cooling or by
quenching and tempering. Heat treatments producing transformations in the
bainite temperature range have not found widespread use in commercial applica-
tions, partly because of the practical difficulties of controlling such reac-
tions, and to some extent because of the uncertainties associated with optimiz-
ing mechanical properties by such treatments. However, a number of advanced
technological applications vequire improved properties over those attainable
with commercial steels and conventional heat treatments. There are indications
from published research that enhancement of properties, particularly fracture
toughness, might be substantially improved by unusual heat treating procedures,
and by minor modifications of the chemical compositions of widely used steels,
such as AISI 4340. Extensive investigations have shown that a wide variety of
microstructures can be produced through controlled austenite decomposition

(8-11)

in the bainite temperature range and some of these structures should

provide unusual combinations of strength and toughness. The present research



was undertaken with the intent of evaluating the influence on mechanical
properties of the fine-scale microstructural features produced by trans-
formations in the bainite temperature range. Properties of quenched and
tempered steels are included for comparison. The investigations included
a brief study of tempering kinetics of martensite in order to clarify the
observation that some low alloy steels, when oil quenched rapidly enough
to produce 100 percent martensite, were tough and somewhat ductile,

instead of extremely brittle as is normally expected for a fully quenched

0.4 percent carbon steel.



1. KINETICS OF MARTENSITE TEMPERING

One of the first points that avose in the investigations was the question,

g
why do one-half-inch thick fracture toughness specimens of AIST 4340, when

tested in the as-oill-quenched condition, behave in a relatively ductile manner

when broken? Such specimens have KIC values of 40 Ksivins., 7 or more foot
pounds Charpy V-notch energy, and elongations in tensile tests of almost 10

percent. Also, the fracture surfaces were of the quasi-cleavage and dimpled
rupture types and did not exhibit the brittle characteristics of a true martensite.
End quenched hardenability tests of this steel indicated that the centers of
oil-quenched plate specimens up to one inch in thickness should be 100 percent
martensitic, and curves obtained with thermocouples located at the center plane
of one-half-inch thick specimens clearly showed that the cooling rates during
quenching were fast enough to prevent the formation of ferrite, pearlite, or

bainite. It is well known thart t

e martensite (with all of the carbon trapped

in the form of a supex rated solid solution) in a 0.4 pevcent carbon steel

15 extremely

~le.  How then, could the relatively high ductility exhibited

by the fract

roughnes

specimens be explained? The

probably answey was that auvtotempering of the martensite was occurring during

the very short time pe when the specimens

were in the temperature range
between the MS and rvoom temnperature. Some simple experiments were then made

I

to explore the effect of guenching rate. Flat pleces of dif

rent thickness

were oil quenched from 850 °C, and a surprising

]

result was obtained. Specimens
of AIST 4340 steel as thin as 0.030 inch could be bent 90° without breaking.
Tt was found necessary to gquench specimens of this thickness in iced brine
before they would exhibit the characteristic brittleness of martensite in

the as-quenched condition, i.e., vivtually zero plastic deformation before

fracture. These simple experiments showed clearly that autotempering can occur



even in a few seconds below the MS temperature (300 °C). Subsequently trans—
mission electron microscope studies revealed that epsilon carbide had pre-
cipitated during quenching in the one~half~inch thick fracture toughness
specimens. The type of structure produced is illustrated by the electron
micrograph shown in Fig. 1. Even the 0.030-inch thick bend test specimens,
which cooled much faster than the half-inch thick fracture toughness specimen,
during oil quenchings, was autotempered. A study of autotempering rates in
this high hardenability steel seemed to be needed to provide additional insight

into autotempering kinetics.

There seemed to be no simple way to measure the precipitation rate of carbon

in martensite during direct quenching to room temperature, so it was considered
expedient to obtain some quantitative data on carbon precipitation kinetics

in martensite at various constant temperatures between the MS and room tempera-
ure. The experimental procedure commonly used by researchers for an investiga-
tion of this type is to quench very small pieces of steel extremely rapidly to
retain the carbon in Solution(12m15)e Upon heating the’quenched specimens at
various temperatures, the change in electrical resistance, measured as a function
of time, provides a measure of carbon precipitation kinetics. Such measurements
have shown that the precipitation process begins without a detectable incubation

13,1 ’
(13,16,17) nd, at a constant temperature, proceeds at a rate which

period
diminishes rapidly with increasing time. Resistance measurements in much of
the earlier work were started about one minute éfter the test specimens reached
the tempering temperature, although some of the measurements were made within
about ten seconds after rveheating specimens to the reaction temperature. Tt
was evident that more information was needed about tempering rates in time
(18)

periods of a few seconds. Consequently, experiments were performed which

provided additional data for shorter time periods.
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Tempering occurs in several well-recognized stages, with the first stage
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temperatures of these steels are 50 to 100 degrees above this temperature,
and cooling curves for the midplane of one~half-inch thick oil-quenched
fracture toughness specimens show that the time required for the temperature
to decrease from 300 °C to 200 °C is approximately 10 seconds. About 90
percent of the austenite transforms to martensite in this temperature range,
so there is ample time for extensive autotempering to occur. The high
toughness and somewhat ductile nature of the fractures obtained with fracture

toughness specimens can therefore be understood.
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2. ISOTHERMAL TRANSFORMATION STUDIES AND BAINITE REACTIONS

Many investigators have studied the kinetics of formation of bainite and

the morphologieslof the structures produced, but adequate explanations of
the experimental observations are, in many respects, still lacking, as is

a quantitative general theory of austenite decomposition in the bainite
temperature range. The effects of combinations of alloying elements on
bainite transformation kinetics are not simply additive, and sufficient data
are not available to evaluate the synergistic effects of the commonly used

elements.

It is evident from published data that synergistic effects can be large
and complex. 1If the bainite reaction could be quantitatively evaluated, it
might then become possible to predict chemical compositions and thermal
histories that would produce steels with the microstructures needed for
optimization of mechanical properties. This is not possible with available
information, but research ié currently in progress which will provide
additional time-temperature data to help fill the information gap. Examples

of some of the work in progress are discussed in the following paragraph.

Dilatometric experiments were performed on seven Fe-C~X ternary systems (where

(34), Additional

X = Mo, Cr, Mn, Al, Si, Co) at different alloy concentrations
experiments that include combinations of the ¥ components are currently in
progress in order to provide data for the study of interactive effects.

Results to date indicate that Mn, Ni, Cr, and Al retard the bainite reaction,

Co accelerates the reaction, as does Mo to a lesser degree; Si has little effect.

Combined alloy additions have effects on reaction start times that are not

predictable from the effects of the individual elements.



The ranges of compositions of the elements investigated were 0.14-0.4C,

1.0Cr, 1.0-2.0N1, 1.7-2.1Mn, 1.0-3.081, 1.0-2.0A1, 0.5-1.0Co, and 0.3-0.5Mo,
all in weight percent. Phosphorous and sulfur were less than 0.005 percent.
Cooling rates from the austenitizing temperature to the bainite range were
between 150 °C and 450 °C per second. In all cases, the cooling was fast
enough to avoid the formation of ferrite and pearlite. Specimens were held
at constant temperature in the bainite range until the reaction was completed.
A1l specimens were subsequently checkgd for retained austenite, which was
found to be less than five percent, with the exception of the rhree percent

silicon alloy which contained seven percent.

Tt is well known that there are two major forms of bainite, upper and lower,
and that there are easily distinguishable microstructural differences between
the two forms. In upper bainite, the carbides are often observed to form
elongated particles bétween the bainitic ferrite grains. In leower bainite,

the carbides’tend to precipitate within the ferrite grains at aﬁ inclined angle

to the major growth direction of the ferrite. The two reactions also exhibit

(35-39)

£ £

differences in kinetics of formation

(39-42).

, althoygh both upper and lower

bainite form by a shear mechaniem

Pickering made a systematic investigation of bainitic transformations in

. . . s (43)
both hypoeutectoid and hypereutectoid steels which contained Mo, B, and Cr .
In addition to studying microstructural factors, he confirmed the fact that
the temperature below which lower bainite, rather than upper bainite, formed
was dependent upon the carbon content, increasing from 450 °C to 550 °C with
increasing carbon, but dropping abruptly to 350 °C for all hypereutectoid steels.

For hypoeutectoid steels, the line ghown in the figure separating upper from

lower bainite regions follows the line indicating the saturation concentration
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of carbon in austenite. The fine scale microstructural details in either

form of bainite are dependent upon the temperature of the transformation as
well as upon the carbon content of the steel. Hence the control

of microstructure for the purpose of optimizing mechanical properties requires
a deep insight into the interactive nature of these parameters and upon other

factors that will be considered in subsequent sections,

The metallic elements commonly used in heat~treatable, low-alloy steels (Mn,
Si, Cr, Ni, Mo, V) alter both the eutectoid composition and the eutectoid
temperature. The saturation concentration of carbon in austenite at various
temperatures: plays a major role in determining the temperature for hypoeutectoid
steels above which lower bainite does not form. An example of how the
temperature-carbon content line can be shifted by varying the mix of metallic
alloying elements is shown in Fig. 4. Pickering's steels were of two types,
0.5Mo plus boron and 1.0Cr, 0.5Mo, plus boron. The other steels used for
determining the lower line were 0.3-0.5 Mo, or 1.0-2.0 Ni, or combinations

of Ni, Cr, and MO(BQ)B

As mentioned earlier, the temperature of transformation
for either upper or lower bainite has a major influence on the fine scale
microstructural features, and hence can have a major effect on mechanical
properties. It has been repeatedly shown that the lower the transformation
temperature, the higher will be the yield and tensile strengths. For example,

(43)

Pickering found that a linear relatiocuship exists between the tensile
strength and the transformation temperature. He reported tensile strengths
for a number of bainitic steels ranging from 175 ksi (1200 MN/mZ) for steels
transformed at 430 °C to 78 ksi (534 MN/mZ) for steels at 650 °C. The range
of transformation temperatures for lower bainite is strongly dependent on

chemical composition, and thus the range of properties is correspondingly

dependent upon alloy chemistry.

~O



The notch toughness of steels having upper bainitic structures, whether
indicated by KIC values or by the temperature of transition from ductile

to brittle fracture in impact tests on notched bars, are inferior to steels

of the same strength having lower bainitic microstructures. For example,

. . cr . (63) "y , e .
in Pickering’'s work , a steel with an upper bainitic structure and a tensile

strength of 134 ksi (124 MN/mz) had an impact transition temperature of 75 °C,

whereas the same steel with a lowerbainitic structure and a tensile strength
of 145 ksi (1000 MN/mz) had an impact transition temperature of 20 °C. Tt

is abundantly clear from evidence in the literature that excellent combina-
tions of mechanical properties can be obtained with steels having lower
bainitic microstructures. However, in practical applications, it is not
always possible to avoid the formation of upper bainite, and this complicates
the problem of optimizing properties. Continuous cooling of thick plates
often imposes temperature-time histories that produce microstructures

which are predominantly of the upper bainite type. However, much can be

done to control the structures formed by an upper bainite rveaction. In a
later section some examples will be shown of how combinations of chemical
composition and controlled slow cooling through the upper bainite temperature
range can produce steels with excellent fracture toughness, along with yield
and tensile strengths that are adequately high for satisfactory use in many

technological applications.

The practice of using either igothermal(éa) or continuous cooling(AS) trans—
formation~-time curves as a basis for devising new alloys is fraught with
difficulties. There are four main decomposition reactions of austenite in
medium carbon steels, with the transformation products and approximate
temperature ranges of formation being = ferrite,énd pearlite (about 750 °C
to 600 °C), upper bainite (about 600 °C to 400 °C), lower bainite (about

550 °C to below the MS}, and martensite (MS about 300 °C for 0.4 percent C).

~10- ‘



Each of the three highest temperature reactions are time-dependent and ideally
each should exhibit a characteristic C-curve for. the time-temperature relation-
ship. In the pearlite temperature range the expected kinetic behavior is
observed. Howevei, two reaction curves often overlap and unusual shapes of
time-temperature curves result. Also, the lower bainite curve frequently
extends below the Ms’ and its shape is influenced by the plastic strains
produced in the austenite that remains after some martensite forms. This
transformation-induced plastic flow accelerates the lower bainite reaction.
Some typical examples of transformation-time cuvrves are shown in Figs. 5, 6,
and 7. In Fig. 5, trhe isothermal time-temperature austenite decomposition
curves obtained by dilatometry are shown for a steel containing 0.17 percent
carbon and one percent of chromium. This diagram is relatively simple and
ecasily understood. Both bainite reaction ranges are visible in this figure,
wth the upper bainite knee being at about 475 °C and the lower bainite knee
being at about 325 °C, just above the MS temperature. Fig. 6 shows isothermal

(46)

transformation data obtained by a magnetic permeability technique for
an AIST 4340 steel. Wirh the magnetic method, it was possible to follow
the bainite reaction below the M_ temperature with a reasonably high degree

]
of accuracy. The lower bainite knee was found to exist below the Ms tempera-—
ture, with the reaction-start times found to be shorter than would normally

be expected in the absence of a martensite transformation.

The interactive effects of alloying elements ave different for the two bainite
reactions. This is i1llustrated in ¥Fig. 7, which shows the start and ending
(957%) curves for three steels, one containing 0.29 percent carbon and one

percent of nickel, another steel containing 0.29 percent carbon and one percent
of chromium, and another steel with the same carbon content but containing one

(34)

percent each of nickel and chromium . Different effects of alloying elements

e | Lo



are té be expected for the upper and lower bainite transformations because

of the well-known differences in the nature of the two reactions. . Available
data clearly indicate that interactive effects of alloying elements on bainite
transformations are so complicated that it is unreasonable to expect that

such effects can be expressed in simple arithmetic terms. Austenite
decomposition kinetics are affected by numerous factors, including chemical
free energy changes produced by alloy combinations, influence of alloying
elements on the solubility of carbon in gustenite, morphology and type of
carbides that precipitate, spacing between carbide particles, changes occurring
in the composition of the austenite as fervite forms in upper bainite, effects
of dislocations created by volume changes that occur during phases trans-
formations, and probably other factors that are not as obvious as those stated
above. 1In spite of the obvious difficulty of sorting out and evaluating all
of the influential factors, it is hopedthat eventually a clearer understanding

r

of the austenite~bainite reactions will evolve.

Reports of many investigations concerned with the microstructural and kinetic
aspects of the bainite reactions have appeared in the literature(7§47m51>ﬂ
Kinetic differences between the upper and lower bainite reactions cannot be
clarified by isothermal decomposition data, which reflect the volume percent
of austenite decomposed as functions of time and temperature. Attempts to
secure activation energies assoclated with these reactions have been fruitless
because a number of temperature dependent factors contribute to the kinetics
of the bulk reaction processes. This point is illustrated by Fig. &, where
the reciprocal of the reaction temperature is plotted as a function of the
negative natural log of the rime for various "equivalent reaction states"

for the 0.29C, 1.0Ni steel. The futility of attempting to determine an

activation energy for either upper or lower bainite is immediately obvious.

~12-
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The slopes of the curves for both reactions are continuously variable and
can be either positive or megative, depending upon the temperature selected.
In order to obtain valid data for activation energy calculations it is nec-
essary to measure the isothermal growth rates of individual bainite plates,
not the bulk transformation rates. A number of such experiments have been

made by investigators employing hot stage microseopy(7’4l’52953),

Both

types of bainite plates were found to grow at slow temperature~dependent

rates. Lower bainite was observed to grow as individual plates which increased
in both length and thickness with time. Upper bainite developed as groups of

7
closely spaced parallel needles with rectangular crOSSmsections( ’54)0

The
needles increased in length at uniform velocities but were limited in thick-
ness by the proximity of neighboring needles. The growth rates for both types
of bainite increased with increasing temperature and the semilog plots of growth
rate versus the reciprocal of temperature could be represented by two distinctly
separate straight lines(7>, From the slopes of these lines, the activation
energies were estimated to be approximately 20,000 calories per mole for lower
bainite (a value consistent with the activation energy for carbon diffusion)

and 1000 to 9000 calories per mole for upper bainite; depending on the carbon
content. The low activation energy values for upper bainite have no simple
meaning. The upper bainite reaction is complex. Ferrite forms as a separate
phase, with the consequent concentration of carbon in the remaining austenite.
Upper bainite is characterized by the presence of parallel ferrite laths
exhibiting high dislocation densities(55n57), The laths are close-packed

and have been observed to be about 0.6 um wide when examined by transmission
electron microscopy. When examined by optical microscopy, the bainite regions

appear to be about 3 um wide., These wider regions consist of a number of

substructural units, normally unresolvable by optical microscopy.

=] e



The subunits in a growing upper bainite region do not all grow at the same

{5
rate\)7)n Aaronson(58)

has suggested that the lath-like structure of upper
bainite results from sympathetic nucleation of the subunits. The subunits
nucleate along the side of other units that apparently have nearly stopped
growing. This discontinuous type of growth results in the formation of sub-
units that have limited lengths, usually ranging between 10 um and 15 um.

The diffusion model for upper bainite is based upon the growth rate of
individual bainite regions within an aggregate, as observed with hot-stage
optical microscopy. However, the discontinous growth of groups of subunits

is not resolvable in such experiments, and the measurements thus reflect

the bulk growth rate, not the growth rate of the individual subunits. The
theoretical growth rates of the subunits are an order of magnitude higher than
the observed bulk rates. The low values of activation energies for the growth
of upper bainite, i.e., 1000 to 9000 calories per mole<7), do not reflect the
kinetics of a diffusional process. Nucleation appears to be the rate con-

(57)

trolling step of the growth process

Another complication associated with upper bainite formation is that upper
bainite will not form above a well-defined temperature, designated Bs?
which is generally below the pearlite formation range; BS is dependent upon
the carbon content of the austenite, being lower for higher carbon concentra-
tions. Between the Bs and a lower temperature, st below which upper bainite
does not form, the amount of austenite that transforms to bainite is
temperature~dependent, increasing from zero just above the BS9 to a maximum

B (59)

at r . At the higher temperatures within this range, carbon is rejected

as ferrite forms and the carbon concentrates in the remaining austenite. At

-1 4
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a constant temperature, the carbon concentration increases in the austenite
until the Bg of the carbon~enriched austenite reaches the reaction temperature;

when this occurs, the reaction ceases.

In investigations that have been made of growth rates in the lower bainite

temperature range, the experimental results revealed a temperature dependence

that was consistent with a carbon diffusion model, but the observed growth

rates were an order of magnitude lower than predicted. This led Oblak and
(57) . , e . .

Hehemann to investigate the possibility that lower bainite, like upper

bainite, grows by repeated nucleation of subunits. They showed evidence

that this type of growth does occur in lower bainite plates, but there are

st111 differences of opinion about the detailed processes of growth.

The size, distribution, and nature of the carbide particles, in both upper
and lower bainite control, to a large degree, the mechanical properties of
steels with bainitic microstructures., In regard to the origin of carbides in
upper bainite, it is clear that most of the carbides in hypoeutectold steels
precipitate as FeBC from the residual carbon-enriched austenite films that
form between the ferrite laths. In lower bainite, the carbon-enriched
austenite is absent, and the carbides precipitate uniformly in the fervrite
laths. This condition strongly indicates that the carbides precipitate

almost exclusively from supersaturated ferrite.

The crystallographic relationships between the fervite and carbides also
indicates that the carbide forms from enriched austenite for upper bainite

(56,60,61)

and from supersaturated ferrite in lower bainite

w15



The morphology of the carbides differs markedly in upper and lower bainite,
as shown in Fig. 9. These electron micrographs, taken from the work of
Thomas(61); show the characteristic elongated stringers of Fe3C between the
upper bainite ferrite laths. The fracture toughness of steels having this
kind of microstructure is low compared with steels having the lower bainitic
microstructure illustrated in Fig. 1 which is free from interlath car-
bides. Epsilon carbide precipitates uniformly in lower bainite, with the
crystallographic relationship between the epsilon carbide and the bainitic
ferrite being(0001)e|](011)a and [1011]e]| [101106(61)9 The epsilon carbide,
whether produced by autotempering of martensite or by a lower bainite
veaction, only forms at low temperatures. It is metastable and dissolves
when FGBC forms at higher tempering temperatures. The FeBC particles are
similar in appearance to epsilon carbide, but they can be identified by

gselected area diffraction and trace analysis of electron micrographs which

show that they form on%]j{ﬁ-alpha planes.

fipsilon carbide is a semicoherent precipitate which imparts a highly desir-
able combination of high strength and high fracture toughness to bainitic
steels. Tt is therefore a desirvable microconstituent. Cementite particles
provide strength, but often cause a marked lowering of toughness, particularly
when the FeBC is in the form of interlath sheets as shown in Fig. 9, or
even when the particles are large and sphervoidal. These adverse effects
are discussed in detail in subsequent sections relating fracture toughness
properties to microstructure.

,
Because lower bainite containing epsilon carbide has unuéually good mechanical

properties, it is important to consider the fact that the stability of epsilon

~16-
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carbide relative to cementite can be altered by additions of silicon(49’62>u

The presence of silicon in amounts exceeding aboﬁt one weight percent retards
sigrificantly the rate of precipitation of cementite in ferrite, but silicon
has only a minor effect on the formation of epsilon carbide which precipitates
at an extremely rapid rate, as was 1llustrated in Fig. 2. Silicon also sup~-

(57)

presses the formation of cementite in upper bainite , enhancing the concen=-
tration of carbon in the untransformed austenite films that form between the
ferrite lafhse The precipitationof cementite from the austenite, a process
which embrittles steels, is retarded by the presence of a few percent of
silicon. The effect of silicon is highly beneficial, not only in bainitic

(63)

steels, but also in tempered martensitic steels which frequently contain
retained austenite as films between the martensite laths. In quenched and
tempered steels with normal low silicon contents, the retained austenitez
which is supersaturated with respect to carbon, decomposes during tempering
in the range of 200 °C to 370 °C (400 °F to 700 °F) and cementite films form.
This causes a sharp decrease in toughness which 1s referred to as tempered

(64-67)

martensite embrittlement Several percent of silicon prevents this
embrittlement because it retards the formation of cementite. The fine-scale

microstructural features described above have marked effects on mechanical

properties. These effects are discussed in the next section.

w17 =



EFFECTS OF MICROSTRUCTURAL FEATURES ON MECHANICAL PROPERTIES

Several kinds of mechanical property tests were performed to evaluate the
effects of the various types of fine-scale microstructure that can be pro-
duced by altering the chemical compositions or thermal histories of alloy
steels., The properties measured were conventional tensile, fracture

(68)

toughness , Charpy V-notch, fatigue, and stress corrosion cracking.

Effect of Austenitizing Temperature

An interesting effect discovered early in the research was that austenitizing
temperatures several hundred degrees higher than those conventionally used
resulted in increases in fracture toughness of 50 percent to 100 percent
above those obtained with conventional heat treating procedures. This effect

is shown in Fig. 10 for ATSY 4130 steel, in Fig. 11 for ATSI 4330 steel, and
in Fig. 12 for AISI 4340 steel. The marked improvement in fracture toughness
produced by quenching from 1200 °C instead of 870 °C is clearly evident. How~
ever, the tempered martensite embrittliement effect, which is clearly indicated
for all three steels when they were quenched from 1200 °C, was hardly noticeable
for the same steels when they were oil quenched from 870 °C. Retained austenite
was present at the lath boundaries. This was confirmed by selected area dif-
fraction electron microscopy, which revealed substantial amounts of retained
austenite in the form of lath boundary films in the specimens quenched from

1200 °C, with a lesser amount in the 4340 steel oil quenched from 870 °C, and
still less for the 0.30 percent cavbon steels quenched from the lower tempera-—
ture. Decomposition of the retained austenite accounts for the observed
embrittlement. Optical microscopy did reveal a significant feature in the

870 °C oil quenched 4130 steel; both upper bainite and small islands of
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blocky ferrite were visible. These features were not evident in the same

steel quenched from the higher temperature.

The improvement in fracture toughness produced by higher austenitizing
temperatures could be attributed to a number of factors, including a bene-
ficial effect provided by the presence of thin layers of undecomposed
austenite between the martensite laths, but no positive conclusions could

be reached about the effect of the austenite without additional investigations
being performed.

The next series of experiments<69> was made with g simpler steel, one contain-
ing only 5.0 percent molybdenum as an alloy element. Two carbon contents,

0.30 and 0.41 were used. Other elewments were 0.6 percent manganese, 0.005

percent sulfur, and 0.008 percent phosphorous. The alloys were vacuum melted
and subsequently forged toc size. Specimens of these alloys were austenitized

£
¥
H

at various temperatures rvanging from 870 °C to 1250 °C and were iced brine
quenched. All specimens were nmartensitic throughout in the as-quenched con-
dition, although they had autotempered duvring quenching. The tensile strengths,
yield strengths, and fracture toughnesses obtained arvre shown as a function of
quenching tempevature in Fig. 13. There were large spherical undissolved
carbide particles present in both the 0.30 and 0.41 percent carbon alloys

after quenching from 870 °C.. It is well kmown that such particles act as
fracture nuclei even when the fracture ig of the relatively ductile dimple-
rupture type, as was the case for the alloys being tested. Tiny cracks form
locally at undissolved particles and these microcracks join together by local
shear tearing as plastic flow proceeds. This results in a low value of

fracture toughness. At higher austenitizing tempervatures, the carbide particles

dissolve completely and the fracture toughness i1s higher by a factor of
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approximately two. The effect of carbide solution is alsc evident in the
tensile and yvield strenghts, which show Increasing values with increasing
austenitizing temperature. The effect of austenite grain size per se was
checked with two 0.35 percent carbon lower alloy steels, one containing one
percent molybdenum, the other one percent molybdenum and three percent
nickel. In both of these steels the ASTM austenite grain size was six at

870 °C and one at 1200 °C. All of the carbon was in solution in these

steels at the lower temperature, so there were no undissolved carbides
present., For both steels, the fracture toughnesses were found to be
independent of the prior austenite grain size, In this case, there was

no improvement when higher austenitizing temperatures were employed (as was
found for the 5 percent molybdenum alloy steels). However, the improvement
obtained with higher austenitizing temperatures for the 4330 and 4340 steels
could not be attributed to the effect of undissolved carbides, because the
carbon was also in solution in these steels at 870 °C. Hence the toughness
enhancement could seemingly be attvibuted to the presence of the retained
augtenite films. Austenite, in certain cases seems to be beneficial but,

can also be detvimental, particularty when it containsg high carbon, is unstable
during plastic flow, and transforms to martensite. Also, austenite in blocky

form does not appear to enhance toughness and tends to lower the yield strength.

Fracture Toughness vs. Charpy V-Notch

Austenitizing AIST 4340 and similar steels at 1200 °C rather than 870 °C
produces a vemarkably heneficial effect on fracture toughness. However,
when Charpy Venotch tests are made on such steels, the higher austenitizing
. . A . (70,71) . .
temperature was found to be detrimental , with the energy being reduced

from about 7 foot pounds for the 870 °C treatment to about 5.5 foot pounds

for specimens austenitized at 1200 °C, but cooled to 870 °C before oil
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(72)

quenching. Ritchie and coworkers studied this anomalous behavior and
concluded that the effect was related to the difference in notch sharpness

in the two different kinds of test specimens. The root radius of the Charpy
notch is 0.010 in. (0.25 mm), whereas the notch tip is that of a fatigue

crack in fracture toughness specimens. Charpy bars are relatively small in
cross-sectional area compared with fracture toughness specimens and plane
strain conditions often do not exist during impact testing of Charpy specimens.
Frequently shear lips occupy a substantial portion of the fracture surface
arca. In the case in question, however, the shear lips were very small,

occupying only about four percent of the area of broken bars treated at

either high or low austenitizing temperatures.

Scanning electron microscopy revealed that the fracture surfaces for both
Charpy and KIC test specimens were identical for a given heat ﬁreatment9

but were different in nature for the two different austenitizing treatments.
Specimens heated only to 870 °C exhibited quasi-cleavage and fibrous fractures,
whereas those with the higher temperature treatment fractured by intergranular
and fibrous modes. Because the fracturemechanisms were identical in both
Charpy and KIC specimens for a given heat treatment, the reversal in order

of toughness exhibited by the Charpy specimens‘could not be attributed to

a difference in fracture mechanism.

The factor found to be significant in controlling the behavicr of the Charpy
. ) . P (72)

specimens was the radius at the root of the Ve-notch. Ritchie et al
determined the fracture toughnesses of Charpy specimens having different

machined root radii, ranging from a fatigue crack to 0.023 in. (0.58 mm).

The specimens were broken at 22 °C in an instrumented Charpy machine.
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Measurements were made of the energy absorbed and of the "apparent" dynamic
fracture toughness, KA9 for specimens austenitized at 1200 °C and cooled to
870 °C before o0il quenching, and for a second series austenitized at 870 °C
and quenched in o0il directly from that temperature. The "apparent” fracture

measured ahead of a rounded notch. K, is

toughness refers to a value of KIC A

generally used as a means of estimating the fracture toughness by means of

Charpy specimens without recourse to fatigue precracking(73m75)n

Ritchie’s
data are shown in Fig. 14 for a 4340 steel in the two different austenitized
conditions. 1In this figure, KA is plotted against the square root of the notch
tip radius. An important feature of this plot is that for notch tip radii
less than 0.002 in. (0.05 mm), the toughness of the 1200-870 °C austenitized
specimens exceed that of the 870 °C treated specimens, but for larger radii,
the reverse is true. Thus, it was demonstrated that 'notch toughness' is
not only a function of the microstructure but is also stronly dependent upon
the notch sharpness. A test specimen with a sharp notch may rate two steels
with different microstructures In one crder, whereas another test specimen
with a blunt notch may rate the two in the reverse order. WNeither KIC nor

the Charpy V-notch value alone is sufficient to provide an adequate appraisal

of the "notch toughness' of a steel.

.
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EFFECTS ON MECHANLICAL PROPERTIES OF RETAINED AUSTENITE,

ISOTHERMAL TRANSFORMATIONS, TEMPERING TEMPERATURE, AND SILICON

For the purpose of investigating the various factors that affect mechanical
properties, and fracture toughness in particular, an aircraft-qualify,

commercially-made AIST 4330 steel was selected as a base alloy(76),

This
steel was remelted in a vacuum induction furnace and cast into 25-pound

ingots that were homogenized 24 hours at 1200 °C and then hot forged into bars
suitable for heat treating and machining into fracture toughness specimens.
For purposes of comparison, no compositional modifications were made to one
melt, but additions were made to three other melts. Silicon was added in
amounts of one, two, and three percent. The effects of the silicon additions
on the amounts of austenite retained at room temperature after various heat
treatments (direct oil quenching from 900 °C, and when isothermally trans-
formed at 200°C, 250 °C, and 350 °C) are shown in Fig. 15. The MS temperatures
of all of the alloys were approximately the same, between 325 and 350 °C. The
amount of retained austenite varied widely with the heat treatment, being only
4 to 6 percent in as-quenched specimens, and ranging up to 20 percent for the
3 percent silicon material transformed isothermally at temperatures near the
MSQ For the base 4330 steel, the amount of retained austenite was greater

in specimens transformed isothermally at 200 °C and 250 °C than it was in the
0il quenched specimens. The isothermal treatments provided time for carbon
concentration in the untransformed austenite, thus stabilizing the austenite.
At the higher isothermal transformation temperatures, the precipitation of
cementite was suppressed by the silicon, partitioning of carbon into the
austenite was enhanced, and high levels of retained austenite resulted. Control

of the amount of austenite could be obtained by adjusting the silicon content
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of the alloy and transformation temperature. However, for the higher silicon
steels, the carbon content of the retained austenite varied with heat treating
procedure, ranging from 0.3 percent in as-—quenched specimens to substantially
higher concentrations in the material isothermally transformed at 350 °C
(which contained 80 percent bainite and 20 percent austenite). The carbon con-
tent of the bainite was assumed to be about 0.25 percent (based upon work of
(49) i )
Matas and Hehemann , therefore the untransformed austenite contained an
average of about 0.5 percent of carbon. This difference in carbon content can
- . , . . (77,78)
effect major changes in mechanical behavior. Thomas and Das have
shown that carbon contents above about 0.4 percent increase the amount of
twinning in martensite which lowers the fracture toughness. 1In the present
case, however, the conditions differed substantially from those of Das and
Thomas. The higher carbon austenite in the present work did not transform
during cooling to room temperature. Furthermore, the retained austenite was

highly dislocated by the plastic strains caused by the volume change associated

with the bulk transformation.

The effects of silicon content and tempering temperature on the stability of
the retained austenite when subjected to plastic deformation in a room tempera-
ture tensile test are shown in Figs. 16 and 17. Although the base AIST 4330
had a higher level of retained austenite in the oil quenched condition than

did the steel to which two percent silicon had been added (7 percent vs. 3
percent), the higher silicon steel was more stable during tempering. The
austenite in both cases was highly unstable when plastically deformed. At

four percent tensile strain, most of the austenite had transformed.
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Comparisons showing differences in mechanical properties produced by direct
0il quenching to room temperature versus isothermal transformation at 250 °C
are presented in Figs. 18 and 19. The elongation was higher for isothermally
transforméed tensile specimens than it was for those that were directly oil
quenched, and did not wvary significantly with tempering temperature for either
case. The yield and ultimate tensile strengths were higher for oil quenched
specimens than those of isothermally transformed, as would normally be expected,
but the KIC values did not vary significantly between the two types of heat
treatments. The optimum combination of properties was obtained with the 2
percent silicon steel, oll quenched and tempered at 300 °C. In this case, an
unusually high KIC’ 103 ksivin. (113 MPa/m), was measured, along with yield

and tensile strengths of 220 ksi (1500 MPa) and 260 ksi (1800 MPa).

The beneficial effects of a 2 percent silicon addition to an AIST 4340 steel
are shown in Fig., 20. The enhancements of both strength and toughness are
evident in this figure. The 4340 steel is not quite as tough as 4330, but it

is substantially stronger.
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EFFECT OF TRANSFORMATION DURING CONTINUOUS COOLING

ON MECHANICAL PROPERTIES

For heavy sections of steel that are expected to harden all the way through
during slow cooling, high pearlite hardenability is required for optimum com-
binations of strength and toughness. A commercial steel that meets these require-
ments is 300~-M, which contains the same C, Mn, Cr, and Ni as aircraft—-quality
4340, but has 0.4 percent of Mo instead of 0.25 percent, 1.6 percent of Si
instead of 0.23 percent, plus 0.1 percent of vanadium. In the present
investigation, properties were determined for microstructures equivalent to
thosé developed during air cooling of plates ranging from one to six inches

in thickness. This was accomplished by controlled cooling of thinner pieces,
with time-temperature curves selected to match those of air cooled thick plates.
Both fracture toughness and Charpy V-notch tests were conducted in addition

to conventional tensile tests. Slow cooling results in the retention of large
quantities of austenite (up to 30 percent). The role played by the retained
austenite was investigated. The morphologies, amounts, and mechanical stability
of the austenite were determined. The stability of the austenite was found

to vary with tempering treatment and the changes produced by tempering had major
influences on fracture properties. When the austenite was stable under plastic
strain conditions, the steel had good fracture properties; when the austenite
was unstable, the fracture toughness was lower. Also‘9 destabilization of the
austenite during tempering results in tempered martensite embrittlement. It

was also found that there was an optimum slow cooling rate which resulted in

the most desirable combinations of strength and toughness.

The continuous cooling transformation diagram is shown in Fig. 21. The

temperature differences between the plate centers and edges are small for air
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cooled plates, being less than 25 °C for the thickest plates. The cooling
rates in the transformation temperature range, 400 °C to 200 °C, were nearly
identical throughout the plate thickness, thus uniformity of microstructure

was assured.

A comparison of the amount of retained austenite in one-inch-thick oil quenched
specimens and those cooled at a rate corresponding toa six-inch~thick air-
cooled plate is shown in Fig. 22 as a function of tempering temperature. The
0il quenched specimens had about 5 percent in the as-quenched condition, which
dropped to 4 percent for tempering temperatures of 300 °C to 400 °C, and to
nearly zero at 500 °C. The six-inch~-thick "air-cooled" specimens had 30
percent retained austenite before tempering, and retained 75 percent or more
of the austenite up to a tempering temperature as high as 450 °C. The austenite
in the oil quenched specimens, being lower in carbon than the austenite in

the air-cooled material, was less stable and transformed almost completely in
tensile test specimens strained only 2 percent at room temperature. Austenite
in the air-cooled plate material, being higher in carbon, was more stable,
with only a small fraction transforming during tensile straining. Tempering
air-cooled material at 450 °C caused some carbide to precipitate from the
augtenite, thus reducing its stability. As a consequence, more than half

of the 22 percent was transformed by tensile straining of 2 percent. Fig. 23

shows the Charpy V-notch energy and K values versus tempering temperature

Ic
for both oil~quenched and air-cooled, 6-inch-thick plate specimens. Unlike
the results discussed earlier for AISI 4340 steel austenitized at 870 °C

and at 1200 °C, where the Charpy values were lowered and the KIC values were
raised by the higher austenitizing temperature, the direction of the effect
of heat treatment was the same for K, and Charpy V-notch in the case for oil

Ic
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quench and slowly-cooled 300-M. Thus, both Cﬁérpy and KIC were excellent
indicators of the effect of microstructure on the notch toughness. As would

be anticipated, the presence of large amounts of retained austenite lowers the
tensile yield and ultimate strengths, as shown in Fig. 24, whereas it increases

the tensile ductility, as shown in Fig. 25.

The effect of retained austenite on mechanical properties has been studied

(79)

by many investigators. Webster showed that retained austenite seemed

(80)

to improve fracture toughness of martensitic stainless steels. Jin et al

(81)

and Pampillo and Paxton found that the retained austenite played an
ambiguous role in maraging steels. It has been established, however, that
austenite can be conditioned to impart unusually high values of tensile
ductility and fracture toughness in TRIP steels by transforming during plastic

8284 (70,76,85)
. O L= L o D - . ; .
deformatlan( )v Also, others ' “»'77 ’ have found that retained austenite
is sometimes associated with enhanced fracture toughness in ultra-high-strength

steels. The infiuence of austenite is certainly not always favorable, and in

{

certain instances it way be very bad, as is clearly indicated by the present
research. -The precipitous drop in both Charpy energy nad KIC that occurs at
a tempering temperature of 450 °C in ¥ig. 23 is due to the retained austenite
which is destabilized and partially decomposes, forming carbide films at lath
boundaries. At lower tempering temperatures, the carbon remains in solution
in the austenite, embrittling carbide films do not form, and both Charpy and

K

Te values are enhanced by the relatively stable austenite (Fig. 23), and

so is the tensile ductility (Fig. 25). It seems likely that these beneficial
effects are at least in part due to the three percent volume increase associated
with the TCC to BCC phase change which occurs during plastic straining. This
volumeiric expansion relaxes the high local tensile stresses around fracture

nucleating centers and delayvs the onset of microcrack formation. The effect
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of plastic strain on austenite stability in air-cooled specimens, indicated
in Fig. 22 for 2 pevrcent strain, continues in a tensile test at higher
strains; half of the austenite is transformed at 10 percent strain and
only a few percent remains at 20 percent strain. This type of strain-
induced transformation was found necessary for enhanced ductility and
toughness in TRIP steels, and the same behavioral relations seem to pre-

vail in the air-cooled, 300-M steel.
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MICROSTRUCTURAL INFLUENCES ON CRACK GROWTH RATES IN FATIGUE TESTS

The use of fracture mechanics concepts for evaluating crack growth rates

during cyclic loading has gained widespread attention since it was first

. Do o (86) ;

introduced in 1963 by Paris and Erdogan . In recent years, a great

deal of data have been published velating crack propagation rates to yield
. , _ , (87-95)

strength, mean stress, microstructure, stress state, and environment .

Concurrent with the fracture mechanics research approach to fatigue, studies

of fracture mechanisms and microstructural influence have been underway, so

that it is now possible to relate microstructural features to variations in

macroscopic crack growth behavior. Some results of recent work will be

discussed to indicate the status of research in this field of study.

Most investigations have confirmed that the fatigue crack growth rate, da/dN

is controlled by the cyclic stress intensity range, AK., The velationship

is represented by(86>
da/dN = CAK"

where da/dN is the increase in crack length per cycle, C and m are experimental

constants, and AK is the difference between the maximum and minimum stress

intensities during cyclic loading. This equation accurately defines the

crack growth behavior in the midraﬁge of da/dN, which is approximately 10_5

to IAOQ3 mm/cycle, but it does not apply at high growth rates where Kmax

approaches K. , nor does it apply at low growth rates where AK approaches the

(95,96,97,100,101)

Ic

stress intensity range, AMK,, below whicha crack will not grow
The three stages of crack growth rates are shown schematically in Fig. 26,
Different mechanisms of fracture have been observed in the A, B, and C regimes

illustrated in the figure. In regime B, fracture occurs by a transgranular
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ductile mechanism. In this regilon, there is little influence of microstructure

or of the mean stress, R, (K /K ) on the crack growth rate<96_98)e

. In
min' “max

regime C, where Kmax approaches K the growth rate is rapid and is highly

Ic’
sensitive to differences in both microstructural features and the mean stress.

In this range the growth rate increases rapidly with increases inAK, and Failures

occur by modes that are characteristic of static fractures, including cleav~

age, intergranular, and fibrous fracture(96m98>a In regime A, where cracks

. . . , (99-103)

increase in length very slowly, the influences of microstructure and
(99-111) ‘ , . .

mean stregs on growth rates can be large. The behavior in the region

(118}

of low AK is also sensitive to the stress history and to the environmental

conditions. Even an air environment has a deleterious effect, as has been
demonstrated by tests on the same materials in vacuum and in air(1009101’109’1139114)u
Lower propagation rates and higher threshold values (AK,) were obtained in
vacuum tests wﬁen compared with test results in air. Also, the effects of
mean stress found in tests conducted in air were not observed when tests

were made in vacuum(107mlzo)g

A comprehensive report on this subject has recently been prepared by Ritchie(lb)°

(116)

An example of the type of results obtained by Ritchie is presented in
Fig. 27. This figure shows crack growth rate curves fqr 300-M steel in
three conditions of heat treatment, oil quenched from 870ﬁ°C and tempered

at two different temperatures, 300 °C and 470 °C, and as isothermally trans-
formed at 250 °C (about 50 °C below the MS) followed by tempering at 300 °C.
The isothermally transformed steel and the quenched steel tempered at 470 °C
had identical 0.2 percent yield strengths. Their microstructures differed
significantly, however, with the isothermally treated specimens retaining

about .ten percent of untransformed austenite and the quenched 470 °C tempered

specimens containing little or no austenite.
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Several important features are evident in the results shown in Fig. 27.
These include the effect of the yield strength on the threshold stress
intensity, AK,, the effect of retained austenite in steels having the

same static yileld strength, and the importance of the stress ratic R, which
(115)

is defined as K /X

, . As has been demonstrated by Ritchie
min' max

» MK,
inversely related to the yield strength. This relationship is illustrated

in the figure which shows that at R = 0.05, AK, = 2.7 ksivin. (3 MPavm)

for the quenched specimens tempered at 300 °C (Y5 = 253 ksi cr 1737 MPa)

and AKo = 4.5 ksivin. (5 MPavm) for the quenched specimens tempered at

470 °C (YS = 218 ksi or 1497 MPa). Judging from this relationship, the
isothermally treated specimens should have a AK, value equal to the quenched
specimen tempered at 470 °C, because of thelr identical yield strengths.
However, this was not found to be the case; the dsothermally treated mat-

erial had a AK, = 3.2 ksiv/in. (3.5 MPav/m) which was substantially lower

than expected. As a consequence of this'and similar observations, Ritchie(121)
concluded that the basis for correlation should be the yield strength under
cyclic loading rather than the static value. The cyclic loading yield
strength is generally significantly different from the static value, and may
be either higher or lower, depending upon the microstructure of the alloy.
For the case in question, the static yield strength was 218 ksi (1497 MPa)
for both the quenched specimens tempered at 470 °C and the isothermally
treated material, but the vield strengths under cyclic loading were 174 ksi
(1198 MPa) and 219 ksi (1502 MPa), respectively. The cyclic loading vyield
strengths were found to correlate well with AK, values for a number of
strength levels of 300-M steel. The flow stresses within the cyclic plastic
zone ahead of the tip of the crack are governed by the cyclic rather than

by the monotonic flow characteristics. The decrease in flow stress for from
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218 to 174 ksi (1497 to 1198 MPa) for the quenched and tempered steel was
thus considered to be responsible for the high value of AK, (4.5 ksivin. or

5 MPavm). The decrease in flow stress observed in cyclically loaded quenched
and tempered steel is generally attributed to a rearrangement of the disloca-
tion substructure and a reduction in dislocation density over that produced
by monotonic loading. The absence of a decrease in yield strength of the
isothermally transformed steel when cyclically loaded resulted from the
strengthening effect of strain induced austenite transformation which offset
the weakening effect in the tempered bainite and martensite produced by the
cyclic loading. At the higher value of R = 0.70, the threshold AK, values
were all considerably lower than for the R = 0.05 tests, being about 2.1 ksi
Jin. (2.3 MPavm) for the steel in all three conditions of heat treatment.

The evidence strongly indicates that metastable retained austenite is dele~

terious under cyclic loading at low values of AK when R is small.

In the C regime, however, the presence of metastable retained austenite

is beneficial. When Kmax approaches KIC9 the behavior under cyclic loading
is governed primarily by the fracture toughness. The resistance to crack
growth provided by the transformation of vretained austenite in a fracture
toughness test also contributes to a retardation of crack growth during
cyclic loading and fracture does not occur until higher values of AK are
reached. Thus, even in a given test, retained austenite can be beneficial
or detrimental, depenﬁing upon the stress state, as shown by the curve in
Fig. 27 for the isothermally transformed steel at R = 0.05. In the regime
of low AK, retained austenite lowers AK,, but in the regime of large AK,

retained austenite delays ultimate failure.
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MICROSTRUCTURAL INFLUENCES ON CRACK GROWTH RATES

UNDER STATIC LOADING CONDITIONS

The effect of retained austenite on the stress corrosion cracking of steels

with high yield strengths has received relatively little attention. Webster(le)

found that a direct correlation existed between the amount of retained austenite

and the threshold stress intensity, below which cracking does not occur,

KISCC’
in high strength martensitic stainless steel. It is generally known that
austenitic steels are not particularly sensitive to hydrogen embrittlement,
whereas high strength quenched and tempered steel are particularly sensitive
to such embrittlement. A generally accepted embrittling mechanism for stress
corrosion cracking of high strength steels involves hydrogen produced by
cathodic reaction in an aqueous environment which enters the metal lattice,
diffuses to the region of high triaxial tension stresses that exist ahead of
the crack tip, lowers the cohesion in this region, and thereby promote

microcracking. The stress S@rptioélﬁ7’118> or decohegion(llg’IZO)

(121)

are presumed to be applicable in the present case . Compact tension

(78)

tests specimens of the type used to determine fracture toughness were

theories

used for the crack growth rate stuides. The applied load was constant through-
out a single test. The specimens were immersed in a 3.5 percent sodium
chloride solution during testing. However, the results with the salt solu-

tion did not differ from those of similar tests obtained with distilled water.

The 300-M steel used in this investigation was the same steel used for the
cyclic stress crack growth investigations discussed in the preceding sec~
tion. Also, the heat treatments producing identical monotonic loading yield
stress values were used for the stress corrosion crack growth rate measure-

ments, namely oil quenched from 870 °C and tempered at 470 °C, and
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isothermally transformed at 250 °C followed by tempering at 300 °C. Curves
showing the crack growth rate versus stress intensity are plotted in Fig. 28
for 300-M steel in each of the two heat treated conditions. In both condi-
tions, the threshold stress intensity was approximately 16.4 ksivin.

(18 MPav/m). This result is consistent with the concept that plastic flow

at the notch tip is necessary for crack growth in order to expose a fresh
reactive surface, and both heat treatments produced identical flow charac-
teristics at stresses neay the yield strength. At higher stress intensities,
the crack growth rate of the steel in the isothermally treated state was

lower than that for the quenched and tempered condition by a factor of about
six, and the total times to fracture differed by a factor of two. The lower
crack growth rate and the higher fracture toughness (requiring a longer

crack) both contributed to the extended lifetime of the isothermally treated
material. The higher fracture toughness is associated with the strain induced
transformation of the retained austenite present in the longer life steel.

The crack growth rates in the plateau regions shown in ¥Fig. 28 ave independent
of the stress intensity because the rate limiting process is the time required
for hydrogen to diffuse from the crack tip to the region in the spécimen

where the triaxial stress 15 a maximum, where it must increase to the criti-
cal concentration required for local decohesion before the crack can move for-
ward in a stepwise manner. The plateau velocity is presumed to be related
to the bulk diffusion rate of hydrogen, and the diffusivity of hydrogen
through austenite 1s several ovrders of magnitude lower than through Eerrite(lzz)u
Thereforé, it seems logical to conclude that the presence of interlath austenite
is a beneficial microstructural feature in a stress corrosion cracking environ-
ment because it acts as barriers which retard the vate of migration of hydro-

gen through the steel.



SUMMARY

I have attempted to show how some fine-scale microstructural features that

can be produced and controlled in heat treatable, high-strength steels affect
fracture characteristics for a variety of loading and environmental conditions.
Retained austenite in the form of interlath films, for example, can be bene~
ficial or detrimental, depending upon the environment and imposed stress state.
The amount of retained austenite can be varied from zero to thirty percent

in a single alloy steel, such as 300-M, by varying the heat treating pro-
cedure, The stability of the austenite can also be controlled, so that it

can Be made to transform slowly during plastic straining - a process that

enhances fracture toughness.

There 1is still a great deal to learn about the reactions that can occur and
the microstructures that they produce in multicomponent heat treatable
steels, but all of the important reactions and the fine-scale microstructural
features can be determined with modern techniques and equipment. It should
soon be possible to design new steels to meet the specific requirements

for advanced technological applications. We plan to continue our efforts

toward the attainment of this goal.
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Figure 1.

Figure 2.

Figure 3.

Figure 4.

Figure 5.

Figure 6.

Figure 7.

FIGURE CAPTIONS

Transmission electron micrograph of autotempered martensite
showing presence of epsilon carbide. Many dislocations and some
Fe3C are also present.

Curves showing percent of carbon precipitated from martensite

vs. time at various temperatures for AISI 1046, ALSI 4340, 300-M,

and AIST 4340 4+ 3Si steels.

Effect of carbon on temperature change froum upper to lower bainite

for some 0.5% Mp+B and 0.5% MO, 17 Cr+B steels (after Pickering<43))o

Effect of carbon on temperature change from upper to lower bainite,
comparing Pickeriﬁgvs results with those from present experiments.
The region of transition from lower to upper bainite depends on
the eutectoid composition, which shifts to lower carbon contents
with higher concentrations of alloying elements such as those used

in high hardenability steels.

TTT diagram for a steel containing 0.17% C and 1.0% Cr.

TTT diagram determined by magnetic saturation method which per-
mitted detection of the lower bainite reaction below the Mq

temperature.

Bainite start and ending curves for three steels, all containing

0.29% C. One steel contained one percent of nickel, the second
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contained one percent of chromium, and the third steel contained
one percent each of nickel and chromium. The effects of nickel

and chromium are not additive.

Figure 8. Reciprocal of reaction temperature vs. negative log of time for
various "equivalent states'" of the austenite decomposition reac-—
tions for a steel containing 0.297 C and 1.0% Ni, illustrating
that activation energy determinations are impossible to obtain

from such data.

Figure 9. Transmission electron micrographs showing morphologies of carbides
in upper and lower bainites. In upper bainite Fe3C is present in
the form of stringers between upper bainite ferrite laths. In
lower bainite epsilon carbide precipitates uniformly as small
particles with the crystallographic relationship being

(0001)e| | (011)aand [1011]e||[101]a. (See Figure 1.)

Figure 10. Plots of room temperature plane strain fracture toughness versus
tempering temperature for AISIT 4130 steel austenitized at various
temperatures and quenched in oil or iced brine. The iced brine
quenched specimens were cooled to liquid nitrogen temperature

prior to quenching.

Figure 11. Plots of room temperature plane strain fracture toughness versus
tempering temperature for AISI 4330 steel, austenitized at 1200 °C,
iced brine quenched and cooled to liquid nitrogen prior to tempering,

compared with specimens austenitized at 870 °C and oil quenched.
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Figure 12.

Figure 13.

Figure 14.

Figure 15.

Figure 16.

Plots of room temperature plane strain fracture toughness versus

tempering temperature for AIST 4340 steel, austenitized at 1200 °C

austenitized at 870 °C and oil quenched.

Plots showing influence of austenitizing temperature on room
temperature fracture toughness (KIC or KQ)’ yvield strength, and
ultimate strength of 0.3% C, 5.0% Mo steel, and 0.41% C, 5.0% Mo

steel. Tests were conducted on specimens quenched in iced brine

- and not tempered.

The relationship between toughness, measured by the apparent
dynamic fracture toughness (KA) from instrumented Charpy testé9

and notch root rvadius (p) for oil quenched AISI 4340 steel in two
conditions, austenitized at 1200 °C, cooled to 870 °C, oil quenched,
and austenitized at 870 °C, oil quenched. p, is the limiting

root radius and KI is the dynamic fracture toughness. (Courtesy

d
of R. 0. Ritchie.)

Plots showing the influence of additions of silicon to a steel with
a base composition similar to that of an AISI 4330 steel on the
amount of austenite retained at voom temperature after a direct
0il quench from the austenitizing temperature, and after isothermal

transformation treatments at 200 °C, 250 °C, and 350 °C.

Variations in the volume fraction of retained austenite as a func—
tion of plastic strain in a room temperature tensile test after

tempering at various temperatures, for oil quenched AISI 4330 steel.
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Figure 17.

Figure 18.

Figure 19.

Figure 20.

Figure 21.

Figure 22.

Variations in the volume fraction of retained austenite as a
function of plastic strain in a room temperature tensile test
after tempering at various temperatures, for an oil quenched

AIST 4330 type steel to which 27 silicon had been added.

Plots showing the effects of tempering temperature on the mech-
anical properties of oil quenched AIST 4330 steel and AIST type

4330 steel to which 27 silicon had been added.

Plots showing the effects of tempering temperature on the mech-
anical properties of isothermally transformed AISI 4330 steel and

AIST type 4330 steel to which 2% silicon had been added.

Plots showing the effects of tempering on the mechanical properties
of AIST 4340 steel and AIST type 4340 steel to which 2% silicon had

been added. Steels quenched from 870 °C and 950 °C, respectively.

Continuous cooling transformation diagram for 300-M steel. Curve
1 represents the time-temperature path for the center of a piece
of moderate thickness during an oil quench. Curves 2 through 6
represent mid-thickness cooling curves for air-cooled plates

ranging from one to six inches in thickness.

Retained austenite in 300-M steel in oll quenched and tempered
condition, and in air-cooled and tempered six-inch-thick plate.
Effect of straining 2% in a room temperature tensile test after

tempering 1s also shown.
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Figure 23.

Figure 24.

Figure 25.

Figure 26.

Figure 27.

Figure 28.

{
iy

Charpy V-notch energy versus tempering temperature for 300-M oil
quenched and for air-~cooled six-inch~thick plate shown in

top figure, and fracture toughness, KIC’ values shown below.
Tensile yield and ultimate strengths versus tempering tempera-
ture for oil quenched 300-M, and for air-cooled six-inch

thick plates for same steel.

Tensile elongation and reduction in area versus tempering
temperature for o0il quenched 300-M steel, and for air-cooled,

six~inch-thick plate of same steel.

Schematic: diagram showing relationships between the crack growth

rate {(da/dN) and the alternating stress intensity (AK).

Variations of fatigue crack growth rate with cyclic stress inten-
sity are shown for 300-M steel in three conditions of heat treat-
ment, oil quenched and tempered at 300 °C, oil quenched and
tempered at 470 °C, and isothermally transformed at 250 °C,
followed by tempering at 300 °C. The isothermal treatment pro-
duced the same'yield strength as did quenching plus 470 °C

tempering.

Crack propagation rate under static loading conditions for 300-M
steel in two conditions of heat treatment. The fracture toughness

(1

type specimens employed were immersed in 3.5 percent salt solution
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