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1. Introduction- e

Over the past 160 years, 'engineer.s, metallurgists and ceramists
have expressed ever increasing technical interest in the high-temperature -
plastic behavior of materials. Most of this period was characterized by
extensive creep testing of numerous alloys and some ceramic materials
leading to empirical descriptions of the dependency of the creep rate on -
stress and temperature, as well as qualitative concepts concerning the
various metallurgical and structural factors that provide creep:resistance.
In spite of the substantial effort expended on this problem, no simple
unique rationale developed,over the first 90% of this period, either to
permit predictions of creep behavior, or to provide the basis for the
scientific design of creep resistant alloys.

Slightly more than ten years ago, however, based principally on
the marriage of dislocation theory with the theory for kinetics of reactions,
a new atomistic approach to unravelirig the complicated nature of creep
was initiated. Although much yet remains to be done before a satisfactorily
complete picture of creep matures, and despite the continued need for
semi-empiricism in the development of creep resistant materials, it is,
nevertheless, now rather clearly established that the continued persuit of
this new method of attack on the problem will eventually lead to the desired
knowledge. It is the major purpose of this report to indicate those areas
where some progress has been made in the theory of creep and to identify
those issues that need additional clarification.

Since creep is the result of thérmally activated flow mechanisms,

-]
the shear-strain r‘a’ce,,YLi , arising exclusively as a result of.the operation
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of the ith mechanism, can be formally established to be

: WEV AR 20 _hede 7]
Wk {eret) e T flpae 4,

Whereas Z, T , and k have the usual meanings of the applied shear stress,

the absolute temperature, and Boltzmann's constant, the remaining terms
deserve at least a brief description. The quantity h'; is the enthalpy of
activation for the reaction in the forward direction. With rare exceptions,
the pressure under consideration is so low that the enthalpy of activation
very nearly equals the éctivation energy. It does depend, however, on the
appiied shear stress, which assists the forward reaction (+) and hinders ' -
the reversé:reaction (-), thus giving magnitude and directionality to the
strain rate. Since the dependence of the enthalpy of activation on the stress
arises as a result of the force acting on the dislocations and thus assisting
the reaction, it also depends on the substructure, st, that is present. Although
in certain cases, e.g., those mechanisms that are diffusion controlled, the
enthalpy of activation is practically insensitive to the temperature, in other
cases it might depend on the temperature in harmony with the effect of temper-
ature on the shear modulus of elasticity. The frequency term, f-g , into which
we have incorporated the activation entropy, caﬁ also depend on Z’, T, and st .
The influence of temperature on this term, however, is always small in
contrast to its effect in the exponential Boltzmann term. As in all kinetics
of reaction problems, the net forward rate is determined by the total contribu-
tion to the forward raté munus the total contribution to the reversed rate, which
gives rise to the two terms of Eq. 1.1 that contribute to the -net creep rate due to
the ith process.

When processes aré sequential, such that j follows k which

follows Q , etc., the creep rate for the sequence is dictated by the slowest

l\' 7
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process, which we designate here as the ith process. But wheﬁ the
total creep rate arises from a series of parallel, and independently
operative mechanisms, the total creep rate, \? =Z‘};f , 1s given by the
sum of the countributions over all such independent processes. When
more than one process determines the creep rate, the difficulties of
identifying these mechanisms become almost insurmountable. Counsequently,
most of the existing information about creep has been deduced for those
conditions of experimentation at which one mechanism predominates. Only
those mechanisms for which hi< 50kT can be stimulated by thermal fluc-
tuations. Consequently only the easier (lower enthalpy) mechanism can
take place at low temperatures. As the temperature is increased, such
easier mechanisms occur so rapidly thét they permit almost instantaneous
straining. Continued creep at these intermediate temperatures thus occurs
as a result of the operétion of more difficult processes having higher values
of h:. At the highest temperatures only the most difficult processes
determine the creep rate, and the easier processes account for the almost
instantaneous initial strain. Dislocation theory, however, is not yet
sufficiently sophisticated to be able to predict unambiguously which of the
various individual rate controlling mechanisms might be the operative one.
Nevertheless it is occasionally possible to identify, from experimental
evidence in specific examples, several temperature regions over each of
which different dislocation mechanisms of creep predominate.

It is the objective of creep theory to determine the functional
depeundency of fi and hi oun the pertinent mechanical and structural
variables for each 61‘ the series of permissible thermally activatable dislo-

cation reactions. Our analyses here will be limited to discussion of such
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high-temperature creep phenomena that are coutrolled by diffusion mech-

anisms. Such diffusion controlled processes assume significance at
temperatures above about one-half of the melting temperature.

In this range of temperatures the creep rate is almost always determined A4
by one or more of several diffusion controlled mechanisms. The only

known exceptions to this generalization concern the high-temperature creep

1) g, @ (3)

of single crystals of Al, and Zn. No light has yet been shed
on why these materials gave exceptions to the general rule. Perhaps in
the single crystal tests of Al-and Mg the types of barriers that are.‘ess-érirt‘:‘i'al-
for blocking dislocations, and thereby necessitating the operation of t‘-he‘.
climb processes to provide additional creep, were not vformed, whereas.
they are formed in polycrystals which are subjected to polyslip. The
possible validity of this explanation is suppeorted by the fact-that the higb—
temperature creep of polycrystalline Al is diffusion controlled.- ‘Prismatic
slip in Zn may be controlled by the Peierls mechanism.

The various diffusion controlled mechanisms for high-temperature
creep inciude:

1. Stress-Directed Diffusion of Vacancies in Polycrystals

2. Thermally Activated Motion of Jogged Screw Dislocations-

3. Climb of Edge Dislocations

4. Solute Atom Diffusional Processes and Viscous Drag

5. Structural Instability of Dispersed Phases RO : ‘ ’ v

The importance of high-temperature creep is well i documented in
a number of outstanding reviews, symposia, and monographs oh this sub-

-9 4 would indeed be impossible, in terms of the limitations of

ject.
time and space, to review everything that has been done and said about

creep here. Rather we plan to concentrate our attention on the mechanisms
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for creep; we will briefly review some of the significant evidence and
illustrate known mechanisms with some of the more recent data; we
will also point out where creep theory is weak and; in some instances,

how it might be improved.
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. 2. Nabarro Creep

Creep by the stress-directed diffusion of vacancies, formulated

(11)

originally by Nabarro, is one of the best understood, theoretically,

of the various mechanisms for high-température creep. Although Herring(lz)
subsequently presented a more sophisticated and detailed analysis of this
process, we shail review the or‘iginal Nabarro approach here, because it
provides a more vivid physical picture of the mechanism.

This creep mechanism applies only to polycrystalline aggregates at
very high temperatures and differs from the other high temperature creep
processes that crystalline materials might undertake insofar as it does
not depend on the motion of dislocations. Consequently it can occur in
polycrystals when the grains contain no dislocations or where all dislocation
motion ig blocked either by high Peierls stresses or by some other very
effectivé locking mechanism. If a polycrystalline aggregate cannot creep
by any other mechanism, it will, under appropriate counditions of stress
and temperature, creep by means of stress-directed diffusion of vacancies.

In reviewing Nabarro creep, we will first consider a polycrystalline
aggregate of one phase and one component. The grain boundaries of the
aggregate are regions of discontinuity in the structure and are therefore
excellent regions which serve as sources and sinks for vacancies. When
a tensile stress, p , is applied normal to a boundary, it can assist in the
formation of a vacancy since it will do work pQV per vacancy produced, v
whereQ v , the volume of a vacancy, is about equal to the atomic volume.

In the absence of a stress, the probability of finding a vacancy at a given

site is _ %%T
Nv -
Ns

(2. 1)
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where o is the number Qf vacancies among ng lattice sites and g is
the free energy of formation of a vacancy. Consequently, assuming equil-
ibrium can be established, the probability of finding a vacancy in the lattice

just below a grain boundary subjected to a tensile stress, p , is

p ? ’ .
n. — Sl PO, T
m ) (2. 2)
S . '
a quantity which is somewna"c greater ‘than the equilibrium value in the
absence of a stress.
Cousider novsf & cubzi‘c"g‘rain-o'f demensions d,.as shown in Fig. 2.1,

S0 stressed,fco give avsbear“striess, p, at 45° to the "spe_cim'envaxi's.,, . Where-

as the probability of finding a vacancy along AB and ; CD is proportional

to e p‘kT“f o, that of find\ing a vacancy along AD and BD is propor'tional
- p.ﬂ.f , ._ _
kT

Due to tde co‘ncen.’cration:gradien‘t,_,‘ yabancies are-presumed
to flow as shown by the arrow'sini:"@he"figure;' ThlS '."fflobw of vacancies will
be matched by an equal and opposite flow of atoins' resulting in a longitudinal
extension and lateral contraction of the"grain w1th trme under stress.

It is not immediately apparent however, that the vacancies should
enter the Volume of the grain and undertake volume diffusion in the gram
as was postulated by both l\lTabarro and Herring. Th1s questlon is empha51zed
by the fact that both the free energy of formatlon and the free energy of
actlvatlon of motion of a vacancy. in the gram boundary is apprec1,ably less
than that in the grain itself. Obviously the total: creep rate will depend on
the sums of the contrlbutlons from the volume and boundary diffusion
processes For the present however we W111 assume that the volume

diffusion mechanism predomlnates and we w111 describe in some deta11 later

the thus far neglected mechanism involving grain boundary diffusion.
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Fig. 2. 1. ’ 'Vacancy flow in a grain.
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Three steps are mvolved in.the or1g1na1 stress d1rected diffusion
model for creep, namely, the formatlon of a vacancy in the grain volume
near the grain boundary under a positive stress, its migration to the
boundary that is under a"negative stress and its annihilation at that bonndary,' '
Both Nabarro and Herrin'g assumed that the generation and annihilation
steps were so rapid in contrast to the diffusional step that the rate of creep
was dictatedv by the diffusional flux. In view of the’disorder in the grain
boundary, this assumption appears to be quite .g(‘)od and it will be accep_tedL
here, particularly because it enjoys some experimental verification.

Under these assumptions, the difference in concentration of vacancies

between the, gram sides AB and AC becomes about
e o( , _gf,kT[ 70_(1/47— —704

(2 3)
whereD_'is the';atomlc volnme and X isto be taken as sllghtly less than
unity. The value O< thus corrects somewhat for the fact that under’diffn?sf‘ional
conditions the concentrat_ton of the vacancies at the grain boundaries differs
slightly from the equi‘libr‘inm'yalue‘ Eqg. 2. 3, however, can only represent
an approx1mat10n to the facts since vacancies w111 have a shorter diffusion
path near the corners of the grain than in the centers of the edges. Thus,
under steady state condltlons the stress is somewhat relaxed near the
corners and increases as: the center of the boundary is approached Conse-
quently, p varles over the.surface of the gram and has its maximun value
at the center of the boundary At d/4 from the corner of a grain, we
assume that p ﬁZ“ where Zvls the macroscoplc shear stress andﬁ has

a value of near unlty For thls pomt the d1ffus1on path is apporx1mately

7T/2 (d /4) and therefore the concentratlon gradlent for thls path is about

= edep oo
J SENLy
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— 634:/44’ é—g—zl’ ,BZ“SL/

f—cT _ eAe +7 o
W‘d/g Q7d | z | -

/9 for the usual values of the applied stress, a4

%7— | g
ct—c™  JxfQie 1%47“

7as QT IRT (2.4)

If h is taken as the height of an atom, the area of an atom is 19% /h.

or, since

The flux of atoms across an atomic area at d/4 from the corner along

AC and at d/4 from the corner along AB is

10N cT-c~
J— _DV V2 2. 5)

where Dv is the d1ffus1v1ty of a vacancy. Each such atomic transfer

results in increasing AC by h and decreasing AB by h. The shear
strain is therefore YL= 2h/d per atom transferred Consequently the creep

rate approximates

‘f___ 32 dﬂ—(zyﬁ ‘?4—)— 320</B—£2VDZL ,

7 dRAT = T dRAT rz. ? -
where D , the self diffusivity, is equal to D, e—~ $/443T - Tne rnore» -
sophisticated anaiysis ‘of Herring gives approximately the same answer.

Herring also dlscussed the effect of varlous graln shapes on the creep rate
The s1gn1f1cant charactemstws of creep by means of the stress-
directed d1ffus1on of vacanc1es are as follows:
1. Absence of a prlmary stage or any pronounced trans1ents
2. An actlvatlon energy that equals that for volume self-diffusion

3. A creep rate that increases lmearly w1th the stress

>

. A creep rate that varies mversely Wlth the square of the grain d1ameter
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" 5. A creep rate that'can be approximated by Eq. 2. 6 allowing for
small variations of { 0(/3 ) from unity because of variations in
grain size and irregularities in grain shape.

The Nabarro approach assumes that a vacancy has a high probability
of moving out of the boundary so that diffusion occurs f)rimariiy thrdugh the
volume pf the grain. We will now explore this assumption. If diffusion takes .
place élong the boﬁndaryg say over an average distance d/2, the time, t,

for this migration will be giveu by approximately

ya
(£ _ _
4D, t - / S | e

where D g is the vacancy diffusivity in the boundary. We wish now to

determine what the probability might be for a vacancy to remain in the
boundary for a time as long as t. The probability that a boundary vacancy
will leave the boundary in any one vibration is |

- 9t —9a I/
707; //(p c »/@T e (2. 8)

The one-sixth term ari‘ise;é from the fact that the vacancy can leave the

boundary only in the +z »di;vrécti;)n; the x and y directions being Sel‘ecvted
to be the bound‘éfy, In order to escape from the boundary, the vacancy must
acquire the additional energy g ~ &gy where g 'i-s the free energy of |
formation of a vacancy in the g.rain and Eip ¢ which is smallerv thén ¢ s

is the free énérgy of formation of a vacancy in the gf’ain boundary. Further-
more, to move the vacaﬁcy it must also acquire the free energy for activation
of motion of a vacan_c:y ,ac’r’oss“the;boundary, namely g Vacancies can
also enter the boundéry- f’rorﬁ the gré;ino "For? the purposé 6f the present

calcula‘cion; we assume that there are ample sources and sinks in the form



-12- UCRL-10598

of jogs on the dislocations to maintain the equilibrium number of vacancies
in the grain. Consequently the probability that a vacancy will enter the

boundary is

— I T gT e AT
7@“&6

and the net probability that a vacancy will leave the boundary is then given

> B Fetdm oL
/ AT g
;= — 6’ 7%_}—
AR _{} 2. 10)

The probability that a vacancy will not move out of the boundary in

(2.9)

one vibration is (1 - p), and therefore the probability it will remain in

the boundary for n shakes is

, n 2,2
P=0-A"=0- 7
wherey is the frequency of vibration of an atom in the boundary. There-
fore the probability that grain boundary diffusion will predommate is about
__<%F_C£¥b+%m %0’
é (2.12)

To estimate this probability we let
D.=t% e dref kT
Vb 4

and write Eq. 2.12 as

(2.11)

(2.13)

P/-——e Eralre *T- @18
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We note that the larger d is and the larger Emb is, the less probable is
grain boundary diffusion. But the larger gt 8, " &g is, the more
probable grain boundary diffusion becomes. In order to illustrate this

problem, we take the following sets of values

I II IIT
d =1000b - d=1000b d= 100b
€mb : gmb = gmb
*T - 20 T - 40 T - 20

and arrive at the values of P given in Fig. 2.2, These data reveal that

the principal variable that discriminates betwe_e:n volume and grain boundary
8t 8m " By | o

-creep is T ., - For the lower melting témperature metals, where

this is less than about 30, Volﬁme diffusion will predominate. But where
&+ 8 ~ Bpp
kT

-is more than about 30, which might apply to the refractory

-metals and some ceramic materials, the process should occur predominately

by grain boundary diffusion.

The derivation of the equation for stress-directed diffusion of vacan-
cies exclusively by means: of grain boundary'diffusion follows the same |
principles already established by Nabarro for volume diffusion. The result

is easily shown to be approximately

N gL, Dy 7
d? kT o (2.15)
‘

The only significant_differénce between the creep rate by grain boundary

diffusion, Eq.2.15, as contrasted to that for volume diffusion, Eq. 2.6, con-
cerns the diffusivity: Therefore the activation energy for the grain boundary
diffusion mechanism is somewhat less than that for the volume diffusion

mechanism.
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Fig. 2.2. Probability that a vacancy will remain in the grain
boundary during diffusion.
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Whereas Eq. 2.6 and 2.15 represent the two extremes that might be
encountered, in many cases both mechanisms might contribute simultaneously.
The creep rate in such cases is not given by a linear average of the two alter-
nate mechanisms. The theory for this general case must yet be developed.

At high temperatures and low vélues of the stress, polycrystalline
Cu, (13) Ag(14) and Au(15) have been shown to creep at rates that increase
linearly with the applied stress. The following Table bermits a comparison

of the activation energies obtained from the creep tests with those for self-

diffusion.
Table 2.1
Activation Energies (cal/mole) :
Metal - For Creep For Volume Self-Diffusion
Cu ' 56, 800 46, 500
Ag (not determined) 46,000
Au - 51,000 53, 000

| The égreement between the activation energies for creep and volume
self—di:ffusion in Au are excellent. It is not evident, however, why the
activation energy for creep of Cu is higher than that for self-diffusion.
In either event, however, volume diffusion and not grain boundary diffusion
appears to be the preferred mechanism:.
For providing a basis 6f comparing theory with experiment, we write

Eq. 2.6 as

\?’ :A D'?7'Z_:_—’ | (2.16)
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Using the data recorded in Table 2.2, we arrive at the recorded values of A.

Table 2.2

Nabarro Creep

<

Metal T D d A A
oK cm?2 /sec’ cm " calc observed
Cu 1324 40.4x101%  19x10°  0.0034  0.0052
~10 -3
Au 1315 2.3x10 6.6 x 10 0.04 0.4

These data reveal that the Nabarro equation gives the correct order cf
magnitude for the creep rate.

It is necessary to emphasize, however, that other mechanisms of
creep can also give a linear dependence of creep rate of stress and an
activation energy for volume self-diffusion. Harper and Dorn<16) have
clearly demonstrated that although these conditions are fulfilled for the
high temperature low stress creep rate of polycrystalline aluminum, the
Nabarro mechanism cannot apply. Markers on the specimen reveal that
creep was not due to increase of atoms in the horizontal grain boundaries but
that the interior of the grains strained. Single crystals gave about the same
creep rate of polycrystals. And the creep rate was about 1300 times
greater than that suggested by the Nabarro equation. It will be shown later
in this report that the creep observed by Harper and Dorn can be attributed
to the motion of jogged screw dislocatiouns.

Considerable interest has developed recently in ascertaining the
basic mechanisms for high temperature creep of ceramic materials. We
will review here those data that appear to Be pertinent to the Nabarro

mechanism. A number of ceramic materials give creep rates at high
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temperatures that increa.se‘ linearly with the applied stress. The activation
energies for creep of these materials are compared with those for sintering

and volume diffusion in Table 2.3.

Table 2.3

Activation Energies For Ceramic Materials

Temperature Grain Size  Activation Energies in Cal/Mole

Ref Material - Range °K = Microns Creep “Sintering Vol. Diffusion

Anion Cation

17 AlLO, Single XI | 152,000
18 Al,O,4 1773-2073 7-34 130,000

19 »A12O3 - | 150,000

20 AlL,0, 1873-2073 3-13 130,000

20 ALO, .1873—2073 50-100 200,000

21 2\1203 1773 ;;’gfje 200,000 -

21 BeO 1923-2018 25 120,000

22 BeO 1873-2273  80-100 | 167000
23  BeO  1644-1811 7.4-10.5 95,800

24 UO, 1073-1273 -- 95,000

24 UO, qq " o 72,000

24 'UO2°16 U - : 65,000

25 Vo, | Y400

26 UO,(?) - 68,000
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Although these daté exhibit considerable scatter and must be deemed
somewhat preliminary, several interesting correlations nevertheless
emerge. The best data for creep of A1203 give activation ené.r:gies ‘
for creep that are slightly below those for sintering and anion volume
diffusion. It is thereforepossible that the high temperature creep
of A1203 might be controlled principally by means of volume anion
diffusion although some grain boundary diffusion may also take place.
It is expected that vacancy diffusion in A1203 is principally controlled
by anion diffusion since the activation energy for cation diffusion is
expected to be much lower than that for anion diffusion. The agree-
ment between the activation energy for creep of BeO and the cation
volume diffusion seems to be somewhat fortuitous since anion diffusion
is expected to have a higher activation energy and therefore is the
slower diffusing species that would control the rate of vacance diffusion.
It is possible here that the high temperature creep of BeO occurs
primarily as a result of grain boundary diffusion in which event the
observed activation energy of 95, 800 cal. /mole for creep might
refer to the activation energy for grain bouﬁdary diffusion of the anion.
T‘he activation energies for creep in defect lattices of UO2 are
sensitive to composition as would be expected.

The data of Folweiler18 on the high temperature creep of
polycrystalline A1203 ., shown in Figs..2.3 and 2.4, reveal that
both the effects of stress and grain size on the creep rate agree

with the expectations of the Nabarro mechanism. Similar results

have been given by Warshaw and Norton. 20
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Fig. 2. 3. Effect of stress on the strain rate of Al
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Assuming
130,000
D, - _ RT
A1203 =1.5x e v
d=7x10%cm
=14 x 10_2>4c:1rn3
2
we calculate, for volume diffusion, that A of Eq.2.6 is 0.825 x 10_12d+9—m——— .
_ . ) yne sec.
The experimentally determined value is 2.4 x 10-12»_&,_ which

dyne sec.

constitutes good verification of the Nabarro mechanism.

The most complete data in support of the Nabarro mechanism of
creep was reported recently by Vandervoort and Bar.rhorez;aTheir data for
high tem‘p»eréture creep of BeO. covered ranges of temperature, stress
and grain size. If we assume thaffor grain boundary diffusion in BeO that

92,000
BT

we can plot their data as shown in Fig. 2.5, as
j%—kT_— -k T
‘ (2.17)
The experimental slope of this curve is Kexp = 9,0 x 10_23cm39 whereas
the theoretical value deduced from Eq.2.15 is 2 x 10_230m3° Thus, good
confirmation of the theory has been achieved with experiment.

Additional critical experiments, however, are needed to provide
information on the activation energies for creep and for diffusion of the anions
and cations in the volume and along the grain boundary. Such experiments
should explore the effects of all of the significant variables. Further theoret-
ical work is needed to establish the creep equation under conditions where

grain boundary and volume diffusion can occur simultaneously.
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Fig. 2.5. vkT/D vs 'r/dz (data of Vandervoort and
Barmore).
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LS

3. High Temperature Creep of Pure Metals

Predictions based on theoretical considerations of the climb of
edge dislocations agree more closely with the known experimental facts
oﬁ the high-temperature steady-state creep of pure polycrystalline metals,
some dilute alpha solid solutions, and some rather stable dispersion
strengthened alloys, than predictions based on any other single mechanism.
Unfortunately, however, none of the several different versions of the climb
theory formulated so far, provide predictions that agree precisely with all
of the known facts. Therefore a critical reanalysis will be made of this
theory, 1eading to a better appreciation of primary creep and consequently,
to a more realistic version of steady state creep that is in better harmony
with curr‘ent knowiedg& Preliminary to such theoretical discussion. however,
we will restate here some of the major experimental observations for which
any good theory of high—femperature creep must account: |

1. D‘urit_lg constant elevated-temperature creep at high stress levels,
creep curves of polycrystalline pure metals exhibit, as shown by the example

27y an initial plastic strain on loading, a primary stage of

in Fig. 3.1,
decreasing creep rates, a secondary stage of constant creep rate, and a
tertiary stage of accelerating creep rates leading to rupture.- We shall not

be concerned here with this terminal stage of creep in spite of its importance,
because it involves the auxiliary factor of microfracturing, and we wish to
confine our attention to the simple case of creep per se.

2. The initial straining is due to the motion of dislocations. Because
of the high temperatures, such low activation energy mechanisms as the
Peierls process, intersection of dislocations and cross-slip, especially
in high stacking fault metals, occur almost.without delay. But as the

dislocations move they interact with each other and produce barriers to

further motion.
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Fig. 3.1. Typical creep curve at elevated temperature.
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3. Once a pattern of barriers is established, further motion of
dislocation can only occur as a result of thermal activation over these
barriers. Only those processes that have activation energies of less than
about 50 kT can be operative.

4, During primary creep, dislocations are being thermally activated
principally over the lower energy baxj'riers° But since the creep rate is
continuously decreasing over this range, more barriers are being intro-
duced as a result of such creep. Since more dislocations are being held
up at barriers, this means that the réduction in the. ci‘eep rate over the
primary stage’is due to the fact that the deunsity of moving dislocations is
decreasing. |

5. If the barriers are removable by recovery, a balance is
eventually achieved between the rate of recovery of the barriers and the
rate at Which they are reintroduced as a result of creep straining. This
happens at the secondary stage Qf cf‘éep, |

6. The strain over the primary stage of creep increases with increasing
stress as shown in Fig. 3.2. (28) This arises becausg’ the higher strain rate
due to the higher stress causes a more rapid introduction of barriers. There-
fore higher strains must be reached, in higher stress tests, before a balaﬁce
can be achieved between the rate of recovery and the rate of reintroduction
of barriers is reached.

7. During higpwtemperature ci‘éep of high' stacking fault energy metals,
subgrains are produced as a result of the formation of both twist and tilt
boundari.és, Low energy twist boundaries are produced by patterns of screw
dislocations. The fprmation of the tilt boundaries is due to polygonization
arising from the introduction of edge dislocations into the tilt wall and the

subsequent climb of such edge dislocations.
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Fig. 3.2. Plot illustrating increasing strain over primary
stage of creep with increasing stress. (After
Sherby and Dorn)
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(29)

8. McLean has shown in a case where grain boundary shearing
was small, that about one-half of the moving dislocations that account for
the creep rate enter the subgrain boundaries.. Evidently the remainder
disappear as a result of mutual annihilation.

9. The angle betweeti adjacent subgrairis continues to increase
uniformly throughout both the primary and secondary stages of creep.
Counsequently the disorientétion Q:f’ the subgrains does not affect the secondary
c.'reep rate. The subgrain boundaries therefore appear to act merely as good
sinks for excess dislocations. This concept is in harmony with the knowledge
that low angle boundaries exhibit only very local stress fields.

10. The subgrain sizes during the primary aind secondary stages of
cbreep are independent of the temperature of test and the strain. They decrease,
however, with inéreasing stresses, as shown in Fig. 3,3:,(30)

11. These observations suggest that the subgrain sizes are due to
the nonhomogeneous straining in ahy one grain as a result of the dissimilarly
oriented neighboring grains. More severe bending and twisting and finer
subgrain sizes are therefore expected for the higher‘ stress tests.

12, Assuming that the degree of disorientation of the subgrains does
not affect the creep rate, and that the subgrains merely act as suitable sinks
for excess dislocations, the barriers that build up during the initial straining
and primary creep must be found within the subgrains.

13. Transmission electron micrography clearly reveals that most of
the dislocations in crept metals that have high stacking fault energies lie in

(34)

the subgrain boundaries. Garafalo, Zwell, Keh and Weissman have shown
that throughout primary creep of Fe, the subgrain size remains substantially
constant but that the disorientation of the subgrains increases and the density

of the dislocations within the subgrains decreases throughout primary creep.
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14. No pilea-up arrays of dislocations hai\(e‘been seen in crept
specimens of high stacking fault metals. The disloéation arrangements
within the subgrains of crept metals are characterized by (a) isolated
dislocations, (b) dipoles and (c) entanglements. Electron transmission
micrographs, shown in Figs. 3.4 to 3.8, that illustrate typical arrangements
of dislocations in crept metals, were kindly furnished by Dr.. Gareth Thomas.

15. More barriers are produced following ‘creep at a higher stress
to the same strain, This fact is illustrated in Fig. 3.,9,(35) When following
creep to-point. A under a high stresv's at 4000 psi, the stress is changed
to 2000 psi, the resulting creep rate immediately following the change in
stress is lower than that obtained at the same stra{n when ¢rept exclusively
at the lower stress level.

16. All of the barriers, however, are recoverable. Regardless of
differences in the voriginal creep stress history, as shown in Fig. 3.9, (35)
the same final seéoﬁdéfy creep rate is reached as is obtained by testing
exclusively at the final stress level. Incidently, the subgrain size is also

recoverable and it is dictated only by the final stress level.

17. The creep curves for a given stress agree well with the empirical
/%T> (t: Const,)

0. (27)

relationship .
y={(te

An example of this is given in Fig. 3.1 The value of the apparent
activation energy, q, so obtained, at least within somewhat limited ranges
of the creep rate for high stacking fault metals, abpéafs to be independent

of the stréess and strain.

18. The creep rate therefore can be approximated by

Ve YT T THT (7= conse)

and consequently the substructural changes during primary creep are a
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ZN-3496

Fig. 3.4. Regions showing entanglements and dipoles.
(Al-1% Mg crept under 2200 psito = 0.078 at 330°C)
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ZN-3494

Fig. 3. 5. Twist boundary and isolated dislocations. (Mo
strained 0.05 and recovered at 1200°C for 3 hours.)
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ZN-3493

Fig. 3.6. Region of severe entanglement leading to large
density of loops and edge dipoles.
(Al-1% Mg crept to £ = 0.037 at 300°C under 3745 psi. )
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3.7. Region showing more or less free dislocations.
(Al1-1% crept to€ = 0.026 at 303°C under 2200 psi. )
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ZN-3497

Fig. 3.8. More or less free dislocations and some dipoles.
(Al-1% Mg crept to™ = 0.026 at 303°C under 2200 psi. )
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-q/kT

function of te and have about the same apparent activation energy as

creep itself. ;

: 19. When we define the apparent activation energy fér’-‘ créep by, q',
: ] Y
where , C§ /gw Y A Q/v\ \/Q
— | ) oA —( L 5
5( /JqT' A =( T

we again find that q' is a constant that is insensitive to the stress level

and the strain.
20, The values of ':vq and q' obtained by the techniques described
above agree very well with each other.

21. Additional confirmation of the significance of diffusion to the

creep rate was illustrated by the interesting correlation shown by Sherby. (36)

The self-diffusivity of Fe in austenite is known to increase with carbon content.

As shown in Fig. 3,11536)' an analogous increase in the Secondary creep rate

also is obtained.

22. Furthermore, as shown in Fig. 3.,12,(40)

the *values of q and q' ,
for many pure metals, agree quite well with the activation energies for self-
diffusion.

23. For low and moderate stresses, as shown in Fig. 3.13,(27’ 41) the
secondary creep rate is related to the stress by

°
' Y. =AT" T =const

where 2.5 ,4., n,é 5.5, dependent on the metal under test.

24. Introducing an empirical activation energy suggests that

\?}S — A/ e—f_ z’/k’_’_f b

The nominal validity of this equation for a number of metals was recently

(42)

reviewed by McLean and Hale, as shown in Fig. 3.14. The agreement

is good at the lower stress levels but the creep rate appears to increase
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Fig. 3.12. Activation energies for high temperature creep
and self-diffusion.
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slightly more rapidly than with a fixed power of the stress at the higher
stress levels.

25, Decrease in stress tests, for creep at the lr;gi'g'her stress levels,

(27,52)

as shown in Fig. 3.15, reveal that

\OX o ac e%t ‘ T: COV\St
where ﬁ appears to be insensitive to the témperatuf.e_ana substructure.
26. When, in the course of a high temperature creep test, the stress
is removed, the elastic strain recovers immediately, following which some
time-dependent negative creep takes place as shown by Bayce, Ludemann,‘

(53)

Shepard, and Dorn. We necessarily conclude that some dislocatio_ns .

are restrained in moving forward by barriers that providé back stresses.

(54)

27. Butcher has shown that the creep rate for a constant shear

stress test decreases when the hydrostatic pressure, p, is increased

according to é : /<
LY _ . KO,
Wh'ereQ‘ o is the atomic volume. In the cross slip region K%&1.4, but at
higher temperétﬁres where the activation energy approximates that for
self-diffusion K2¥0.80. This is in good agreement with the value expected
when the activation enthalpy for creep is equal to that for self-diffusion and
hé = hd =Ugq + de.

The above mentioned experimental observations constitute the major
factors for which any reasonable theory of high-temperature creep must
account. Although other issues of lesser importance might be added to this

summary, they do not appear to be as critical for the formulation of a

theory as those recorded above.
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4, Qualitative Description of

A Theory for Creep of Pure Polycryst«-alline

Metals at High Temperatures

We will now formulate the theory for creep of puré polycrystalline
metals at high temperatures based on the motioq of jogged screw disloca-
tions and the climb of edge dislocations. In doing sb we will borrow
extensively from previous theofetical deductions. But we will so adjust
the assumptions to iagre_e more accurately with the known facts, which
were described in Sec. 3 of this rebort, than was doné in previous formula-
tions of this problein. Although the end result will provide é better apprecia-
tion of creep than was available heretofore, parﬁcula’rly the primary stage,

a complete solution of the problem in all of its genéralities cannot yet be
given. This arises because several signiﬁcént issues 'ar‘e not yet under-
stood in sufficient detail to provide the desired anaiytical formulation; and
also because high Peierlés energy materials and very low stacking fault
energy metals, might cre.ep b_y different mechanisms than those formulated
here.

We will confine our attention to pure polycrystalline high stacking
fault energy metals that are creeping at temperatures above one-half
of their melting temperature. Under these conditions we will assume that
the activation energies for the Peierls mechanism, intersection and cross-—
slip are so much less fhan 50kT, that these processes take place almost
instantaneous.ly;. . -

As (':ree.i; tal-;e.s vlp-_la'c:é di‘s;ll)cé’.tio.ns“ Trriove' to the subgfain boundaries.
But since the creep rafe is not affected by the disorientation of adjacent
subgrains, the subgrain boundaries merely serve as sinks for the disloca-

tions. As shown by Li, 55 stress fields due to subboundaries are short
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range and, therefore, they do not introduce any appreciable long-range
back stresses on tHe moving dislocations. Subgrains are formed in high
stacking fault energy metals by the'ﬁon'—homogeneous stressing at the
grain boundary due’to the different orientations of the adjacent grains.
The locél bending moments and torques to which each grain is subjected
also inéreaser :wi’th the appli'ed' stress. C'o'n‘seq'ue.ntly, finer subgrain sizes
are produced by the‘highér stresses. On this basis we assume that the
significant creep-rate controlling mechanism is determined by the motion
of :dislocatibns within each subgrain and we heré dissociate our analysis
from the subgrain-size considerations that played a role in some of the
previous theories of high temperature creep.

!A'l’thbugh ‘mbst of the dislocations in creep specimen reside in the
.subg'r‘ain' boundary, transmiésién:electron microscopy reveals that there
are also dislocations in the subgrain volume. Some of these dislocations
are responsibl‘é for continued creeping; but the question arises és to how
free dislocations are formied. They might arise as a result of escape from
the subgrair'i boundaries and 'grafn bo*tindarie‘s, or théy maybe produced at
grain boundafies from permanent Frank-Read sources in the .subgraing
from generation of d.isloca‘tions at points of high stress concentration in
- the volume or on the boundary of the subgrains, by multiplication due to
cross-slip, or by climb over barriers and from entanglements. Since
the sub“ng*ain’ boundaries a}'e presumed to be sinks, it is unlikely that they
permit éscapé of dislocations when the stress is held constant. There is
no evidence of multiplication of ‘disl_dcation's"ih‘ high-temperature creep
by either primzarthra‘rik.'-’Réad‘ sources or at points of stress concentration.
Cross-slip and climb, hc.>wé4vv'e'rv'9‘ can provide the necessary generat‘ion

of free dislocations. As a result of éi"oss—slip and climb, each subgrain
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continues to contain in its volume a number of moving dislocatiouns.
Subgraiﬁ volume disl_ocativons are never completely exhauste_d as a result
of migration to the subgrain boundaries because of facile cross-slip and
because of climb from entanglements. Therefore there is no need to .
postulate the existence of special Frank-Read sources, as was done in
some of the previous theories on high temperature creep, which neglected
the role of screw dislocétions, facile cross-slip,and climb from entangle-
ments in their formulation.
Dislocations produced by cross-slip migrate under the applied stress.
As the cross-slipped segment bows out, edge components are formed.
Such edge components, although jogged, can move very rapidly until they
are arrested at some barrier, because the jogs on edge dislocations can
move conservatively. But the forward motion of the jogs on screw segments
of dislocations, restrain the motion of these segments because they move
nonconservatively and therefore require the formation, diffusion and
annihilation of either vacancies or interstitials. Since the energy of
formation of an interstitial is extremely high, however; the motion of
jogged screw dislocations must be almost exclusively attributed to the
vacancy mechanism.
Screw dislocations can undertake several different processes,
dependent on the local geometry: (1) Screw dislocations of opposite signs
on the same slip plane will annihilate each other; (2) screw dislocations
of _the opposite sign on nearby slip planes can cross-slip and annihilate
each other; (3) some can leave the subgrain and enter twist boundaries;
4) and others will cross-slip to provide additional dislocatious.
As shown by Friedel, 56 the lengt_h, l'j , between unit high jogs on a

straight screw dislocation will be given by
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J (4.1)

under equilibrium conditions where b is the Burgers vector, and gj is the
free energy of formation of a jog. When, however, a screw dislocation

is moving, additional jogs having heights of p atﬁovn.ﬁc. blanes, wﬁere P
can be more than unity, are formed. Therefore mc;ving screw dislocations
can have many more jogs than the static equilibrium number dependent

on the frequency of double cross-slip. There are several consequences
of ¢cross-slip: (1) When the superjog length on the crbss=slip plane is
longer than 2 r)/ b(t - @'*) s fhe jog itself will act like a Frank-Read
source and so can provide a supply of dislocations on the cross-slip plane,
Here Fl is the line energy per unit length, Z'-/is the app‘lied stress and
Z’*is the back stress due to other disiocations, Other possibilittes are
shown in Fig. 4.1, (2) when L' is longer than (%% and the jog HI

is sufficiently high so that the positive and negative screw edge segments
of the dislocations can pass each other, the section IJ permits continued
multiplication of dislocatiqns like a Frank-Read source: (3) when L' is

longer than 2 [ / b(2'=- ZL*) , but FG is sufficiently short so that -
' &b
FC g

Poissons: ratio), a dipole FF' and GG of bdé‘i‘tix}e and negative edge

( G = the shear modulus of elasticity and W is

dislocations is_form_gd; (4) But when L is shorter than 2 F/b( f— ZJ.*),
the situation over ABCD prevails. Here the continued motion of the
dislocation results in either the formation or adsorption of vacancies at
the jog, dependent upon Whethe‘r the jog.at BC is a vacancy forming or
an interstitial forming jog» fégr;e.cti'velfy: R

Dipoles also form when positive and negative edge segments of

dislocations on two nearby slip planes cannot pass each other. Because
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MU-29109

Fig. 4. 1. Classes of jogs.
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piled-up arrays of dislocations are not seen'in transmission electron
micrographs of crept metals, long-range back stresses cannot arise from
this source., But there are other sources of back stress fields that proVide
barriers that cannot be surmounted byvtherma‘l fluctuations. . We have
already mentioned the formation of positive and negative edge dislocation
dipoles, which constitutes one example of stress field interactions. Such
dipbles, although they have no long-range stress fields, can nevertheless
interact with other dislocations in their immediate vicinity. Other stress
field barriers that cannot be surmounted by thermal fluctuations can arise
from screw dislocations under certain conditions. When screw dislocations
are severely jogged, they move slowly and introduce back stresses on
other nearby screw dislocations. Entanglements are undoubtedly excellent
sources of interacting stress fields. The recovery of some of the plastic
strain where the stress is removed following high temperature creep
attests to the presence of such back stresses.

" The preceding deductions then suggest the following summary of
our model for high-temperature creep: (1) Dislocatious in high stacking
fault energy crystals cross;slip with ease at \high temperatures;(2) Edge
components move rapidly but become arrested near dislocations of the
opposite sign on néarby slip planes forming dipoles; (3) Other dipoles are
formed by cross-slip of the screw segments of dislocations; (4) Entangle-
ments are produced in the subgrain volumes perhaps due to interactions
between dipoles and glissile dislocations and as a result of facile cross-
slip; (5) Continued creep however depends on the motion of jogged screw
dislocations; (6) As we shall see, both vacancy forming and interstitial
forming jogs can move with about the same velocity at high temperatufes;

(7) But the presence of the dipoles and entanglements limits the length of
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the glissile screw segments of dislocations;(8) And back stresses restrain
their motion; (9) If the dipoles did not recover, the subgrains would become
cluttered up with dipoles and the creep rate would become vanishingly
small; (10) The positive and negative dislocations of the dipoles annihilate
each other by the climb mechanism; (11) The creep rate, however, as

seen by this model depends on the motion of jogged screw dislocations;

(12) The substructure in the volume of the subgrain provides more substan-
tial barriers and the length of the glissile screw dislocations decreases
over the primary stage of creep, thus accounting for the decreasing creep
rate; (13) But the secondary creep rate is reached when the rate of gnnihila-
tion of the dipoles and euntanglements by climb equals their rate‘of formation;
(14) The subgtrain boundaries play only a rather passive role in this process

so long as the stress is constant.
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5. Quantitative Formulation of a Theo:':ry

for Creep:of Pure Polycrystalline Metals at High Temperatures

The quantitative theory. for high temperature creep that willv be
presented here, is formulated in terms of the concepts rdjiscussed qualita-
tively in- Sec~.:4.. Although some of the details of é;i'ch issue that is
involved have been stated previously in the literature, they will be briefly
reviewed here again for the sake of completeness,. The only new issue
concerns thfe viewpoint that will be taken and how the individual items will
be specializ\ed and introduced into this reformulation to provide a more
complete and more reélistic theory of high temperature creep than those-
that were presentevd previouslyo We shall particularly efrrnp‘fiéﬂs'ize the
primary stage of creep since this has been largely neglected in the past.

High-temperature creep will be considered to be controlled by the
thermally activated motion of jogged screw dislocations. This subject has
already been discussed by Mott, 57 Seeger58 and Friedel. 59 The approach
we will use here is based essentially on the discussion by Hirsch and
Warrington, 60 The strain rate due to the motion o joggéd screw disloca-
tions is simply S S \

S ¥=p b
where the superscripts refer only to the screw componen‘ts,\;o being the
total length per unit volume andS(U' is the mean velocity of the active screw
dislocations. We emphasize the point that SP is the total length of the
moving screw dislocations. It does not include screw dislocations held up
at barriers or incorporated in the entan_gl»ementso The reason for this
defi’nition of ‘73 will become clear later,

The mean velocity of a screw dislocation depends on the details of

the mechanism that takes place at the jog. As shown in Fig. 5.1, the
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MU-29110

Fig. 5.1. Force on a jog due to a stress.
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motion of the dislocation is restrained at the jogs P2 s P1 , and P3, etc,
But as a result of the local stress Z"— 2 , the screw dislocation will bow out

and acquire a radius of curvature given by

[
b(1—1%)

JL= - (5.1)

Thus a force

=2 caslot—8/z)=2 [cosa s Pt snd 5.2
acts to move the jog forward. But since .

o L __/Z“—ZL%//J%
i gs= e = P

and

oo fi- (4 T Y

the angle ©/2 depends only on)g' and (Z‘—Z{' If the most difficult process

2

(5.4)

1 1 will lag behind P, and P, cau.s’irigO( to

decrease and therefore the force on P1 to increase. Thus local adjust-

occurs at P, , the point P

ments of this type give a rather uniform forward motion of all of the jogs.

As a statistical average, therefore, the mean force per-atom plane height

r ( 7 )7" 5.5)

But since long—rangé back stresses vary periodically over the volume of a

is

lattice such thatv/zﬂdnfh 0, the fnean force acting on a unit height of a
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jog on a moving dislecation is simply about
A ZL |
710 = f . (5.6)
As described by Friedel, 26 thermal fluctuations assist the mean force
acting on each atomic plane height of the jog to either produce or absorb
vacancies respectively, dependent on whether t'he‘ jog is a vacancy forming
or an’interstitial forming jog. For example, the net frequency of the
absorption of a vacancy at an interstitial formmg jog is §1ven by
Tl b
P’_ﬂ(‘—)(z /)6 6 PRT
- T~ T
—Hz-7)e e (5.7)

where

‘ﬂ= the Debye frequency

- = the probability of a vacancy being adjacent to the jog

s
I’)6 = the number of lattice sites per unit volume

o]
]

the number of vacancies per unit volume of the jog

the coordination number

m‘
it

= the probability of a thermal fluctuation needed to move the vacancy

® 1
s

to the jog

§

the free energy of activation for the motion of a vacancy
Z“'é.lé = the average work done by the applied stress per vacancy absorbed
g¢ = the free energy for the formation of a vacancy.
Whereas the first term following the equality gives the frequency of
absorption of a vacancy, the second term refers to the frequency with
which a vacancy can be produced at this jog: Diffusion of vacancies is
known to occur so rapidly:-at; temperatures above one-half of the melting

temperature that n<® n,, the equilibrium concentration of vacancies.
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Therefore n~/ng?2 no/ng . Since the super jog of the screw dislocation.

moves forward one Burgers ve/ctor per p vacancies that are produced
Py T [
J
-’-‘-%——(Z—/)ﬂe {6 Mﬂ___/}

where g‘,a = g¢ + g, ‘is the free énergy for activation of diffusion. A

(5.8)

similar expression is readily obtained for the forward motion of a vacancy
forming super jog. No speciai consideration need be gi.vé'n the interstitial
forming jogs, since they can move with about the same velocity as vaéancy
forming jogé, Very likely, however, some of the ifiterstitial forming jogs
will slide conservatively along the screw dislocation and thus be annihilated
as suggested by Hirsch. 61

Although the qualitative bases for the formulation if Eq. 5.8 for high
temperature creep are rather sound, it is yet necessary to show that it is
in good quanﬁtati.ve agfeemem’; with the experimental facts. The major
issues concern whether it predicts reasonably accurately both the effect
of temperature and the effect of stress on the creep rate. TUnfortunately
a simple direct comparison is not obtainable inasmuch as the substructural
changes taking place over the primary stages of creep are dependent on

4

in Eq. 5.8 might depend implicitly on the stress as well as the substructure.

N)
the stress. Thus the substructural parameters /%b and 70 appearmg

The apparent activation energy, obtained by the effect of an abrupt

change in temperature on the creep rate is g‘iven by

- iy
Wb _ P PR ERE

“aAT) aGH T [(e%’—g/

(5.9}
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where hd is the enthalph for diffusion, and is obtained from the well-

known thermodynamic relationship

) g@%ﬂ)
SN (kT .10

The presence of the term involving the change in the density of screw

dislocations with temperature arises from the fact that the interaction
stress fields of dislocations decrease as the temperature increases.
Consequently some dislocations that are just at rest near a peak inter-
action stress will be released when the temperature is increased. It is
expected, however, that this contributes only a small positive term to q.
Since the observed activation energy for high temperature creep is known
to be about eqﬁal to that for self diffusion, it necessarily follows also that
ZL/‘Z/« 62< pkT for the cases studied. Under these conditions, the apparent
activation energy for creep is independent of the stress and differs only
slightly from that for self diffusion.

A further justification of the smallness of /@ /p is obtained when we
consider the known effects of abrupt decreases in stress on the creep rate.

We suggest here that

_ 5@“\?&_—_ U ? + 7‘%7_—6 AT .
N e

The major difference, therefore, between previous formulations of the

theory for the motion of jogged screw dislocationé and the present one

concerns retention of the first terpg:_following the second equality sign.
. It arises from the fact that dislocations within the subgrain interact with
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each other. As shown schematically in Fig. 5.2, the interaction stresses
leévary over the slip plane. When a stress ZLz is applied,  all the
dislocations excepting f will be moving through the crystal. But when the
stress is changed to t/ dislocations ¢ and d w111 no longer countribute
to the total length of moving dislocations. Thus /ﬂ decreases for a given
substructure as ZVIS decreased. It has been shown in Sec. 3,0of this report

that/g is insensitive to the temperature, an experimental fact which

requires that 2 é P
T <S5

This suggests that most of the effect of changes in stress on the creep rate

must arlse from the change in the density of moving dlslocatlons with stress.
According to thls 1nterpretat1on the creep data for Al require- that 13
cannot be much greater than about 40b. Therefore the dlstance between

the jogs of movmg dlslocatlons is less than the equ111br1um dlstance

”*3//?7"

/Z . be B2
where g; LS the free energy of formation of a jog. But since we have
confined out attention to high stacking fault metals in which cross-slip
can occur 'ﬂev'asily, the small value suggested for 1j is quite reasonable.

Partlal conflrmatlon of the validity of Eq. 5.8 was obtained by the
low stress tests on creep of Al which were reported some time ago
by Harper and Dorn. -L6For 1ow stresses Eq 5.8 reduces to the linear

relationship between strain rate and stress

Pj (Z /)yéﬁl 'f;&d/’% %J//?‘T'

The creep curves at the lower stress levels gave practically zero initial

(5.13)

straining and gave the secondary creep rate almost immediately, indicative
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MU-29111

Fig. 5.2. Schematic of variation of interaction stresses "
over the slip plane.



-59- UCRL-10598

of the concept that only negligible.changes in substructure took place. The
apparent activation energy for creep was found to be 35, 500 cal./mole, and
the steady state creep rate shown in Fig. 5.3 as a function of Stress was

obtgined. Using the values of

Z A

z =12
_ -8,
b=2,86 x10 "cm
Ky ) : :
we deduce that —ﬁ/i“— has the value of about 1.6 x 10’.50m~1., In view
of the low stresses employed here, the dengity of moving dislocations -
Ny
y2
2

as low as is suggested by the small value of is quii:-é.possibleo

When stresses above é.bdut 1.2 x 106dynes/cm2 are a;plied, the
‘usual initial creep strain followed by primary creep is obtained, the creep
rate no longer being linear with the stress. Under these circﬁmstances
Eq. 5.8 should apply. Since ‘lj is not expected to vary much with stress or
temperature, we must assum.e that}SOi.s the major pertinent structural
variable. The initial straining upon loading increases the number of
dislocations present. During the course of primary creep, however, \j/.’)
must d.ecrease as dislocations enter either the subgrain boundaries or
entanglements and as more effective barriers to the motion of dislocatiouns
are established. The decrgasing creep rate over the primary stage of
creep is therefore directly related to the decreasing density of the mobile
dislocations. |

Inasmuch as noidirect measure of lj /p has yet been es’t‘ablish'ed,
it is not possible to accurately determine the value of SF . The trends,
however, can be illustrated by arbitrarily selecting }lj /p to equal, for
example, the not unreasonable value of 20b . The va.lués of\jp obtained

for this rather arbitrary illustration-are shown in Fig. 5.4. 62 These values
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Fig. 5. 3. Effect of low stresses on the secondary creep rate

of high purity aluminum at 920°K.

Dorn. )

(After Harper and



-61l-. UCRL-10598

108— .

Te250PSI. |

|05 I 1 1 1 ' | 1
0 002 004 0.06 008 _0I0 .02 . ,h 0l4
STRAIN" o SR

B S T - ST T T MuFenas

Fig...5.4.. Variation of the density of moving screw dislocations
"7 with strain in pure annealed aluminum. “(Unpublished data °
of Raymond. ) : : L

-



-62- UCRL-10598

of S/O are not unreasonable, particularly in view of the fact that selection
of somewhat higher values of 1j would result in lower estimates of 70 .
It therefore appears that this theory is consistent with all of the experimental
facts.
The concept that Sﬁ is the major substructural variable in the high-

temperature creep of many metals is further cbnfirmed by the study of
the effect of cold work on the creep resistance. During cold work many
~dipoles and extensive entanglements are produced. We therefore expect
that the creép rate of a cold-worked metal would therefore be much less
than that for an annealed specimen and that recovery during creep, which
would release extra dislocations for flow would result in an increasing
creep rate until the secondary stage ié reached. The validity of this
suggestion is shown in Fig. 5.5 for severely cold—workéd Al. The activation
energy for creep was determined to be 36,000 cal/mole. Using the same
assumed values of lj /p= 20b, as in the example of ‘fhe high temperature.
creep of annealed Al, the calculated value off@ increases with creep of
cold-worked Al as shown in Fig.5.6. Again lower values of ;b are possible
by selecting higher values of 1y - |

) "The secondary stage of cféep occurs when the>rate of generation of
substructure due to crveep itself is balanced by the rate of disappearance
of the substructure by recovery. Therefore additior;al information concerning
creep can be obtained from recovery investigations. As we have seen, how-
ever, the substructuré is quite complex, consisting of liberated dislocatious,
dipoles and entanglements in addition to subgrains. It is for this reason that

no wholly satisfactory theory has yet been developed for the secondary creep

rate.
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Fig. 5.5. Plot illustrating the increasing creep rate ot pure
aluminum.
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Fig. 5.6. Variation of Sp with strain in cold worked pure
aluminum.
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The entanglements that are observed, appear to be the most significant
substructural details seen in crept specimens of high stacking fault energy
materials., And therefore a complete understanding of high temperature
creep must depend on more detlailed knowlecige of how and why they form
and how they might récover, ‘Lacking sﬁfﬁcient information on this issue,

. we might nevertheless attempt some crude alternate analyses: For example,
the existence of a steédy state during the secondary stage of creep demands
complete microscopic balance between the rate of formation and the rate

of annihilati(;n of any one of the numerous significant substructural details.
Thus, although we cannét yet treat entanglements satisfactorily, we might
first approach the easier problem of studying the formation and disappear-
ance of dipoles. The analysis to be given here differs only slightly in content,
but nevertheless significantly in concept from that suggested by Chang. 48

We will let n{;:? . be the number of dipoles per unit volume where the
bositive and negative edge dislocations are a distance y apart. We will
assume that sﬁch dipoles are e],i;-.minated by climb induced by the stress

C);){ as shown in Fig. 5.7, Therefore the net rate of formation of dipoles

dafup =02, — (%), + iy

Where %is the fre'quency for a unit climb. Therefore ( nﬁj) +a is the

(5.14)

number of dipoles tha‘t are gained as a result of climb from a separatx,on

(y +a) toa separatlon Y, (n'72_)y are those of height y that are lost

due to climb, % is the.frequency .o‘f>a_ unit clixﬁb and k {X})’ the number
of dipoles of height y that aré forméd as a res.ult of slip of screw disloca-
tions per unit area, can (to a good first approximation) be taken as a

small constant. If L is the mean free path of cross-slip, elementary
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Fig. 5.7. Elimination of dipoles by stress induced climb.
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statistics demands that k{y} = k e-y/L —and therefore at the secondary
stage of creep, where dn/dt =0, we have 60"5& : <’_) X — + koe“_yS/L
)(/Q/D— 0 . This equation is readily integrated to give n = ns(y) B N
The maximum value of y above which dipoles cannot form is
Gb 63
vy = . . For steady state conditions of n at y__ we have,
m gI-Y)E m
ffom Eq.5.14 that _ (Efm/
| b € “ Par
//}5 —VC,) - 6 ]D
gm >
or . '
s ym % Ir

/O/f_ . o /L (5.15)

Thus the secondary creep rate can be expressed either by .

s JJ b — ooy 248
o= V=—((2-/ : 7
% @ ° 7 < )7 © M__//)(s,m»

in terms of the motion of jogged screw dislocations or by

.° __ ”Saégm _/ -

\6‘ C at 6’%
s % — /L,
in terms .of climb. - Using l?‘r'iedel‘sf)f6 expression, for climb we have

— ?4%{;7/7 G

e F

(5.17)

—) 2(zZ-
Uy = T2 /) €

" where p; is the probability of finding a jog on the climbing edge dislocations,

(5.18)

Q is.ab‘ou't the atomic vélume and
= 72t ad
XK 8/7\ (/ ""/'L) gm |

Consequently, expanding the term in the brackets of Eq.5.16 into a-

Taylors series |  ‘ '- — A4 Gé
g/é Z‘_Q 877‘4(/-,0()6"

\(‘ Wsatg/m Dé(Z-—/?e m (5.19)
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Although this expression gives the experimentally observed activation
energy for sécondarby creep, it is yet incomplete since n, at y depends
on the stress. The same criticism can be leveled at all previous theories
purporting to determine the stress laws for the secondary creep rate.
All previous theories for creep by climb developed the stress laws by
introducing questionable assumptions. The eventual solution of the
problem of steady state creep will depend on a more intimate under-
standing of the formation, nature, and recovery of the substructufe,
particularly entanglements, and the introduction of these concepts into
a simple theoretical structure.

In order to obtain the empirical relationship that the secondary creep

rate increases with the stress to the fifth power, ChristyG4 and Weertman65

had assumed that climb was induced by pileé—up arrays of dislocations.
But such arrays are not seen and therefore the details of their approach
are highly suspect. On the other hand it is possible that the stress fields
induced by entanglements lead to stress concentrations that are found
necessary to give a creep rate that varies with about t;he fifth power of the
stress.

From the viewpoint of understanding the variation of substructure

during creep on the creep rate, the most important observation is contained

in the empirical expression discussed in Sec. 3, that

\/':: -p (@) when . t‘= constant

g (5.20)
where 6 = te —ﬁ. Therefore
/ -8
podfde. o AT

Y= J6 Jt
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Consequently, ;if the theory for creep based on the motion of jogged screw
S
dislocations is to be acceptable, we must associate f' {9} with f such

that

+/ld/
Pé (z-1)2e

for a given stress, assuming that- q is to be associated with approximately

(5.22)

Uqg-

Although a completely satisfactory ﬁro.df of the nominal validity of
Eq.5.22 is not yet available, ‘it is possible to crudely set forth the fact
that the theory for the motion of jogged screw dislocations, supplemented
with recovery by climb, gives, at least very closely, the relationship
demanded by experiment.

The rate of change of the density of screw dislocations depends on the
rate at which they are born as a result of climb from entanglements, etc.,
minus the rate at which they enter the subgrain boundary or are othérwise
arrested at entanglements or other'Points in the subgrain volume. We

crudely let this be

(5.23)
where N is'the number o"f‘regi'on's for climb per unit volume, P*IS the
‘length of screw produced per released -dislocation and i is the mean time
of release of a dlslocatlon due to climb. The flrst term beyond the equality
therefore refers to the rate of formation of dislocations by chmb whereas
the second term states ‘that thelr rate of dlsappearance depends on/DOf',
When the prev1ous1y discussed values for‘zf and Lffare introduced, we
1mmed1ate1y see that 22 ‘depends on the temperature principally through

dt
/?T The maJor v1rtue of the broposed theory, therefore, resides in
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the fact that, at least to a first approximation, it does account for the
observed relationship 6f Eq. 5.20.

It is not proposed that all materials creep at high temperatures as a
result of the motioh of jogged screw dislocations. | The Peierl's mechanism,
cross slip,. or some other process might he strain-rate eleri't\rolling for
prismatic slip in hexagonal metals and in some intermediate phases. Even
when the nmotion of jogged screw dislocations determines the creep rate, some
minor variants of the proposed theory might apply. For .example, at temper-
atures near or slightly below one-half of the melting temperature, two varia-
tions of the proposed theory become possible, 1) Vacanecies produced at
jogs might:not be able to diffuse away.sufficiently rapidly and in this case.
hd must be replaced by the smaller quantity hf where hf is the enthalpy
for the formation of a vacancy in a supersaturation of vacancies. - Here
also the reverse reaction must be formulated to take such excess vacauncies
into account, 2) Alternately diffusion may take place along the cores of the
dislocations. Here hy in the theory must be replaced by the smaller value
of h'd which equals the sums of the enthalpies for formation and motion of
vacancies along the dislocations.

Metals having low stacking fault energies might form piled—up disloca-
tion arrays which would necessitate retaining the long range back stress
term, , Z(‘*, in the formulatlon 'of the theory and perhaps modlfy the role of
climb of dislocatlons in the recovery mechanism. Low stacking fault energy
metals are expected to cross-slip 'less frevquen‘tly and thus shoald exhibit
higher values.of‘ 1j . Frorh»t_he practical viewpoint_ this suggests that the
jogged screw d1slocat1ons m such metals will have hlgher veloc1t1es but

they will not chmb as rapldly The latter suggests that such metals should

reach the secondary stage of creep earlier and .that_thelr secondary creep
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rate should be lower than that for the higher stacking fault metals. From
this basic viewpoint, lower stacking fault metals should give apparent
activation energies, q;, that decrease linearly with the applied stress.
Furthermore, the strain rate sensitivity,.ﬁ , should be slightly temperature
sensitive. ‘These two effects should also be noted:in-the higher stacking
fault metals that are deformed at higher stress levels.

"« In the previous discussion it was assumed that »»pj, the probability
of finding a jog, was always high, there being an ample supply of jogs to
perndit rapid climb. If this is not the case, pj_ might be given by the
-g; [kT

equilibrium number of jogs, e , where g; is the free energy of -

d

climb must be replaced by hy + hj where hj is the enthalpy for the forma-

tion of a jog. It is also possible under forced climb that the jogs are being

formation of a jog. " In this event the enthalpy term, h: in the equation for

used up more rapidly than new ones are created. In this event the term hd
in the climb equation must be replaced with hd + hj" where hjv approaches
the activatiqn enthalpy for the formation of a jog and is therefore greater -
than hj,r ’

Although these variations in the theory need to be considered, the
current evidence suggests that Eq. 5.22, .is nevertheless, in good agreement
with the known facts. The missing information concerns the theoretical
determination of howfo'q:hanges during the course of creep. and how; in
detail, it depends on str’e‘ss," structure and time. --‘This formulation, of -
course, must be based on more complete evidence from -electron microscopy

relative to the types of substiructure that are significant to creep. -
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6. Polyphase Alloys

All highly creep resistant alloys contain at least two phases and at
least one of these is hard and strong. Three separate types of creep
resistant polyphase structures, shown schematically in Fig. 6.1, exist,
And all three types of structures can coexist at one time in a single-
polyphase alloy. FEach type of structure is significéntly different from
the others, and each provides its own unique mechanism of creep strength-
ening. Such structures can change during the course of creep by more
precipitation, overaging, and spheroidization; furthermore, dislocations
in the matrix can interact with the solute atoms that are present. We will
postpone consideration of such complications for the present and also confine
our attention to cases where the polyphase structure remains reasonably
stable during the course of creep.

Each structure has its own unique effect on the creep resistance
of a polyphase alloy. The alloy that has a continuous hard phase .about
the ductile matrix can only creep as the hard phase itself either creeps
or fracture‘s. When the continuous phase is tenacious, strong and stable,
highly creep resistant alloys are obtained, but they will be brittle at low
temperatures.

Creep in each soft matrix grain of the aggregated alloy must take
place in a fashion analogous to that of an alpha solid-solution alloy. But,
dislocations will pile-up at the boundary of the hard phase resulting in
back stresses on other dislocations in the soft grains and thereby arresting
their motion. Such back stresses can be relieved by recovery in the soft
matrix grain, deformation of the hard phase as a result of high stress
concentrations, and also fracturing of the hard brittle phase. The

aggregated structure has lower creep resistance than the two remaining

types.
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~A. DISPERSION ALLOY.

C. CONTINUOUS HARD PHASE
ALLOY.

MUB-1579

Fig. 6. 1. Schematic diagram of creep resistant polyphase
structures.
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The most commonly practiced method of improving the creep
resistance cousists in forming a rather stable dispersion strengthened
alloy by precipitation hardening. Dispersed particles in the boundaries
of the matrix grains serve to prevent grain boundary shearing. This not
only reduces the creep rate by the amount of grain boundary shearing,
but it also results in the presence of higher back stresses on dislocations
by the amount the back stresses would have been relaxed by grain boundary
shearing. Moving dislocations in the grain of a dispersion strengthened
alloy can interact in various ways with the dispersed particles; they might
cross-slip, climb, cause deformation in the particles, or fracture of the
particles. It is not surprisi'ng that, in view of the complexity of this
problem, very little quantifative experimental work or theoretical analyses
have been made to foster a better understanding of the creep of polyphase
alloys.

As discussed by Grant and P}f‘eston66 in their 1956 revi'ew of the
subject and as presented more recently by Guar‘d67 in the 1960 A.S. M.
Symposium on Strengthening Mechanisms in Solids, current theories of
dispersion strengthening are based on Fisher, Hart and Pry's68 extension
of Orowan’s69 original concept. Orowan suggested that as slip takes place,
dislocation loops can extrude between adjacent particles on the slip plane,
as shown in Fig.6.2. Consequently the yield strength deepends on the
particle spacing )\ according to the Frank-Read equation

I"_I
* ,,
» [-U"= L N2 (6.1)

where is the back stress acting on the moving dislocations. Fisher,

Hart and Pry further suggest that the loops: of dislocations left about the
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{a) DISLOCATION (b) RINGS LEFT
EXTRUDING BETWEEN ABOUT PARTICLES.
PARTICLES.

Mu-29117

Fig. 6.2. Schematic of dislocations extruding between
particles as suggest by Orowan.
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particles result in a back stress

3
— ngbf?
JL (6.2)

where

the average number of loops about the particle and depends on

Z
n

the strain
r = the mean particle radius and
£

which causes very rapid strain hardening. Therefore the flow stress for

the volume fraction of dispersed phases

plastic deformation depends on the particle spacing )\ and the mean

particle ra’dius, r . The finer the dipersion, the greater is the strengthening.
At low temperatures they assumed that the hardening increased with strain

as a result of the iﬁcreasing number of loops about the particles. The
maximum hardness that can be achieved is either that which causes plastic
deformation or fracture of the particle under the stress concentrations due

to piled-up dislocations. Under a constant stress, a fixed strain results
when the back-stress fields due to arrested dislocations and loops equals

the applied stress.

Weertman?o and Ansel and Weer’cman'?1 have shown that deformation
of a dispersion hardened alloy under constant stress can continue to take
place at high temperatures as a result of climb of dislocations. They
assumed that dislocations originated at fixed Frank-Read sources, of
which there are M distributed at random per unit volume. Under the
action of an applied stress, dislocations move out from these sources
producing a series of concentric rings about the sources to a maximum
radius L , until they interact with each other and thus stop the sources.

When the dislocations in the outermost rings from the series of sources
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climb and annihilate each other, an area T L2 is swept out per source.

~ Consequently, the steady state creep rate should be given by

. 2 _
Y;:MTFL"E/‘Q - (6.3)

where -{c is the average time for complete climb of a dislocation. If
however the near sources reside on slip planes about a distance h apart

MT LA =/

and, therefore

\)_;: j—g‘_ . (6.4)

where the height of climb, h, is now associated with the mean height of

the particle.
70 .
Weertman  suggested that two types of creep laws were operative
Ao
dependent on the stress.: When2f/é_-,[,< é < 2%)\ dislocations can-
not form loops about the particles, but Weertman suggests that they never-

theless climb. From the frequency of a unit climb given by Eq. 5.18, we

il )
| _a?(z-/) e / / %Q
= 7 7 € -/
¢ ’ ' J (6.5)
suggesting that, since G;y is small here, |

Gobad(z=l) i gL
s %2 J ,AT | (6.6)

This coincides with Weertman's equation when U;yis,taken to equal Zd

obtain

It is, however, difficult to justify this equality since the major stress
field that is acting in this instance arises from the image field of the

blocked dislocation which gives Q;X = O at.the core of the dislocation,
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At 'h'igher stress levels ’We}e‘r"tmanrzo suggests that piled-up dislocations

give g 2
2L\ b
Qyy = G -

(6.7)
and, loops do form about the particles.. The distance a loop must climb
before another can form is : ’
G2L°
A= 2 1P\ (6.8)
But it is difficult to visualize the details of climb if all loops start out
on the same slip plane because here again (]:); = 0. For the higher

stresses Weertman gets, the equivalent of

2 — 34
ke 2 gy

for the secondary creep rate.

2?Aé

I

(6 9)

Unfortunately there is practically no good data available to check
Weertman's theory. ' The most pertinent appears to be that obtained by
Giedt, Sherby and Dor'n72 a number of years ago on the creep of dispersions
of CﬁAlz in an Al solid solution matrix. An acfcivation energy for creep of
37,000 cal. /mole was obtained, a value only 1, 500 calories per mole
above that estimated for self diffusion of Al and therefore in_ crude agree-
ment with the theory in thisvrespe.ctn ."The secondary c.ree‘p rate could be

approximated in most cases by

RS PAVEL

GmArteT AT

Where the average constants shovvn in Table 6. 1 were obtained.

(6.10)
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Table 6.1

Alloy Temperature A : -~ h A n
%Cu oK cm cm
3.05 422 9.7x10°° 1.57x10 ¥ | 1.5
3.05 422 9.6x10 % 15x10 % |8.85x101% o0.88]

o | -3 _ -4 10 =
3.05 477 9.7x10 1.57x10 | 20x 10 81

- -4

3.05 477 9.6x10 % 15x10 % 6ax10t° .81
3.05 530 9.7x10° 1.57x10° %] 13x101 | .63
3.05 530 9.6x10°4 15%x10 *|o.64x10% | 1.56
3.05 578 9.7x10 3 1.57x10 4! 20.2x10' Y] .49
3.05 578 9.6x10 % 15x10 %] 30.6 x10 | 1.6

As noted in Table 6.1, the value of n was always greater than that
suggested by theory (namely, 4 as expansion of Eq. 6.9 into a Taylor’s :
series.reveals). . Furthermore A was not proportional to AZ//L .
Consequently, the theory does not agree well with the limited, somewhat
scattered,data currently available.

‘In their creep studies on'a SAP alloy, Ansel and Weertman obtained .
an activation energy of about 150, 000 cal. /mole. -Since climb in a disper-
sion hardened Al alloy should give a value of about 35, 500 cal. /mole, -
that estimated for diffusion,. the creep of SAP, as we‘will describe more
fully later,: must undertake some other mechanism than that postulated
for the usual dispersion str»engthen-éd‘ alloys. |

Owr uncbr's‘tarﬂirg,d' highcreep résistance of dispersi,oq/istrengthened alloys
could be advanced appreciably by ﬁore critical \exp-erim".envtal investigations,
covering determination of the activation:-energy and the-stress law as well
as the nature of the primary stage of creep in terms of particle size and

distribution. = Additional work is required ou the nature of the substructures
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and dislocation patteruns that are obtained during creep of dispersion
strengthened alloys. And finally, perhaps, better theories for the high
temperature creep of disper‘sion strengthened alloys can be developed in ’
extending Weertman's critical and most sigunificant concept that the second-
ary creep rate at high temperatures is contr‘olled by the dislocation climb
méchanism.

A more realistic approach to the problem of dispersion strengthening
is _based on the concept that fhe Orowan model gives a gross idealization
of the true svtate of affairs. Recent electron microscopic investigations
by Thornas73 have shown that in the initial dislocation pattern, dislocations
go from one to another particle. Frequently upon stressing, new dislocations
are formed not at Frank-Read sources, but at the boundary of the dispersed
particles and they loop out into the matrix. Thomas, Nutting and Hirsch74have
observed that the presence of hard dispersed particles induces cross-slip.
And Mitchell, Mitra and Dorn75 have shown that most of the low temperature
strain hardening of dispersion stirengthened alloys does not arise from the
Fisher-Hart-Pry mechanism of back stresses from conceuntric planar loops
but rather, is due to the extremely dense dislocation population in the
entanglements. Although these observations were based on the low temper-
ature behavior of dispersion strengthened alloys, it is nevertheless reason-
able to believe that most of these features with only minor modifications
also apply to the creep behavior.

A tentative concept of the issues involved in the high-temperature
creep of a dispersion strengthened alloy might now be suggested. In this
discussion we will consider only the case of a stable dispersion embedded
in a matrix wherein'no interactions take place between the dislocations and

|
solute atoms. Under these conditions, we believe that the primary stage of
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creep can ‘be d(escribed by Eq. 5.16 ‘for the motion of jogged screw ’disl'dca-.
tions. "This creep should differ from that in the dispersion free alpha

solid solution due to the ex'te.nsive cvross-slip'induced by the dispefsed
particles. Poly—slip\vand 'cr'oss-sl’i.p m t’ﬁé neighborhood of the dispersed
particles should result in a greate?r";nurhber of Centers'for entanglements
and should therefore reduce the number of freely moving screw dislo'c;:ltions
more rapidly than in a >si,m:i‘1.ar alpha solid solution. Due to the'paft'icles -
and their associated éntanglemehts, the densify'of moving screw disloca-
tions will be less at vthe same stress levevl and temperature than in an élphé
solid solution. When the dislocations are hiéhly joggéd; the activation
energy for creeﬁkat'the’ lower streds 1éve1s should approximate that for

self diffusion. But at higher stress levels and particularly for low stacking -
fault metals the activation energy for créep should decrease liﬁe'é'r‘:l'y'wi'th
the applied stress. Because 5/ , as well as the activation energy depends
on the stress, it is not‘possible to make any reasonable predictions of the
stress law for high-temperature creep of dispersion strengthened alloys

at this time. The secondary creep rate should be given either by Eq. 5.16
for the motion of jogged screw dislocations or by the rate of release of
arrested and entangled dislocations as a result of recovery by climb. In
this model the value of Q_x')( to be used in calculating the frequency for
climb. will be given by the steady state conditions of the nature and deunsity
of the dislocations in the entanglement. Such steady state conditions of
course will depend on the applied shear stress. It is suggested therefore
that the high creep resistance of dispersion strengthened alloys is due to
the low rate at which dislocations issue by climb from the entanglements
and particularly the short distances they move before they again become

entrapped.
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A -qualitative discussion on the creep behavior of SAP in terms of
dispersion strengthening was preéented by Grant andFPrJes;t(—)ﬁ. 66 Howevef,
the data obtained by Ansel and Wee?{'tt.rn.';uﬁ71 that the activation énergy for |
creep of SAP is about 150, 000 cal. /mole, disqualifies the thought that
its creep-fesistance follows the dispersioun strengthened mod‘elo' More
recently, Meyers and Shefz'by76 and Meyers, Shy‘ne and Sherby78 investig‘ate:d_
the creep of SAP and obtained very high activation energies, much above |
those fdr the activation enthalpy for dﬁﬁ'usion in Al and in much better agree-
mént with that_for volume diffuvsioh of the anions in A1203. Specimens also
remained rigid and were crept at temperatures above the meltipg temper-
ature of pure Al. The creép behaviér of SAP was th‘erefore atfributed: ;tq‘
follow what is expected from the presence‘véf a thin‘ film of A1203 adheri’ng’m_o_re

or less continuOus_ly to the fine grained Al.



-83- UCRL-10598

7. Overaging and Spheroidization

during High-Temperature Creep

~

It is well known that the creep resistance of two-phase alloy systems
decreasés during the course of high-temperature creep as a result of
spheréidization aﬁd partiéie gfowthc The driving force‘ for ‘this reaction:
is the decrease in free surface energy; and the rat.e at which it takes
place depends on diffusfqno The continuous hard film type of two-phase
alloy spﬁeroidizes, as shown scheinatically in Fig. 6.1, and assumes the
low crevep resistant characféﬁstics of a twol—h}‘)ih‘ésﬂe agglomeration. | Thve
dispersion stfengthened alloy devéloﬁ_s a more v'viicielyj spaced configuraﬁon
of larger dispersed pai‘_’cicles., As aifesult of such coarsening’ there are
fewer points per unit'Volu.me at which cross-slip is indﬁced and therefore
there is 1ess jogging and fewer boints where entanglements might be
induced to form. This also results in a decrease in cfeép resistance.

Since the design of high temperature alloys for 1.ong—term v.high-
temperature creep resistance depends on the stability of the structure, we
will éﬁalyze the factors that are involved, fdlldwing an earﬁer discu'ssiqn
by Schoeck. 78 The problerﬁ will be simplified by considering the coarsening
rate of aA spherical 'dispersion of an incoherent precipitate.. We will not
concern ourselves here with the nucleatioﬁ of the precipitaiey cohereﬁcy
stresses, precipitate shape and other auxiliary problems such as change’s
in composition of the precipitate. B

The frée é.ner_gyl of a>system' consisting of a spherical particle of

NE atoms embedded in a fhatfix solid solution of B at.o-x‘n.s in A,
assumed to be ideal;, 'inv;)hvl’es .‘th-e fréé enérgies of the piarticle, the solution

and the free surface energy. At equilibrium the change in free energy, ‘
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when one B atom is removed from the surface of the particle and deposited

in solution, is zero. The free surface energy of the system is

\KL
F= 47722 ¥

where %is the free surface energy per unit area. Aund the number of

(7.1)

B atoms in the particle is

s 4 TR
ﬁB - /3 O (7.2)

where .()_ is the atomic volume. Therefore, the change in free surface

energy upon adding one atom to the particle is

QO 2){"_(1
=(§77 3’9)%?,&2 A (1.3)

5*‘}-‘___ 3YE on

A PHB QS/L &’pﬂ

The free energy per atom of the particle is

3F ’Ozz -ff’ 7_:23

3107)8 (7.4)

where u is the energy per atom in the particle phase, p is the pressure,
+#

ﬂ@ is the atomic volume, and /A is the entropy per B atom in the
particle phase. Assuming an ideal solid solution with random mixing of

n

A atoms and N B atoms, the free energy of the solution is

F=t (0 # AR, T2 ) wn st 2 72)
__447_'@" (m'f"b)v (7.5)
hal Ngl

where the last term arises as a result of the conflguratlonal entropy.

Therefore the chemical potential of each B atom in solution is

(7.6)

sAF‘ 3
—r;b.ﬂ. 7‘,4/ 7%734,
S, V\B

'7" g
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The total change in free energy.upon transfer of one atom of B to the solution

is, at equ111br1um

3 IR _
<§4°h3 yhe 3<n, ° 1.7
Litmg //)B/(ﬁg */24) C the composition of the solution, and notmg that
at &8 /_t_—'P and the thermal er;toropy at high temperature, ,4 N,A, ,
we obtain . </OZ/B _ a@) \ 2 b,e—(l
AT o AT

cze
(7.8)
)
where u - d is the heat of solution per B atom. Therefore, the

concentration, C of B atoms in equ111br1um with a flat surface -
(= ) is _tUe ~"U,
=e AT (7.9)

and
2% () P/
N %S
c=c.e 4T = c. e (7.10)
where o
(7.11)

Consecjuently, the equilibrium concentration of solute atoms about a small
particle is somewhat greater than that around a large particle. Therefore,
the smallest particles will dissolve and the solute will precipitate out on
the largest particles until a uniform distribution of particle sizes is obtained.
Final equilibrium will be achieved only when a single large spherical particle
is formed in the matrix. .

Wex now wish to estimate how long it will take for a small particle

of radius r to dissolve. Aun exact solution to.this problem is very difficult
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because as the smallest particles: dissolve, those of intermediate size
first get larger. When all of the smallest sized particles have dissolved
those that originally had intermediate sizes and therefore grew at first,
now being the smallest, begin to dissolve. Fortunately an exact solution
is not necessary to illustrate the principles and to identify the major
factors iﬁvolved. :

Fér simplicity we consider the two particles shown in Fig. 7.1
having initial radii ry and r where ro>r. We vassume that steady state
diffusion is established and that the concentration gradient is linear
between the two particles. Very little error is introduced if we assume
/Q to be small relative to r . Therefore the concentration gradient

between particles a distance )\ apart is'crudely estimated to be

+£
3 _Cle 4-'— +%") LGP (_/_ __"_L)
I A - )\ n N (7.12)

The diffusing flux is
ST N3

d,?_a‘-}: R /[1__/
ﬁ{f /\ Y R (7.13)

where the term to the left of the equality gives the number of atoms leaving

the smaller particle per second, D is the diffusivity, and mfis the area
of the larger particle through which the flux moves. When Eq. 7.13 is
integrated for ro> r we obtain
AT
R TR

In spite of the gross approximations that were made, Eq. 7.14 suggests how

the various variables enter the problem. Because t & /Z-‘/small particles
dissolve in a short time. As the particles become larger the time for their
dissolution increases: substantially, not only because r is increased, but

also because)\ is increased.
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MU-29118 .

Fig. 7.1. Schematic of precipitate disolution.
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Whereas YL and .Qusually change only mildly with the system in
question, D plays a much more important role, sinée it can be quite
different for different systems and temperatures. But the major factor
in determining the time for dissolution of the smaller particles is s

It is essential to point out, however, that the coarsening of a disper-
sion strengthened alloy during creep might proceed somewhat more rapidly
than ivt would in the absence of creep. A small increase in the diffusivity
is to be expected as a result of the excess vacancies generated at moving
jogs on screw dislocations and as a result of climb of edge dislocation.
More significant, however, is the fact that moving dislocations can consider-
ably increase the average diffusivity because of rapid pipe diffusion along
the dislocation core.

To illustrate the great importance of C, , Schoeck7800nsidered a
Ni-Al alloy which might have either Ni3Al or A1203 precipitates and
calculated the time t for the case ro= 10_6cm, r = 10_7cm9 )\ = //Ll

and 7000C, as shown below

. Diffusing
Precipitate Element D C0 t sec.
NigAl Al 10°10 ~5%10 2 ~ 102
AL,0, o 1077 ~ 10714  10l!

whereas the small Ni,Al particle would have dissolved in 100 seconds,. the

3
Al’203 particle under similar conditions, and in spite of the higher diffusivity
of O that was assumed, would take about 1000 years to dissolve.

This example illustrates clearly that the compounds having the greatest

heats of formation should provide the greatest structural stability. From the

viewpoint of stability, oxide dispersion strengthened alloys appear to be most
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promising although some slightly 1és§ stable 'syste}h's_ﬂ might have other
advantages. Adherence between the matrix and the precipitate is also

significant.

=
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8. Effect of Solute Atoms

on

High Témperaturé Créép

Several excellent reviews 79-81 have been written on the influence

of solute atoms on the mechanical behavior of alloys. Although most of

what has been said pertains to the behavior of alpha solid solutions at low
temperatures, some of the same principles also apply under conditions of
high-temperature creep. On the other hand, the relative importance of the
various strengthening mechanisms changes as the temperature is increased
and new factors enter into the analyses at high temperatures. Therefore,

the factors that provide great solid solution strengthening at low temperatures
are not necessarily the best for developing creep resistance at high tempera-
tures., For this reason it is appropriate to consider the special factors of
solid solution effects that are particularly significant for high-temperature
creep.

The high creep resistance of some complex rceramic materials is due
to a high Peierls activation energy, solute atom piﬂning of dislocations, and
high activation energi‘es for diffusion. Among the more ductile materials,
however, the highest icreep resistance is achieved, as wé have already dis-
cussed in Sec. 6, by the introduction of hard and stable phases in a ductile
matrix of refractory kéody—centered cubic solid solufions. The creep resist-
ance of such alloys is determined not only by the nat:ure and distribution of
the second phase but aiso on the creep resistance of the softer matrix in
which the hard phase is embedded. Additional creep resistance can be
achieved in a dispersion hardened alloy by further strengthening the ductile
matrix. We will consider here, however, only single phase alpha solid

soiutions to illustrate what factors are involved.

t .
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There are a number of different effects of solid solution alloying on
the creep resistance and these effects do not all vary iinearly with the atomic
percentage _of.the alloying element. Consequently the effects of two or more
elements are not simply additive. Furthermore, the greatest benefits are
achieved by using a series of solute elements (not just one) so selected as to
provide optimum coverage of all factors involved. Although a quantitative
approach to the design of alloys for creep resistance from this viewpoint has
not yet been developed, qualiiatively at least, these concepts are employed
and the significance of this comﬁlexity effect has been recognized. There-
fore, many of the highest strength high temperature alloys now in use have
compositions that appear to represent a roll-call of almost all of the metallic
and many of the non-metallic elements iri the periodic table. |

The following issues are significant in solid solution alloying for high
temperature creep resistance: |

A. Diffusion: Effects

B. Stacking Fault Energy Modification
. Peierls Stress Modification
Mott-Nabarro Hardening
Guinier-Preston Hardening -

Suzuki Locking

Q %= 90

. Cottrell Locking
- H. Fisher Short-Range Order Hardening.

We will discuss each in turn.

A. Diffusion.Effects -

Although we shall emphasize here the factors that lead to high tem-
perature strengthening, it is necessary to point out that some alloying ele-

ments actually decrease the high temperature strength of alpha solid solutions.
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A typical example is the alloy of C in YL«- Fe. Whereas C in solution in

0(- Fe causes appreciable low temperature strengthening, when dissolved

in sufficient quantity in \y“- Fe it increases significantly the creep rate

under a given stress. Sherby, 36 as noted in Sec. 3, has shown that this
érises from the fact that C increases the rate of selfﬂiffuﬁi'an of Fe in

\}.. Fe. In general, therefore, an important effect of alloying elements on
creep arises from their effect on the diffusivityo This factor, of course,

has special significance to the high temperature plastic behavior of materials
because diffusion is not involved in the low temperature plastic behavior, and
because the high temperature plastic behavior is usually diffusion controlled.
The same trend is noted in defect lattices of intermediate phases; those com-
positions that havé a greater equilibrium number of either vacancies or inter-
stitials exhibit lower strengths at high temperatures because of their higher
diffusivities. Vacancy.solute atom binding will increase the activation energy

for diffusion and improve the creep resistance.

B. Stacking Fault Energies

Dislocations lying in the (111) plané of FCC metals dissociate with
a decrease in energy into pairs of Shockley partials forming between the
particles two layers of atoms packed according to the HCP érrangement, A
twin boundary consists of arsingle layer of atoms packed according to the
HCP basis. Thus a stacking fault boundary has roughly about twice the twin

boundary energy. The energy \} of a unit area of a stacking fault is almost

equal to
| 24 A < -
- T /= /C:; | o (8.1)

where h is the spacing in the [111] direction, V is the molar volume, and

hF and °F are the molar free energies of the hexagonal and cubic phases.
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- The separation of the partial dislocations is determined by '%Land is esti-
52 , o |
<
327 Y-

C
where a is the lattice constant. Since alloying elements influence ?5 -, they

mated to be about"

(8. 2)

'change the spacing between the partials. For example, .as Co is added to.
Ni the composition approaches that for the tranSition from the FCC to the
HCP phase. Therefore hF - °F decreases as.the Co content is increased,
causing \;‘to decrease and thereby increasing the{s,,eparati_on‘of the partial
d. At high temperatures the separation of the partials becomes yet greater
because solute atoms distributed themselves between the two.phases in such
a way as to further decrease the free energy of the system. Theoretical
deductions by Seeger’v‘83 suggest that irﬁcrea’.sring ele_ctron/atomhratio as a
result of adding solute elements to Cu, Ag, or Au, causes a d.ecrease in the
stacking fault energy. This is consistent with the increased ease of twinning
in the higher electron/atom ratio solutioﬁs Qf these meta}s, HoWie aﬁd
Swann 84 have also measured the change in stackingfaulf energy upon
alloying in a number of cases. In general the stackih_g fault energy may
either increase or decrease upon alloying, depéndenf oﬁ the system. The
stacking fault energy can also vary sligbtly with teﬁlperatﬁre, .

Relative to FCCvmetals that Vc;r'e:ep. by the motion qf jogged screw dis-
locations and by the climb of eagé dislc.‘)cationysg théée alloyi‘ng Ve_rler-nent’s’ that
lower the stacking fault energy should pay(!a_»gr:_ee_\t:‘cje'r."::\n_lgh;gs_l_._of 1;] b.ecause of
their higher constriction energies and the lowc_erje:d probability for cross-

slip. Equally the rate of climb should be lower bet_ca‘gsue_,_p'j‘ is smaller.
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C. Peierls Stress Modification

The Peierls stress for pure FCC metals is so small that it never
plays a role in the plastic deformation of these metals even at low tempera-
tures. Although the Peierls stress is greater for BCC metals, the Peierls
mechanism is so easily activated that it is never significant above room
temperature. Alloying may modify the Peierls stress in BCC metals, but
it appears that such modification would not be large enough to play a role in
high temperature creep. Recent data,(85: however, suggest that the Peierls
stress for prismatic slip in Mg is reduced considerably by alloying with Li.

The Peierls mechanism, however, may be important in the creep of inter-

mediate phases and ceramic materials.

D. Mott-Nabarro Hardening

Periodic volumetric hydrostatic tension stresses are introduced in
the lattice by substitutional solid solution alloying. The motion of the screw
components of dislocations will not be resisted by such stress fields but
such local stresses will restrain the motion of edge components. Although
the dislocations are somewhat flexible their line tension tends to keep them
more or less straight. Consequently, when the stress centers are close
together, as they are in the usual case of solid solution alloying, the dis-
locations move more or less as rigid units, through the average stress of
the periodically varying field. Consequently these stress fields have almost
zero effect on the flow stress.

The stress fields of interstitial solute elements interact with both
edge and screw dislocations. Generally the concentration of interstitial
elements is comparatively low so that dislocations can bow out between the
high stress centers. In this case the applied stress must force the disloca-

tions over the peaks of stress. Consequently somewhat higher solid solution
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strengthening is obtained from interstitial alloying. So long as the alloying
remains random, however, neither of these mechanisms aid much in im-
proving high temperature creep resistance because they are easily thermally

activated,

E. Guinier-Preston Zone Hardening

During the early stages of precipitation in some systems, like atoms
cluster to form Guinier-Preston zones and finally s_table phase precipitates.
Such clusters of atoms and Guinier-Prestoh zones also restrain the motion
of dislocations but usually much less ’e‘i;fectivély than criticz-ai"dispersions of
stable phase incoherent preéipitates. The presence of such clusters and
Guinier-Preston zones have only very short lives at high temperatures and

therefore are not usually significant to high temperature creep.

F. Suzuki Locking

Suzuki locking 86 constitutes a potential mechanism for improving
the high temperature creep resistance of FCC alloys and therefore deserves
more detailed a'tténtic‘)n,v The stacking fault between the Shockley partials
of the FCC system consists of two atomic layers of HCP packing of atoms.
At high temperatures, where diffusion can occur, solute atoms will dis-
tribute themselves between the fault and the FCC crystal;in a manner
analogous to the distribution of solute atoms between two phases. Althoﬁgh
a complete and accurate analytiéal deécription of such a distribution is
available, 87 it will be convenient here, in emphasizing the physical aspects
of the problem, to treat the stacking faiilt.as a separate phase rather than
a surface.

The gebmetry of the problem is illustrated in Fig. 8.1. At equili-
brium the stacking fault between the partials A and B, shown as the cross-

hatched region, has a composition Cp whereas the composition of the crystal
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MU-29119

Fig. 8.1. Stacking fault in Suzuki locked alloy.
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remains about the averége value of the alloy, namely c. If then, a unit length
of the dislocation is movéd a“distance 5 , assumed »to be identical for both
partials in this approximation, the work done is (T—Zﬁ;b 8 . This work must
equal the increase in chemical free eﬁergyo In moving the partial disloca-
tions an amount S , the fzolumes of the phases changed 2h8 ; for the‘ first
dislocatipn this volume of the matrix phase was produced at a compositioh Ce
re:su_lting in the disappearance of the same stacking fault volume of the same
composition; and at the second dislocation this volume of the stacking'fault
was produced resulting in the disappearance of the same volume of the matrix
phase at the composition c. Consequently

(2-2968= 245 (r-Fh) +(FEF)} o
where V is the molar volume, assumed 1dentlca1 regardless of stacking, F.
is the free energy per mole of the matrix, Ff is the free energy per mole of
the faultedA 'rvegion, and the subscripts Ce and ¢ refer to the compositions at
which the free energies must be evaluated. Therefore |

(Z~ *)— [(/: F). éE F)}(M)

In general both (F F) and (F F) are positive as, e.g., in the case of
°f
Ni-Cu alloys where the stable phase is always FCC, the faulted region having

the higher free energy regardless of composition. But (F -F) < (rf - -F),
since the composition Cp Was obtained as a result of equlhbrlumf Consequently
the total term in the braces of Eq. 8.4 is always positive.

An additional relationship. between the variables of Eq. 8.4 is obtained
by invoking quasi-equilibrium donditiqns between the matrix phase and the
faulted region. Complete equilibrium, of course, is never achieved inas-
much as this would demand the diéappearance of the faulted regions. We

consider, therefore, open matrix and faulted phases for which, at equfl—

ibrium, the virtual change in free energy 5 F',c for the total system is
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(5’:)&\ ( )5”*(@?)%“ +(éﬂ¢)8n

where F' refers now to the free energy of the matrix containing n, Hall

atoms and n "b" atoms, etc. The partial derivatives are, therefore, the
chemical potentials. At equilibrium, FE for the total system is zero.

- 3n,=&ni= Snit.

This'is merely the expression for conservation of mass which yet permits

To arrive at the equilibrium condition we let gﬂ = 8M¢=

atom species transfer of &N atoms of type "'a" from the fault to the matrix
and Sn atoms of type "b" from the matrix to the fault. For equilibrium,

theref ore,

JF QF aFF aFf

o e GEOED  cssOemmmorenooRng | SmE

+ O
6 Y\& anb WF A V\‘F | (8. 5)

In general, the thermodynamic data that are needed to achieve a
simultaneous solution of Eqs. 8.4 and 8.5 are not available., Furthermore,
theories on the thermodynamics of solid solutions have not yet been well
enough developed to provide reliable analyses of the thermodynamics of un-
‘stable solid solutbbns &g ,hexggonal Cu-Ni alloys). But in order to obtain an
initial concept of possible trends, the regular solution laws might be invoked.
To simplify the analysis this will be done not oniy for the matrix but equally
for the faulted volume, in spite of the fact that the stacking fault region
should be treated as a surface.

n_n

The free energy of an open regular solution consisting of n,a

atoms and n, "b'" atoms can be written as

‘ NeFa | MeFu | hethy (Pt hy)]
Fey Tt Ty A T %1na»y -9
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where N is Avogadro's number, Fa and F, are the free energies.per mole

b
of pure "a'" and "b" atoms and the last term refers to the contribution of
the entropy for random mixing,' A éimilar'expressipn abplies to the faulted

region. When C is defined as

ce 2 ®.7
Tt |

Equation 8. 6 written for one mole of the alloy reduces to 3

F =(1-C)Fa +CF +AH(+ /?72IC%1C+(/ C)A(/ 6}7 (8. 8)

with similar exproasions.for the-remaining free cnergics in B, 8.4, Then
(F“F/ (/‘C)(F /C)"Lcéc-’c"‘/ty"‘/é)/%’c A//M) (8. 9)
where the entropy terms vanish. Also

(FEAL= (a1 (T /—’HAH ~8h)p 10

Introducmg Eqs 8.9 and 8, 10 into 8.4 glves

B2t allmo4+7)
+(AH ~4H,) ~(AH AH)

For equilibrium conditions, we apply Egs 8. 6 etc. to the condition

(8.11)

given by Eq. 8.5. For example -

W /:" Db, Pty &AHM éc /?/j,,LM (8. 12a)

dn, N N N de dng e

and ' | ‘i

éF/: ,F; AHm Nat N, 3AH éC Net Ny

o, = N e éhb Y ,ﬁn--w;— (8. 12b)
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recalling that

e n ok | o4
e (Mt #)*? di, Wt (hAH)R

13)

and similarly for the faulted region

3F'T ESET bt o o
a +dﬁ'¢_ N MdC, /4»7%/__@;(&1@

Consequently the equilibrium condition obtained by introducing Eqgs. 8.12

and 8. 13 into 8.5 is given by

‘ :/? EXPS //E /7—(/:- -/-dAH*” SAH (8. 15)

Eqgs. 8.11 and 8. 15 therefore constitute the solution to the problem. An

explicit expression for Cp is not obtainable from Eq. 8.15 smce C) A H?
also depends on Cpo But the ‘quantities in the braces of the exponentlal. term
will be positive and therefore Ce will be somewhat smaller than c. This
difference will be greatest at the absolute zero and as the temperature in-
creases c, will increase very slowly to approach c. |

When the solution is ideal the AHm"s are zero and the Eqgs. 8.11 and

8.15 reduce to the simple expressions, respectively, of

(T=7%) = %(C“CF) AF -~ (8.16)
— AF&T
= —C (8. 17)

-where

AF= F:C* Fé—,) — <F_¢L7C— /:;) (8. 18)
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and

2\;4' AF = YQ YQ (8. 19)

\ﬂ\'b‘ and c_being the stacking fault energies in pure b and a. Therefore
* . ; o o
( f— ? ) can vary mildly with temperature depending on the variation in
stacking fault energies of pure a and pure b with temperature.
We now wish to illustrate that substantial high temperature strength-
ening can be achieved by the Suzuki mechanism. For this purpose we will

consider reasonable values for the pertinent thermodynamic quantities. For

example, let

=Y

i

100 ergs/cm,

{ 50 ergs/cmg
150 ergs/cm

V =10 cm3
h =25 x10°% cm |
o ' -14
(1,66 x 10
Then AF = EVH (YQB—.YQ“_) = 3.32 x 10 i4 ergs/atom
. ‘ 4.98 x 10"

Introducing this into Eq. 8.17 we f1nd that the results given for c - Cp shown
in Fig. 8.2 are obtained. Thus according to Eq 8.16, we obtain the 2' Zl/*
versus T data shown in Fig. 8.3,

Thgse estimates reveal that substantial strengthening can be obtained
as a result of Suzuki ]Lock'ing, In general the strength of Suzuki locked alloys
decrease only slightly with an increase in temperature. This trend, however,
might be slightly modified by ‘thej additi’on‘aii-effect of temperature on \é"“ )ﬂa
which was neglected in this estimate.

When the stacking fault is only a few Burgers vectors wide, it may

be possible to have thermal fluctuations.aid in unlocking the dislocations.
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At high temperatures, however, such released dislocations would relock
very rapidly as a result of diffusion of solute atoms. This would result in
relatively few moving dislocations and thus give low creep rates. Such
locking would also take place with all freshly generated disloczzu‘;ions‘°

When the stacking fault is more than a few Burgers vectors wide,
the activation energy for unlocking the dislocations shoﬁld be so great that
the frequency of unlocking becomes negligibly small. Consequently,
practically no creep will take place unless the stress itself is large enough
to unlock the dislocations.

In spite of the rather good theory for Suzuki lockingg no unique
examples of high temperature strengthening by this mechanism have yet

been announced.

G. Cottrell Interaction Effects

Cottrell)sg> interactions also play an important role in creep,
particularly near the lower temperature limit of the high temperature creep’
range'.aSubksﬁtuti?onal atoms that have atomic radii which differ from the sol-
vent 'species introduce local strain centers in the lattice. Such strain

centers can react elastically with: the hydrostatic tension stress fields

88 89:

around edge dislocations. As shown by Cottrell, { and Cottrell and Bilby;
the interaction energy between an edge dislocation lying along the z axis of
a cylindrical coordinate system and a solute atom at r and ¢ is given by
= % AZ (8. 20)
where A = 4 R3£ Gb, R being the atomicvradius of the solvent and R(1 + £ )
being the atomic radius of the solute atom.
Interstitial atoms interact with both edge and screw components of

90!

dislocations as described by Cochardt, Schoeck, and Wiedersich. The
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interaction energy in this cavse differs in detail from tha:t given for substitu-
tional solid solutions but nevertheless, is reasonably well approximated in
its essential features by Eq. 8. 20. We-Will therefore develop our analysis
exclusively in terms of substitutional solutions sin_c%:‘ analogous descriptions
apply to interstitial solid solutions. |

In Fig. 8.4:are shown the circles of constant interaction energy.
Taking & to be positive, an atom at r and X will be acted upon by a
force equal to the potential energy gr"adien"c and directed along the conjugate
circle shown broken in the graph. Consequently at sufficiently high tempera-
tures where diffusion can take place the solute atoms will migrate along the
orthogonal set of conjugate circles to concentrate just below the core of the
dislocation. Simultanedusly the region just above the core of the dislocation
will becomé depleted in soluté atoms.

We will now attempt to ascertain the situation that will prevail at
equilbirium. For this purpose we will assume that we are always dealing
With a solid solution. Such complicatioﬁs as arise frorrf precipitation will

92, the

be described later. As shown by Lucke ‘91 arid also Thomson, '
interaction energy between a dislocation and a solute atom is independent

of other sources ,ofstrz_ain energy. This arises from the fact that the stresses
in the elementary theory of elasticity are linear functior%;s of the strains.
Consequently the principle of superposition applies. THerefore regardless

of the presence of other sources of strain the interaction energy between a
dislocation and solute atom _isalways given by Eq. 8. 20. This statement

is correct even when a precipitate forms at the dislocation core. Therefore
a disloc‘ation_does not-saturate, as was suggested in somie of the earlier

. literature on this subject, as a result of satisfying the strain at the disloca-

tion core. Due to their strain fields solute atoms, of course, interact with
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be—

Fig, 8. 4.

MU-29122

Circles of constant interaction energy.
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each other. As shown by Crussard, 93 hc;wever, this-interaction decreases
with the sixth power of the distance between the aton}s and therefore in-
volves only local, almost only nearest néighbof,#'in_t'e"raé“tion.‘.-‘,"° Soluté atdm
migration occurs as a result of the gradilent.in the stﬂrAain gnerl‘gybuntil) the
reversed diffusion due to the composition gﬁradient» baianceé _the:. f_orwa_fd
diffusion. Solute atom intera;ctions can be incorﬁ_or;ted into-l the analyses
by assumiﬁg the regular solution laws. In la_rge'mg;iéure this p_rocédure
accounts for the interaction stréss fiélds between solu»t; atoms.,

We will first estimate the equilibrium diétributibﬁ of substituinnal
solute atoms about an edge dislocation. For this purpose we consider

solute atoms distributed between two poténtiél energy l’évelsa V and Vo' as

follows:
Energies '~ No. Sites No. Solute Atoms =~  No. Solvent Atoms
A\ n P o n-p.
V n . pO I o : nO - pO

o o

We will assume that the alloy forms a regulaf solution,  so that the bond
energy for random mixing of the atoms at a potential enérgy V is »

F=Z7P 2 Z(ﬁ%ﬂ (hp) .

E + <, —I—Zﬁ (_C (8. 21)
'2 Vi A4 2 A6 -

where z is the coordination number, and EAAQ 2 BB® and EAB are the
energies of an A-A, B-B, and A-B'bond, respectively. A similar result
applies for the atoms at the potential energy Vo Therefore, the free energy
of the system at the potentjal energy V-id’

Z(n-p)% Z2(H7-p)
F=pl+Zl- et o &, f&g

| . oond
/pTﬂn g

(8.22)



-108- UCRL-10598

and the chemical potential of the solute atoms is

(3);) V+Z7° —/ ?‘){7‘2/’7 2”){ /ff///ﬁ/ (8. 23)

A similar chemical potential applies to the system at Vo° At equilibirum

the chemical potentials for each system are identical and

Z/,—?—;?ZE— ——%7%%}%‘2): o (8. 24)

= . Ean
where £ = E/M* 2 _é’é’_? is the increase in energy upon breaking an

A-B bond and making one half an A-A and B-B bond. We now let the com-
position be ¢ = EQ where V is zero. Consequently
Y2zpTc-C)E  ~ VT

e e
C = = (8. 25)
/—Co +C,@TERATEC)E S ITAT

This constitutes a slightly more accurate and detailed description of the

equilibrium concentration of solute atoms around an edge dislocation than
that previously suggested by Louat. (94)
The concentration:rof atoms c¢ in the regions around a dislocation
where V is negative is greater than average composition s of the alloy.
The concentration of atomé, however, also depends on Z{: , and since the
interaction energy, E , can bé positive or negative, the concentration of
atoms about the dis'location can be smaller or greater than that which would
be obtained if the solution were ideal. Since the product (c - co)f is usually
small, however, the effect of non-ideality of the solution is small particularly
at high temperatures.
To illustrate the effect of dislohc,;étions oﬁ the distribution of solute

atoms, we will consider the special case of Mg in Al, assuming that & is

negligibly small. We will calculate the’ cohcentration of Mg atoms at a point
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2. 5b below the core of the dislocation. There .

V= Y7 RIG 4 (8. 26)
o 256

for which we take the following reasonable values

R =2.86x10°
£ =0.12
G=2.5x 10" dynes/cm2

The results are recorded in Fig. 8.5 on which the solu'bility limit of Mg in
Al is also shown. |

Neglecting the effect of local stress fields on the usual phase diagram
as well as the problems involved in nucleation of new phases, a precipitate
should form on the dis]Locati.on‘for all concentrations above the solubility
limit. As seen in Fig. 8.5, precipitates might form near the cores of dis-
locations even in extrerﬁely pure metals. The rate at which such precipitates
form will depend on the diffusion rate of the impurity atom and the kinetics
of nucleation and growth. The feed-in potential of the dislocation, however,
will remain substantially unmodified in spite of the formation of a precipitate.
Nevertheless, the local strains resulting from the formation of the precipi-
tate will interact with the solute atoms. In general, however, this effect is
small. During this process the precipitate, originally strung out along the
edge dislocations, will begin to spheroidize. Experience reveals that dis-
locations decorated in this way are strongly locked and will not ordinarily
participate in slip. Such locking, since it takes place in a region where
localized stressing has caused dislocation to move, is very effective in
restraining the motion of other dislocations. Furthermore, the presence
of the precipitate does not materially alter the stress field of the dislocation
and therefore such locked dislocations yet react to restrain the motion of

newly generated free dislocations. As shown in Fig, 8.5, at high temperatures
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Fig. 8.5. Concentration of Mg 2,5b below an edge dislocation
in aluminum vs 1/T.
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at the left of the solub111ty curve, pre01p1tat10n will not take place and an
atmosphere of solute atoms will form about the dislocation. As the tem-
perature is increased the atmosphere becofi;cé less dense. The most dense
atmospheres are obtained where the concentration of the solute atom'ap'proxi—
mately equals its solubility 1i_mit at the temperature in question.:

A similar analysis applies for. interstitial solid sd:lutior:is.,li In this
case, however, the free energy of the solution in the region where the poten-
tial energy is V is better approximatéd by 2
Fpretf ] — am

A (n-P) S

where c://] is the increase in energy 5t the solutlon per interstitial

atom, a quantity, of course, that is some function of the occupancy of the
sites,g’:—zﬁ‘/? , and is also dependent on the ‘tempéfatﬁvfe, C.'on'seque'nltly the
chemical potential of the solute atom in an interstitigl solid solution is
V /2 L BIE ,47‘/&@—“—73) S e
3 f/?o/(ﬁ) » /. - 28)
A similar expression is obtained for the région where the potentiél’ energy
is Vo" consequently, eclluating the c]gjemicalv pdtent‘ié.is of the t'wc regibﬁs

for equilibrium, we obtain - S
- 2 rmy, P IE A IE
VLt 77 E{/ZJD 7 ) e Ay,

—~ 4T ~«-~--)< /f:}i'") -

We let the lattice be one which has q e‘qvuival“ent if'lzi‘:ersfi'tivéldsitester solvent

(8. 29)

atom. Then . T
C=——7— Oy -~ ZF—"—
,/074 l/l/%_ Cr ' ¢3 f C

‘and letting ¢ = c,atVv_ =0, we obtain

(8. 30)
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_AJET _ T

c__ = &< € (8. 31)
i(/—'C)v——C_ g(/“co) —Cs
where . _ v
f2P-ef B L[ -
/4~{[/7/7 ccgr%fv‘;- OY'%_)./%L 73//40 (8.32)

The locking trends of interstitial solid so{_ﬁtions are quite similar to those
already described farsubstitutioral selid solutions. Screw as well as edge
dislocations, however, will attract interstitial atoms.

Dislocations surrounded by atmospheres are also pinned into _positions
but the pinning is much weaker than that which is obtained when the disloca-
tions become decorated with a precipitate. Such solute-atom atmosphere
pinning, chowever, loses its significante at elevated temperatures, since
the unpinning can be thermally activated, as described by Cottrell. In con-
trast the binding of a dislocation that is completely decorated with a pre-
cipitate is very strong, and éurrent evidence indicates that in general the
release of such decorated dislocations cannot be thermally activated.

In their classical paper on interactions between solute atoms and
dislocations, Cottrell and Bilby(Bg“) presented a beautiful analysis of the
viscous drag of atmospheres on r_noving" dislocations. At high temperatures,
the atmosphere of solute atoms moveé along with a very slowly moving dis-
location by diffusion. Since the center of the atmosphere is located at the
core of the dislocation in this case, it does not perturb the slow motion of
the dislocation. Furthermore, an at_mosphere cannot form about a very
rapidly moving. dislocation because the dislocation does not reﬁain sufficiently

long in any one place to permit diffusion of the solute atoms. When a disloca-

tion is moving at some intermediate velocity, however, a partial atmosphere
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lags slightly behind the core of the moving dislocation. The back force due
to the atmosphere, in this case, decreases the ve1001ty of the dlslocatlon

As shewn by Cottrell and Bllby, the greatest drag on the dlslocatmn w111 take
place at the cmtlcal veloc1ty, /»:‘. , as determmed from E1nste1n s moblllty

relationship, when .

o D #7
= |

A

where DS is the diffusivity of the solute atom.

(8.33)

High temperature creep appears to be controlled by the motion of
jogged screw dislocations, Such dislocations, which only interact strongly
with interstitial alloying elements, have been shown to have an average
velocity '

— 2
— 5w j‘%ﬁ— L6
= (8. 34)
70 8 /"’AT’ _ /
where gq now refers to the average free energy of activation for diffusion
of all substitutional elements in the.solid solution. Consequently the most
effective all.dying element for providing additional drag on the moving dis-
location due to Cottrell interactions are interstitial solute elements for
which
p S — . bl ’ r».f/ ' .
D . b7 Iy 268047
e e <A e PRT / (8. 35)
A S PRT | -

Consequently, that interstitial alloying element which is most effective for

|

increasing the creep resistance of an alloy at one temperature and one
stress, will not be effective at eithver higher or lower temperatures or
stresses. It-therefore follows that the highest creep resistant alloys, from
the viewpoint of solute atom drag on moving dislocations, should contain a

series of judiciously selected interstitial alloying elements in order to
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provide solute atom atmosphere drag over the significant ranges of tem-
peratures and stresses to be used. Since the moving diélocations are never
in pure screw orientation, some effects due to viscous drag of substitutional
alloying elements can also occur.

Solute atoms not only can affect the high temperature creép rate as
a result of viscous drag on the moving dislocations but also as a result of
their effect on the rate of climb of arrested edge dislocations. Those ele-
ments that reduce the rate of recovery by decreasing the rate of climb will
result in a more rapid decrease in the creep rate over the.primar’y stage
and a lower secondary creep rate. The effeét of alloying on recovery has
been reviewed by Perryman. 95, Whereas alloying elements frequently in-
crease significantly the temperature for recrystallization, their effect on
recovery is usually much less. Furthermore, as shown by Perryman, the
recovery rate can either be increased or decreased as a function of alloying.
For example, Mg in solid solution increases the fate éf recovery of Al,
‘Perryman has shown that this is principally due to the fact that Mg increases
the vacancy concentration in Al.

When the solute atom concentration is high enough to decorate the
edge dislocations with a precipitate, climb is restrained. But it appears
unlikely that a solute atom atmosphere per se can materially influeﬁce

climb. Consequently the frequency of climb in an alloy might be approxi-

mated by Eq. 5.18, namely . ;C/_/%T ‘
—ﬂcszZ—/) 75 e [@O?X%T““{/’)

where the two significant variables are the probability of finding a jog, pjs

and g_;i , which here refers to the average activation energy for diffusion of

the substitutional alloying elements. ‘Therefore those alloying elements that
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decrease pJ. and increase gd should be mgst effective in decreasing the
creep rate. The probability of finding a jog can be decreased in FCC metals
by decreasing the stacking fault energy. Other factors such és the rate of
nucleation of additional jogs and the possible effect of solute atoms on the
climb has not yet been explored deeply enough to provide additional judg-

ment of this subject.

Short-Range Order Strengthening

Several years ago Fisherigej demonstrated that appreciable solid-
solution strengthening is obtained as a result of short-range ordering. Our.
analysis will follow somewhat the more recent discussions by Flinn“lgT on
the details of this mechanism. Whereas each atom in a crystal is bound to
all other atoms, the bond interaction is rather lbcal and exists principally
as interactions between nearest neighbors, the second nearest neighbor
reactions being small, and third nearest neighbor reaction being almost
zero. In our discussion we will consider -only nearest neighbor interactions.

It» has proven convenient to classify solid solution alloys into one of
three idealized categories, namely ideal solid solutions, regular, solid
solutions, and short-range ordered solutions. This classification is easily

described in terms of the bond energies of nearest neighbors. Consider,

for example, the bond equation
| //,ZA"A ‘/‘//2 B-8 —=AB (8. 36)

for which the energy change is
£ = g/}-ﬁ_ //2 EAA | /2 - r | (8.37)

per 1/2 A-A and 1/2 B-B bond that is broken to form an A-B bond. When

g is zero the alloy is ideal and the atoms are distributed among the lattice
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sites in a purely random manner. Although some solid solutions of metals
begin to approach ideality no truly ideal solutions have yet been found.
Generally, the energy :f- differs from zero. When E does not differ too
much from zero, the atoms may yet be distributed over the lattice in almost
a random way and the thermodynami’c behavior can be approximated by the
regular solution laws. In most alloys, however, E is rather ‘lar’ge, due
either toelectronic or strain energy effects, and short-range ordering is
significant.

When g is negative, the energy of the system is lowered by making
as many A-B bonds-as possible. Consequently, under equilibrium conditions
alloys for Whichg is negative will have a greater number of A-B bonds and
fewer A-A and B-B bonds than a random solid solution. A atoms will pre-
fer B atoms as neighbors, thus leading to local or short-range ordering.
When g_ is positive, the opposite takes place and A atoms prefer A atoms
- as neighbors, and B atoms prefer B atoms as neighbors. This results in
clustering. This clustering, however, is merely the negative of ordering
and is quite distinct from the agglomeration of similar atoms over a wide
region during the early stages of formation of Guinier-Preston zones;
essentially only nearest neighbors participate in true clustering.

Since the grand partition function for a short-range ordered alloy
has not yet been formulated approximations to the exact statistical mechani-
cal formulation of the problem must be employed. We will use Cowley"s98
approach to short-range order here, and we will limit our discussion only
to nearest neighbor in.teractiops. -vLe‘fc» A be the degree of order, and PAB

the probability that an A atom is next t6 a B étoin. ‘By definition of <X

K%jﬁ —_ /47,4(7-—0() { | | | (§°;38a)
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where m, is the mole fraction of A’“f atoms When the solution is random,
PAp must be equal to mA | When A is p031t1ve there are fewer than the
-average number of A atoms about a B and the atloy exhlblts c].usterlng,

when X is negative there are more than the average number of A atoms
about a B atom and the alloy exhibits short-range ordering., Thus for an
ordered alloy both E ' and O( are negative whereas for a clustered alloy

both are positive. The product & O( is always pos1t1ve or, .in a random

solid solution, zero. The range of 0( is limited. When PABR® 0, O< has

its maximum value of 1 -, and when pAB is1 ~ ; O( has its minimum
mp -1 m _
value of O( 1~ — = - AT .. _B . The probabilities for the re-
A M A

maining arrangements shown below, follow dlrectly from the definition

glven in Eq. 8. 38a, namely, ‘

» —_ _— ) RS S + / rd
"/%’e. ’{46 / //’4 T /)/’“ A (8. 38b)

) = A [/ M)() ‘ o (8.38c)

0( (8. 38d)
- — / /%
m =(s m) &2 2 |

We now con31der an alloy contalnmg N atoms in a structure that has
a coordlnatlon nurnber Z In thls alloy there are a total of N_2Z_ bonds and

we plan to express the total energy of the alloy in terms of the degree of

order }( as
Fli) = ’VZ 422’ , | (8. 39)

where {{0(] is the average. energy per bond in an. alloy that has order
The total energy of the alloy is the sums of the energles of the A-A, the

B-B, and the A-B bonds; which is _- :
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= 4
Ef_/; (/774 Z/V) 544‘7‘/77 )66 566

(/?7,.,,1 56,4‘7‘(/775—’—2%' %7 e - (8.40)

When Eqgs 8. 38 are introduced and Eq. 8. 39 is solved,
PR = e IR T Iy M= 1y AE (8. 41)

where f is given by Eq. 8.37. Since 0( and g—‘always have the same
sign, E{O(] is always less than the average energy of a bond in the randomly
arranged alloy where O{ =

| When a‘dislocation moves through the lattice it éiispl_aces its nearest
neighbors across the slip plane and replaces them by next nearest-neighbors.
But next nearest neighbors are almost random. Consequently if two or more
dislocations pass, the alloy becomes almost completely disordered across

the slip plane. The average increase in energy per bond that is broken is

E=&fof —ELXF =2, s (2. 42

In order to illustrate the determination of the: floW stresbs we will
consider as shown in Fig. 8.6 slip on the (110) plane in the [111} of a BCC
crystal The dislocation line of length CD moves one b breakmg the former
bonds of A with B and C and making new bonds with B’ and C', Therefore

the work done
(7-- Z».-»’) V—- F =

ettt == l/".'-f_ 42’_ . (80 43)

<

Therefore,

(8. 44)

_ *_ 8/77,_4/7755\/?

This can indeed be quite a large quantity.
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It has been shown that the equilibrium degree of order O(o is given
.99

(/7),44/% o(o) (./'”8 + /7740(0) . 25/’%7—
My g (1~ 4)°

Therefore, at sufficiently high temperatures, where diffusion is possible,

by

(8. 45)

the absolute value of the degree of order do decreases slowly with in-
creasing temperature. Below somewhat less that 1/2 the melting tempera-
ture, however, the flow stress ( Z‘- ZL*; is dependent on the "'frozen-in"
degree of order0< and therefore is insensitive to the temperature. .

When a long segment of a dislocation moves forward in a short-
range ordered alloy, the activation energy needed to overcome the short-
range ordered bonding energy is extremely high, For this reason it has
been suggested that the motion of a dislocation through a short-range
ordered alloy cannot be thermally activated. Therefore at low tempera-
tures where the degree of order O( is frozen-in, thé flow stress, as shown_
by Eq. 8.44, should be independent of the temperature. And correspond-
ingly above about 1/2 the melting temperature where diffusion takes place
to maintain the equilibrium degree of order, the flow stress should decrease
only mildly with an incfease in temperature in accord with the rather mild
decrease of the degree of order with increasing temperature. As we shall
see, however, there now appears to be examples of high temperature creep
of short-range ordered alloys which demand that dislocation motion in short-
range ordered alloys becomes thermally activatéd énd diffusion controllted
at high temperatures. We therefore suggest that the high temperature
creep of short-range ordered alloys is not yet fully understood. Perhaps
the motion of small dislocation segments must become possible in ordered

alloys at high temperatures.
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2 . -1 . .
‘min ~ for prismatic

o
The flow stress at a strain rate of Ycrm‘
slip of Ag (67 at%) Al (33 at%) is shown in Fig, 8.7 1100; as a function of
temper"ature. Current evidence suggests that the thermally activated
Peierls mechan‘ism is operative over Region I. Flow in Region II, over
which the yield strength is insensitive to the temperature, must arise from
some athermal mechanism. Since the'disloca_ttions on the prismatic plane
are not dissociated, the athermal mechanism cannot be due to Suzuki
locking. The oﬁly known mechanism that can account simultaneously for
the athermal behavior and the ‘high flow strength is the Fisher mechanism

of short-range order strengthening. The equivalent of Eq. 8.44 for slip

on the pr’isma'tic plane of the hexagonal system 1is
16/ R

We might assume that diffusion is so slow below about 475°K, which is

about one-half of the melting temperatufeg- that the existing short-_fange
order is that Which is frozen-in at 475°K, for Which Z’ =15 x 108dynes/cm2,
Solving Eq. 8.45 and 8. 46 Simultaneou'sly at 475°K suggests that
g = -760 cal/mole and O( ='Q.'303 a reasonable value for short-range
order, Using .these values in‘.Eqs.,. 8.45 and 8.46, we determine that flow
stress should be ‘given by the B‘roken curve of Fig. 8.8 in the absence of
thermally aided flow mééhénisms; | Above 475°K9 the experimentaliy deter-
mined flow stress decreases précipitdus].y with an increase in temperature
and lies below the curve predicted in terms.of short-range order flow
stress. Obviously some thermalnly activated dislocation mechanism is
operative above 475°%K.

Thorough investigations on the creep behavior of this alloy above

475°K have shown that a thermally activated slip mechanism is operative. 1ob
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Following a brief inverted primary stage of creep,,over which the creep
rate increases slightly, a steady state creep rate is obtained which obeys

the relationship

. 36%0/ - %
¥=(l4203) e AT persec

(8.47)

The activatibn energy, Q= 3.3x 104':t 0.1x 104t cal/mole, is insensitive

to the stress and is in reasonable agreement with the estimated activation
energy for diffusion, Although Eq. 8.47 suggests that this creep might be
controlled by the climb mechanism, the creep curve, which does not exhibit
the usual decréasing creep rate with strain, reveals that edge dislocations
are not being piled-up against barriers. Therefore, some other diffusion
controlled mechanism of creep must apply. Since the stress is much below
the value that was calculated necessary to overcome short-range order as
long lengths of dislocations move athermal}y through the lattice, it appears
necessary to conclude that the applied stress can be aided by thermal

© fluctutation in moving short segments of the dislocations in short-range

.

ordered alloys. .

Lowley, Coll, and Cahn(loz)

observed similar creep behavior in Fe
alloys containing 22.0 to 25.5 at% Al over a range of temperatures where
short-range order is known to prevail. These authors attributed the accel-

)

eration of :cr’eep over the initial stages to a Shoeck(103 reordering effect
under stress. Such an explanation, however, cannot apply to the Ag (67 at%)
Al (33 at%) alloy since Al and Ag have almost identical atomic radii. They

observed that the creep rate for their Fe-Al alloys was given by .

_ Ser
\°?=A€ ZL” . (8. 48)
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where 4.6 % n £ 6.0 and where the activation energy closely approximates
that for diffusion of Al in Fe. Although the power of the stress term in
Eq. 8.48 was extremely high, these authors ﬁevertheless correlated their ,

results with Weertman'd: 104

theory for V»iséous drég of >amvsolu‘te at:rndsphere
on the disloca.tioris.,v Buf again, such a viscous drag cannot be opefativé in
the Ag-A'l alloys just described because the disloéatioﬁ to solute atom inter-
action is practically Zero. o |

The data on the creep of th.e: two above-mentioned shbrt—réhge
ofdered alioys >c1'vear1‘y reveal that the high étrengthening that can be achieved
by short-range ordering at low temperatures is not maintainéd at tempera-
tures where difquiOl’.l is facile, an experirﬁental fact.that contradicts pre-
vious cpncepts on short-range order streng'chéning° Aithough the high tem-
peraturé créep Jof shor’?—raﬁge rorc-lered ailoyé é.ppears to be diffusi;)n_ con-

trolled, the dislocation mechanism for this process is not yet completely

understood.
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: 9; Summary

Substantial strideé have been‘madev ’over the pasf 15 yeafs iﬁ Lincbvering
the role of many of the importént factors that determine thel physic:e‘ll mech-
anisms of high temperature creep. In certain speéial ma_teriavl.s, high |
temperéture creep might occasionally occur as a result of 'tﬁefmal écti\}ation
of special non-diffusional dislocation processes. More frequently, however,
creep at high temperatures is determined by diffusional processes, jﬁi‘incipally
the stress directed diffusion of vacancies, motion of jogged screw dislocations
and the climb of edge dislocations.

Whereas some of the proposed atomistic mechanisms for hvigh temper-
ature creep, such as the stress-directed diffusion of vacancies, are based
on sound, well-understood, detailed theories, others, such as the motion
of jogged screw dislocations and, especially, recovery as a result of climb of
edge dislocations, yet require additional attention. Thé major problems in
these areas concern not so much the formalities of the theories, Whiéh are
now well-conceived, but rather the effect of the details of dislocation patterns
and arrangements on these mechanisms. In view of the current interest in
this subject, it can be expected that considerable light will be shed on these
issues as a result of observation of dislocation patterns in crept metals by
means of electron-transmission microscopy. On the other hand the prin-
ciple judgement of the validity of any theory will remain the actual experi-
mentally determined creep behavior of materials. This is necesgarily so
because most of the significant details of creep mechanisms are on atomic
scale so as to remain below the resolution of the electron-microscope.
Counsequently the electron microscope will provide the essential preliminary
data needed to cull the unrealistic theories from those that have some basis

in fact. Theory must yet be extended to provide more detailed information
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on subgrain formation, all of the .details on dipoles, entanglements, and
all other signiﬁé‘ant structural features that might be reyealed by the
electron~micfoscope. Addiﬁona_l theoretical advances poupled with exper-
imental Verific':‘atitc'm"a‘re:r—e,quired on the problems of diffus.ion in multi-
component systems including investigations on grain bolundary diffusion -
and pipe diffusion along di.slocati'ons.

Up to the present, most of the effort to understand fhe physical basis
for high temperature créep has been based on the results éf carefully
controlled experiments on rather pure metals. Furthermore,some progress
has already been made m ﬁncovering ‘some of fhe basic issues related to
the effects of dispersions and alpha solid solution alloying on the creep
| bevhavior df metalsl. Mahy Q‘fl' these issues, howevef, require. more det'ailed
study before a comprehénsﬁé coherent theory for high temperature creep
can be formulated.

Today m’any‘(‘)f the councepts outlined_ abovev are being employed, at
least qualitatively, in the design of creep resistant alloys; and some ‘
fundamental research has already been undertaken to unravel the basic
proceéses that contribﬁte to vthe creep resistance of complex high temper—
ature engineering .alloysl° It wés not the purpose of this review to cover this
most important and interesting area. A voluminous literature now exists on
various aspects of this subject. At the risk of serious omission of other
important investigationé we should like, at least, to mention the outstanding

contributions that are being made by Glenl'05 on this difficult subject.
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