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ABSTRACT
The effect of different cooling ratés on the microstructure and properties -

of an Fe-8Al-6Mo-0.25Nb-0.8Zr-0.1Ce-0.1C alloy, initially heat treai;ed' at

- 900C for one hour, wex:e investigated. Electron diffraction and microscopy

revealed that air cooled specimens contain a uniform distrAibution' of second
phase particles of apbroximately 30003\ in diameter consisting principally of .
Iron, Molybdenuq) and Niobium. Evidence of DO3 ordered particles was also
found at this cooling rate. Oil-quenched and water-quenched specimens
presented a more distorted matrix with a smaller grain size but the presence of

second phase particles was not evident.

Mechanical strength and hardness were higher and ductility lower for the
slowly cooled specimens. However, oxidation resistance at 1000°C in air showed
only slight variation with cooling rate, and compared favorably with two

austenitic stainless steels subjected to the same treatment.

It is concluded that the substitution of Aluminum for Chromium and
Nickel in Iron-base alloys can be made with little or no loss of favorable

microstructures and properties characteristic of stainless steels.
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1. INTRODUCTION

In recent years increased attention has been paid to the §ubject
of substitution of strategic materials used in alloy fabrication,!3
Strategic materials are those which -are unavailable internally to a
manufacturing country and which must consequent]y be obtained by
import from foreign countries. Substitution is therefore employed not
because of reduced cost, but because of reduced dependence upbn exter-
nal supp1y of an essential alloying element. These elements are con- _
sidered critical in many countries around the world because of the
~ high net import;reliance—to-appérent-consumption ratio, since the
highest bercentages of the world mineral reserves are located in very

few countr1’es.4"5

However,.historically the issue of critica] mater-
ials has been addressed only after shortages have affected manufactur-
ing capabi]ities. Chromium and nickel, two of the elements most
frequently used in high temperature technology and the stainless steel
industry, are among these critical materials. EVen thoth these mater-
jals are, at present, readily available and relatively economical,
alloy research and development programs have been put on alert for
"substitution preparedness.“6
Sevefa] investigations have been carried out on iron-aluminum

7-9 when it was discovered that the addi-

alloys since around 1930,
tion of Aluminum to ferrous alloys greatly improves their oxidation
resistance. However, aluminum additions in excess of about 8% were

found to make the alloy too brittle to be of commercial value. During



the 1950's, more expelr-iment_:slo'16 were performed on these alloys in

an attempt to establish their mechanical and oxidation properties.

More recently, after the concern about critical materials arose, some
investigators have been working on the improvement of the high temper-

ature properties of iron-aluminum alloys, but very few have been ' -

17-23 In a program specifically aimed at low cost, high

sqccessfu].
strength, high temperature oxidation-resistant iron-aluminum alloys,
Nachman and Duffy24 achieved_nbtable success. Their program was
based upon the addition of refractory elements such as molybdenum,
tantalum, niobium and cerium, for solid solution strengthening, along
with zirconium and carbon for second phase IrC strengthening, in order
to increase the stress-rupture life of Fe-Al alloys at 815°C (1500°F).
It was found that the higher aluminum alloys (10-15 wt% A1) exhibited
better oxidation resistance in air, at temperatures up to 980°C
(1800°F), than any convent{ona] high temperature alloy. However,
these alloys also demonstrated very poor ductility, with elongation
values rarely exceeding 5%. Ductility seemed to improve with lower
Aluminum content,.and an "optimum" was established at 8 wt% Al. The
full compositional analysis of this alloy, designated U8, was given
as: Fe-8 Al-6 Mo-0.8 Zr-0.25 Nb-0.1 Ce-0.1 C.

Thié alloy was hot rolled at 1100°C, warm rolled at 700°C, heat

treated to 950°C and then furnace cooled to room temperature. Cyclic

4

oxidation properties at 815°C and 980°C, stress-rupture properties at
815°C and 4000 psi, and room temperature properties were measured

together with some standard stainless steels for comparison. Its
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'Cyclic oxidation behavior was'equivaleht to 321 stainless steel at the

temperatures studied. Its stress-rupture life of 150 hours was
intermediate between the martensitic-ferritic and the austenitit
stainless stée]s, and'its room temperature ductility of 16% elongation
was‘acéeptable. Unfortunately, however, no microstructural ahalysig
was done on this alloy to identify tﬁe reason for its behavior.

The aim of this research.is to establish the correlation between
microstructure and properties of the above mentioned alloy in an
attempt to understand.and further improve its high-temperature
behavior. For such purpose, three different quenching treatments were
applied after heat treatment to induce microstructufa] variations.
Oxidation tests were also performed under isothermic conditibns, since .
there was a lack of 1nformatidn on the behavior of alloy U8 in this
situation. These properties were then compared with two stainless
steels tested under the same conditions: a type 304'stain1ess steel,
which represents the largest single use for chromium in the U.S.A.,
and a type 310 heat-resistant stainless steel. Stress-rupture tests
were attempfed at a slightly higher temperaturé of 1000°C, and room
temperature properties were again measured. These properties were
then correlated with details of internal microstructure and external
oxide scale using techniques of Optical Microséopy, Scanning Electron
Microscopy (SEM), Transmission E]ectrdn Microscopy (TEM), Scanning
Transmission Electron Microscopy (STEM), Auger Electron Spectroscopy

(AES) and Energy Dispersive X-ray Spectroscopy (EDXS).



2. EXPERIMENTAL PROCEDURES

2.1 Materials Preparation and Heat Treatment

The alloy used in this work has the following nominal composition:
Fe-8 Al-6 Mo-0.8 Zr-0.25 Nb-0.1 Ce-0.1 C. Two 250 gr. cast buttons
were produced by standard vacuum melting practice at LBL faci]itiess‘
Each of the buttons underwent the thermo-mechanical treatment schemat-
ically illustrated in Fig. 1. They were homogenized for 24 hours at
1200°C and then hot-rolled at 1100°C to about 1.5 mm in thickness.
From this flat sheet, rectangular speéimens were cut off in the ro11-'
ing direction with.dimensions slightly larger than those of the sub-
size specimens specified in the ASTM standard methods of tension
testing (E8) and creep-rupture tension testing (E150-64). These blank
specimens were placed into stainless steel bags, separated into 3
groups and heat treated to 900°Cvfor one hour. Each group then re-
ceived a different cooling treatment: air cooling, 0il quench and
iced brine, respectively. Following this, they were machined to
standard ASTM dimensions.

2.2 Mechanical Testing

2.2.1 Room Temperature. Tensile flat specimens of the dimensions

shown in Fig. 2 were used for tension tests with an MTS testing
machine using a 1000 kg load at a cross head speed of 0.8 in/min and a
strain rate of 0.05 in/in. Rockwell hardness tests were conducted on
the broken tensile samples with a 1/16"-diameter steel ball and a

100 kg-major load (B scale).



£

2.2.2 High Temperatufe. Stress-rupture tests were performed at

1000°C on specimens similar to the tensile test specimens. They were
heated to uniform temperature and>then loaded to a equivalent stress

of 4000 psi to determine rupture life and elongation.

2.3 Oxidation Testing

The oxidation rate measurements were carried out in air at 1000°C
in a resistance—wound'horizonta]-tube furnace for up to 30 hours.
Specimens of about 10x6xl mm were abrasively cut from the end sides of

the broken tensile samples and then ground down on 600 grit SiC paper.

- They were degreased with acetone, measured to the nearest tenth of a
millimeter and weighted with an accuracy of 0.1 mg. The specimens

~were suspended inside individual alumina crucibles by a fine platinum

wire which was inserted through a hole drilled in the speciméns and

“wound around the crucibles. ‘Wire and crucibles were also weighed with

the same accuracy. The crucibles plus specimens were cerred with
alumina lids and placed inside an alumina boat for positioning within
the uniform temperature zone of the furnace (aT ~ 4°C). The 1oading
time for positioning and preheating was about 25 min (~0.5 cm/min);
the unloading time for retrieving and cooling was about 15 min

(=1 cm/min). After cooling to room temperature,_the specimens were
weighed together and separately from the crucibles to establish weight
gain differences. Systematic and random error were considered by cal-
culating a standard deviation (o) and placing the results within a

range of 20.



2.4 Microscogz

A1l the specimens for microscopy were obtained from the end sides
of the broken tensile samples. Gripping marks were removed by grind-
ing on an horizontal magnetic grinder if necessary. |

2.4.1 Optical Metallography. Specimens were abrasively cut under

flood cooling to be examinea over the flat faces parallel to the roll-
ing direction and across the cross-sectional area. They were mounted
in bakelite or kold-mount, rough-ground on a flood-cooled 240 grit
belt and then hand ground on wet SiC paper to 600 grit. The fine
grinding was done on a polishing wheel with a canvas cloth and 6 u
diamond paste, and then 1 and 0.3 u alumina were used on a fe1f micro-
cloth; Etching was done with a so]ﬁtion of 7.5% HN03, 2.5% HF in
distilled water containing a few grains of potassium-ferrocyanide.

2.4.2 Transmission Electron Microscopy. Thin foils of about 5

mils were obtained by chemical thinning, at room temperature, in a

solﬁtion of 4% HF in H202 from the 1 mm (~40 mils) thick tensile

specimens. Then, 3 mm discs were punched out from the foils and hand

ground on 600 grit SiC paper to about 2-3 mils to remove any oxide

layer. TEM discs were prepared by jet electropolishing. The electro-

lyte consisted of 1 part nitric acid and 2 parts methyl alcohol.

Polishing conditions were: 5-10 V, 15-20 mA, -30 to -40°C and low jet -

velocity to avoid preferential polishing of the periphery of the discs.

¢

The specimens were stored in 200 proof ethyl alcohol and subsequently
examined in a Siemens 1A and a Phillips EM301 electron microscopes, ‘

both operating at 100 KV. Subsequently, STEM and EDXS analysis were



performed using a Phillips EM400 electron microscope with X-ray micro-
analysis capability.

2.4.3 Scanning Electron Microscopy. After—test oxidation

specimens were mounted in a cold-setting resin. Bakelite-fiber pieces
wefe inserted around the specimens to protect the oxidation product
fof image and semi-quantitative chemical ana]ysis_using an AMR-1000
scanning electron microscope operating at 20 kv. A KEVEX energy
dispersive analysis unit, attached to the microscope, was used to -
determine the relative composition of the particles observed in the
'microstructures. X-rey microanalysis was also performed on the alloy
at stage A in Fig. 1, throdgh the cross-section of ﬁot—ro]led speci-
mens, to establish differences in composition.

| The fracture surface of the broken tensile semples were also
examined with this microscope to determine the crystallographic mode
of the fracture.

2.4.4 Auger Electron Spectroscopy. A scanning Auger microscope

was used to analyze the different oxide layers on the oxidation speci-
mens. The specimens were mounted in kold-mount, polished down with
0.3 u alumina along the cross-section and then removed from their
mounting with a strong solvent. Chemical mapping as well as probe-
point analysis were carried out to determine the nature of the scales

and features observed in the microstructure.



3. RESULTS

In order to simplify presentation of the results obtained, the
specimens studied will be referred to as AC, 0Q and IB for fhe three'
different cooling treatments applied to the alloy, i.e., air cooling,
0il quénch and iced brine quench, respectively. The baseline alloy
which underwent a furnace coo]ihg'tfeatment will continue to be
referred to as U8. Chemical compositions will always be specified in
weight percent, unless otherwise indicated.

3.1 Composition

The chemical composition of the alloy after homogenization and hot
rolling (point A in Figure 1), was obtained by emission spectrography.
The results are shown in Table I, wherein they are compared to the
nominal composition of the alloy U8. Although both alloys are fairly
similar in composition, there are some notable differences. For exam-
'ple, the Ce content in the new alloy is considerably lower than in
alloy U8. This element is added to the alloy for high temperature
oxidation resistance and its deficiency may negatively affect the
oxidation behavior of this alloy. Another point reported earh’erz4
was the improved room temperature ductility of alloys with Ce
additions.

Although the Mo content is not so different in the new alloy from

that of alloy U8, Nachman and Duffy24

emphasize the need for a 6% Mo
content, particularly for 980°C service. Also, with respect to the Al
content, the positive difference in the new alloy may represent a gain

in oxidation properties over U8 but it also means that there is a

L9



higher quantity of Al available for the formation of second phase
Fe3A1,'003 type ordered particles, observed in previous wor_‘k,zs"27
~ which can reduce the room temperature ductility of the alloy.

3.2 Mechanical Properties

 3.2.1 Room Temperature. Thé-mechanical properties of the alloy

at r6om'temperature are summarized in Table II. It was observed that
the strength and hafdness of the alloy increased, and the ducfi]ity
decreased, upoh reducing the cooling rate. Table Il also shows the
mechanical properties of alloy U8 reported by Nachman and Duffy.24
As mentioned before this él]oy received an even slower cooling treat-
ment, i.e.,>furnace cooTing,vénd nonetheless its yield strength is

_ lower and its ductility higher than a]loyvAC. This relationship
between strength, ductility and cooling rate is more cleér]y visual-
jzed in Fig.'3. Here; the coo]ing rates were estimafed from a pre-

vious study28

'whére they were measured by a thermocouple in the
center of the specimen and recorded by a strip chart recorder. The
error bars oh the strength and ductility values represent a 20 devia-
tion (¢ = standard deviation) based upon three tests performed for
each case. There is also a clear relationship between the ratio
YS/UTS and ductility, i.e., the ductility decreases as the ratio
YS/UTS approaches unity.

Table II also shows two other values of mechanical properties

reported ear]ier,24

alloys U9 and Ul2. Both alloys underwent the
same heat treatment as alloy U8, but had very small differences in

composition. Alloy U9 has the compositioh of alloy U8 (Table I) plus



10

0.5% Si. This variation resulted in a considerable increase in
strength and hardness, with an equally important decrease in ductility.
Alloy Ul2 did not contain Ce and its ductility was even lower. Thus,
even small changes in composition of the quaternary elements of the
alloy can be very effective in varying its properties as mentioned in
Section 3.1.

3.2.2 High Temperature. The mechanical properties of the alloy

at 1000°C were obtained from stress-rupture tests carried out with an
applied stress of 4000 psi. It-was found that this stress was too
‘severe at the temperature indicated since the rupture life values were

29 who listed

extremely short. This fact is corroborated by Parker
maximum values of initial stress during stress-rupture tests‘at 1000°C
- which were 3000 psi for austenitic stainless steels and 700 psi for
ferritic stainless steels. Jahncke and Frank30 point out maximum
useful temperatures for stainless steels of 56% and 63% of the melting
point for ferritic and austenitic steels, rgspective]y. The present
study was conducted ét about 672 ™, which is a relatively high value.
Nevertheless, the rupture-life-to-elongation ratio of the alloy AC is

higher than the 0Q and IB alloys. Smith31

suggests that this ratio

is an empirical indicator of an average creep rate. Thus, alloy AC

seems to possess a better resistance to elongation at high temperature.
The results of stress-rupture tests at 815°C of the alloys U8, U9

and Ul2 are also given in Table II. The impressive values of alloy U8

at about 54% T™™ are intermediate between the martensitic/ferritic and

29

the austenitic stainless steels™  and make this alloy very attractive

v



11

for high temperature use. The values of a1loys}U9 and U12 in compari-
son to U8 again reveal the importance of the quaternary elements on
the behavior of the alloy.

3.3 Fractography'

The fracture'surface of the broken tensile samples from the room
temperature teéts were observed in the Scanning Electron Micrqscope
(SEM) to determine the Crystal]ographic mode of the fracture. In
general, as seen in Fig. 4, the surfaces of specimens Subjected to all
three cooling rates, i.e., AC, 0Q and IB spécimens, haye the character-
istic appearance of brittle fracture with a granular.resemblance and
the "river patterns" of branching cracks related to transgranular
- cleavage surfaces. However, the AC fractures seem to exhibit a higher
.quantity of microcracks than 0Q and IB fractures.

3.4 Oxidation Properties

3.4.1 Gravimetric Results. The results of the gain in weight as

a function of (t:ime)l/2 in air at one atmosphere and 1000°C are piot- |
ted in Fig. 5 for the new alloy, as well as two austenitic chromium-
nickel stainless steels, a type 304L and a type 310, oxidized under
identical conditions. The oxidation behavior of the Fe-Al alloy was
intermediate between the stainless steels, as represented by the banded
region in the figure.’ The limits of this region represent a range of
20 as ca]cuiated from the two weight measurements performed on each
specimen., The variation in oxidation resistance among the three
differently-cooled alloys was very small. However, at every point in

time there always was a sequence followed in weight gained, i.e.,
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AC-0Q-IB in increasing order. Thus, three tentative lines are drawn
within the banded region of the'figure, which suggest that the oxida-
tion resistance is generally Better for the slowly-cooled al]bys. The
type 304L steel that was tested together with the Fe-Al alloys showed
poorer oxidation behavior with a large amount of spalled oxide and a
higher oxidation rate. Spallation was not observed on the type 310
stainless steel.

3.4.2 Oxide Analysis. Metallographic examination of the cross-

section of the oxidized specimens confirmed an increase in scale
thickness with time. Furthermore, specimens of the new alloy showed a
variation in oxide type on the opposite faces of the sheet specimens.
An example of this behavior is shown in Fig. 6. The top SEM micro-
graph shows a thin oxide layer on an AC specimen oxidized for 30 hours
at 1000°C. Small arrows indicate the presence of oxide intrusions
extending into the alloy substrate, which is indicative of a good

scale-alloy adherence.32

Also, different types of inclusions are
visible in this side of the cross section, together with some porous
areas from which some inclusions may have been etched away. The bot-
tom micrograph of Fig. 6 shows the other side of the cross-sectional
area, with an oxide between three and four times thicker and with a
two-layered appearance. It is also noted that on this side of the
specimen there were no visible inclusions. |

Figure 7 shows an optical micrograph of this section of the alloy,

after homogenization and hot rolling at stage A in Fig. 1, where an

EDXS electron microprobe analysis was performed on the points signaled

1
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by the circles. The corresponding quantitative results are shown

beneath the micrograph.' It is clear that the aluminum content

decreases and the mo]ybdenum conteht increases from top to bottom of

the micrograph. It is important to note that cerium was detected on

‘the top side, since additions of this element to high temperature

é110ys have been shown to increase their oxidation resistance.33

Moreover, the present alloy is very sensitive to variations of cerium
and molybdenum content, as pointed out éar]ier in Sections 3.1 and 3.2.
The difference in,inc]usipn content between top and bottom of the
specimen is also clear in Fig. 7. Figure 8 shows higher magnifjcation
photographs of the top side of Fig. 7, where the inclusions have simi-
lar morphology to fhe ones observed in the thin oxide side of the“oxf-

dized specimens. This suggests that the inclusions did not dissolve

even after the heat and oxidation treatments were applied to the

alloys. The inclusions ranged in sizes of about 0.1 microns to about

7 microns, with some of the small ones decorating the grain boundaries.
An EDXS analysis was performed on some of these inclusions and is

shown in Fig. 9. The inclusions obviously contained high quantities

of refractory elements such as Zr and Ce as well as Fe. Particles

with an equiaxed shape such as particle 1 possessed high percentage of

Ce, while particles with a more elongated shape weré Zr-rich. In order

to more precisely reveal the nature of these iﬁc]usions an Auger elec-

tron microscope was used, since the above X-ray emission techniques

are limited to detect those elements of atomic number (Z) greater than

about 11. Elements such as C and O can be measured using the AES
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technique and in this way the inclusions proved to be chiefly oxides
and carbides of the above-mentioned elements, which probably formed
during the melting process. Using the same technique, the distribu-
tion of the principal elements of the alloy was mapped in each side of
the cross—séction, as shown in Figs. 10(a) and 10(b) for an AC alioy
oxidized for 30 hours at 1000°C. Figure 10(a) clearly shows a fine
outer oxide layer rich in Fe with an inner, thicker Al-rich oxide lay-
er protruding into the alloy. Note also that there are some Al-rich
areas extending to the center of the cross-section. Figure 10(b)
shows an inverse distribution of the oxide layers, i.e., a thick outer
layer rich in Fe and an inner, thinner layer rich in Al with no clear
protusions into the alloy.
A point analysis of the distribution of the elements in both
oxides was performed with the Auger electron microscope by doing
microprobe analysis at different distances from the oxide—atmosphefe
interface. These are shown by the encircled white dots in Fig. 11(a),
wfth the qualitative results given in Fig. 11(b). It is obvious that
Al is not clearly detected in the thick sca]e until point 3, diminish-
ing in percentage fnto'the matrix where spectra 4 and 5 were similar.
A considerable amount of C and some Mo content are present, along with
high quantities of Fe, in the outer layers. By comparison, the thin .
oxide layer is seen to consist mainly of Al and 0. Point 2 was placed
over one of thé oxide pegs, which showed a higher quantity of Al and
some C content. Further into the alloy, at points 3 and 4, the Fe and

Mo content increased while the Al content decreased.
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3.5 Microstructure

3.5.1 Optical Metallography. The microstructures of the three

differently cooled alloys, at low magnification, are presented in

Fig. 12. The gfain size in sample IB is smaller than in the 0Q and AC
samples, as expected from its mbre rapid codiing treatment. The small
particles seen in the three samples were observed at higher magnifica-
tions where they resembled the inclusions mentioned in Section 3.4; |
Some remnant pieces of a11oy U8, donated by J. F. Nachman from the

original tensile bars used in his research,24

were also examined for
comparison of the microstructures. Figure 12 shows the microstructure
of U8 where the grain size is cdmparab]e to the IB alloy. Aithough no
inclusions were hoticed here, some secohd phase bartic]es were observed
in the‘grains, and decorating the grain boundaries.

3.5.2 TEM-STEM Analysis.

3.5.2.1 1IB samples. The microstructure of this specimen is
' given\in-Fig. 13 where an area of small grains with a high density of
dislocations and slip bands is observed. Figure 14 is a higher magni-

fication image illustrating the origin34

of the slip bands at the
grain boundary region.
3.5.2.2 0Q samples. The microstructures of these specimens
also shéwed high densify of dislocations but with an increased tendency
to form dislocation substructures and small boundaries, as shown in
Fig. 15. Figure 15(a) is a BF micrograph showing small angle boundary
pinning at a second phase particle. Figure 15(b) represents a weak

beam dark field (WBDF) of the same area}where the geometry of the dis-

locations becomes clearer. Higher magnification images of the boxed
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region from Fig. 15(a) are also given in Fig. 16 to more clearly show
the detaiied dislocation cbnfigurations. AnlEDXS analysis of the par-
ticle in Fig. 15(a) is given in Fig. 15(c), where the analysis was
performed on the partié]e and on the adjacent matrix for comparison,
using an electron probe of 400 A in diameter. The particle did not
contain appreciable quantities of Fe, Al or Mo as compared to the
matrix, but contained mainly Zr and some Nb. These quantitative re--
sults matched those shown in Fig. 9, and suggests that this particle
is a Zr-rich inclusion.

3.5.2.3 AC samples. The microstructure of these samples
exhibited a matrix which was less distorted than the two previous
specimens but which contained sbme homogeneously distributed parti-
cles. These particles ranged in‘size from 0.5 microns to about 3
microns with a few of them present at the grain boundaries, as shown
in Fig. 17(a). In order to determine the nature of these particles
and their orientation relatiohship with the matrix, electron diffrac-
tion and EDXS analyses wére performed in a transmission electron
microscope. Figure 18(a) shows a selected area diffraction (SAD)
pattern taken from a typical area such as Fig. 17(a). In this micro-
graph there are two superimposed patterns present: the matrix pattern
identified as [-113]F which is from the bcc ferrite phase and the
particle pattern identified as [741]p, which is from the diamond
cubic M6C phase. A center dark field (CDF) image of the particle
shown in'Fig. 18(b) was obtained using the reflection indicated in

Fig. 18(a). To corroborate the identification of these carbides in
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the matrix of the AC samples, several microdiffraction patterns were
obtained from several particles in Fig. 17(a). Two of these are shown
in Figs. 17(b) and 17(c). Again, the:patterns.were found to be associ-
ated with MgC carbides in-[477]p_and a [001]p orientations, respective-
ly. The composition of these particles was determined by X-ray micro-
analysis, with a probe diameter of 400 . asAshown in Fig. 19. The
corresponding spectra of each particle are shown at the bottom of the
micrographs, where it is obvious that the carbides possess a high con-
tent of Fe with some Al. It is also clear thét high quantities of the
carbide~-formers Mo and Nb are bresent, while fhe Cu and Cr signals are
present in the background. The quantitative analysis of the above-
mentioned particles shows best agreement with the stoichiometry of
M6C carbides. Also, at the C and Mo levels contained in the alloy
(0.1% and 6%, reSpectively), the formation of.MGC carbides agrees
with the ternéry equilibrium Fe-Mo-C phase diagram.35

Some evidence of 003 ordering was found in the AC samples, as
shown in Fig. 20. Here, the [001] SAD pattern of the ferrite‘phase
showed weak and diffuse 100 type superlattice reflections from which
the CDF image of Fig. 20(c) was obtained.

3.5.2.4 U8 samples. The microstructure of this alloy was

similar overall to that of the AC samples described above. Figure
21(a) shows a typical area where the same type of particles are seen.
These particles were also homogeneously distributed throughout the

matrix and grain boundaries but they were slightly larger, ranging

from 2 microns to 7 microns in size. Microdiffraction and
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| microanalysis again revealed that these paticles were M6C carbides,
rich in Fe, Al, and Mo and Nb, as shown in Figs. 21(b) and 22.

The presence of the DO3 type ordered particles in these alloys
was much more definite, as shown in the [001] SAD pattern of Fig. 23,
where the superlattice reflections of the DO3 structure are very
clearly resolved (c.f. Fig. 20). The CDF image of these particles in
this.case was consequently also better resolved, as seen in Fig. 23(c)
where the particles appeared to be aligned parallel to the <110>

projection, in accordance with previous work.gs'27
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4. DISCUSSION

4.1 Mechanical Properties and Microstructure

- The mechanical properties of the alloys studied, summarized in
'Fig: 3, indicate an obvious increase in strength as the period of time
to cool down to room temperature from 900°C is increased. The
strength undergoes a peak for the air éoo]ing treatment but then it
decreases when the alloy is subjected to prolonged furnace cooling
(alloy U8). These facts suggest that strengthening may be produced by
age hardenfng through precipitation of secondéphase particles, in
addition to any solid solution strengthening which may result from.the
extensive alloy additions. Fromﬂthe microstructural results it is
‘noted'that MSC carbides were observed in the AC and U8 samples but
not. in the 0Q or IB samples. These carbides most probably precipi-
tated upon slow cooling from 900°C. Carbide precipitation during slow
cooling has also been observed in controlled rolled low carbon steels

containing Nb36

. The larger size of these carbides after furnace
cooling plus the decrease in strength suggest that an overaging pro-
cess has occurréd with respect to the air cnoling treatment.

It is clear from an analysis of the larger carbide particles in
these samples that they are simply too coarse (~3 microns) to con-
tribute significantly to strengthening. Furthermore, their inter-
facial structure is characteristic of fully incoherent boundaries,

which for this size of particle, are also poor strengtheners. How-

ever, there is evidence of a large amount of smaller carbide particles
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(see Fig. 17) in the stronger éamples which were not evident in alloy
U8. These small particles are most likely the major sourée of precip-
itation hardening.

The‘strengthening of the 0Q and IB samples may be produced by
dislocation mechanisms involving subgrain boundaries as mentioned
previously in Section 3.5.2. Furthermore, the suggestion of pinning
(arrowed in.Fig. 16(b)) might be used to exp]éin the higher yield
strength of the 0Q samples over the IB samples. Here again it is
suspected that the slower o0il quench may have induced a fine carbide
precipitation which was suppressed by the more rapid iced brine quench.

There may also be a secondary hardening mechanism acting in these
a]]oys, induced by the ordering process occurring in the slowly cooled
samples. Some Fe-Al alloys have been observed to exhibit very small
ordered particles, with the DO3-type structure after quenching and
aging. These particles have characteristic strain-contrast imagesvand

25-27 and most importantly show localized-

electron diffraction effects,
strain fields along <110>, or <100> depending on the foil normal and on
the operating reflection. As reported in Section 3.5.2, the ordered
superlattice reflections were better resolved in the furnace cooled U8
sample than in the AC sample and were not found in the 0Q and IB
samples. This is most likely the result of an increased volume frac-
tion of the ordered phase with s]ower cooiing rate.

It is clear that this hardening mechanism is less effective than

the precipitation of carbides since the yield stress actually decreased

for the U8 sample. It is also obvious that the grain size influence on
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strengthening‘is less impoftant than the carbide precipitation
reaction, as illustrated in Fig. 12 where the~1argest grain size is
found in the AC sgmple, which nonetheless showed the highest resistance
to yield. This fact is further corfobprated by the smaller grain size
and the 10wer strength exhibited by the U8 sample.

It is also épparent, that the mechanical properties of the new
alloy at 1000°C were very.poor and there was no cleér difference in
behavior among the three ﬂifferent cooling treatments. However, the
AC sample exhibited a better créep behavior by its higher rupture
life/elongation ratio. This may be explained by the fact that the
matrix s}ip was retarded by the presence of the MGC carbides while
grain boundary slip was inhibited by larger grain size of the AC
samples.

In addition, the fe]atively higher quantity of microcracks found |
in the AC sample (Fig. 4) represents a higher quantity of particle-
forming microcracks. The MGC carbides are again thought to play a
significant role here, since they were present at grain boundaries as
well as in the matrix grains in the same distribution as that of the
observed microcracks. |

4,2 Oxidation Properties and Microstructure

The three samples of the Fe-Al alloys tested exhibited at any time
in these experiments two kinds of oxide scales. As such the results
represent a yariation in the oxidation properties which are possible
for these alloys. This unconventional oxidation behavior is obviously

due to a composition gradient from one side of each sample to the
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other across its cross-sectional area, as seen in Figs. 7 and 1l.
These analyses showed that in the thick oxide side there was a high
content{of Mo present. As mentioned ear]ier in Section 3.1, thev

'properties of these alloys have been shown24

to be very sensitive to
~ the presence of this element. Specifically, oxidation resistance is
drastiéally decreased when the Mo content increases beyond 6%. Also,
the Al content necessary for the formation of an Al-rich protective
oxide, obtained from these analyses in the thick oxide side was
considerably lower than in the thin oxide side. Some authors37’38
point out that at 1000°C the initial oxide layer formed on the surface
of Fe-Al alloys appears to be a solid solution of A1203 and Fe203
which is rich in any of these two phases depending on the quantity of
Al available in the substrate. These facts tend to indicate that the
thick oxide.sca1e may have the composition of an Fe203-rich oxide and
that the thin oxide scale may have the composition of an A1203-rfch
oxfde. The chemical maps of Fig. 10 obtained by the AES technique
further confirm this theory. The thick oxide scale not only appeared
to be very thick but also gave evidence of poor adherence to the sub-
strate. Some areas of the scale in fact exhibited a gap in continuity
and no peg-like features were observed there. On the other hand, the
thin oxide scale was both continuous and marked with peg-like oxide

32

protrusions indicative of good adherence to the substrate. The

other important features observed in this side were the Zr-rich and

Ce-rich inclusions present in the grains and along the grain boundar-

33

jes. This is a significant fact since it has been reported™ that
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the dom{nant oxygen transport mechanism in the oxidation'of'A]203-
forming alloys js via grain boundary short circuit paths. Thus, these
inclusions may assist in reducing the scale growth rate.’

The gravimetric results from the isothermic oxidation testé
plotted ih Fig. 5 showed only slight variation with coo]iﬁg rate. The
form of these curves suggests a parabolic type of oxidation behavior
which is usually associated with a diffusion-controlled oxidation

39 ‘The rate of oxidation is controlled by either cation

mechanism.
or anion diffusion across the barrier film. If the process is

diffusion-controlled the weight gained (wg) can be approximated by:

wg = Kd Dt
where K = a dimensionless functioniof the driving force
d = density
D = diffusion_coefficfent
t = time.

Therefore, in a plot of w.g. vs. tll2

, the slope gives the value
Kd#ﬁﬁl which is an indicator of the oxidation kinetics. From Fig. 5
it is obvious that the Fe-Al alloys underwent an intermediate oxida-
tion behavior between the austenitic stainless steels. Also, it would
appear that the AC samples exhibited better oxidation resistance than
the 0Q or IB samples. The MGC carbides present in the matrix and
grain boundaries of the AC samples may be adding to the effect of the
Zr and Ce-rich inclusions mentioned above. These carbides also showed

a high content of Mo by which the respective decrease of this element

in the surrounding ferrite matrix could be a positive influence on its
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oxidation resistance. Moreover, if the Al-rich oxide growth is deter-

mined by the oxygen diffusing into the alloy via grain boundary short

circuit paths, the larger grain size and consequently the reduced

' grain boundary area of the AC samples may be directly responsible for

their apparently better oxidation resistance.

4.3 Suggestions for Future Work

To further improve and understand the behavior of these Fe-Al

alloys the following suggestions have developed from this analysis:

a)

b)

c)

d)

e)

An investigation should be undertaken of alloys with higher
Ce content, since these hold the promise of better oxidation
properties.

Aluminum contents upito 9% might be studied for a possible
increase in oxidation resistance with no attendant loss in
ductility.

An adjustment of the Nb to Mo ratio should be investigated
for its effect on‘oxidation resistance. A balance of these
two elements may improve oxidation resistance by decreasing

the Mo content, without sacrificing strength through

formation of niobium carbides.

A slight increase in the inclusion-forming element Zr might
also be tried for enhanced oxidation resistance.

An aging treatment after iced brine quenching would be worth
comparing to.simple air cooling, since this would help to
establish differences in both the precipitation and ordering

processes.
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Elevated-temperature stress-rupture tests should be performed
at slightly lower temperatures in differently cooled samples
to determinévthe relationship between cooling rate and high.

temperature strength.
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5. CONCLUSIONS

The Fe-Al alloys studied in this work exhibited microstructures,
mechanical properties and oxidation properties that compare
favorably with 300-series stainless steels.

Slight variations in composition of alloying elements such as Mo
have a considerable effect on the oxidation behavior of these
alloys.

A large grain size and the presence of refractory Zr and Ce
inclusions seem to provide these alloys with enhanced oxidation -
resistancé.' 4
Compositional analysis on the oxidized alloys has established thét
Al diffuses to the surface and forms an Al-rich oxide.

The most effective strengthening mechanism acting on these alloys
appears to be the precipitation of M6C carbides upon slow
cooling from 900°C. A small grain size is less important overall
than precipitation hardening on the resistance to yield.

The presence of small second phase 003-ordered particles was
confirmed in the slowly cooled alloys.

The crystallographic mode of the fracture of these alloys at room
temperature is of the cleavage type.

An air cooling treatment from 900°C seems to yield the best
properties of these alloys. However, if one is willing to
sacrifice some strength, better ductility can be achieved by a

faster cooling treatment.
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Table I. Alloy composition.
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“Alloy. Compositibn,‘wt%
Designation . ~ Fe Al Mo Ir Nb Ce C
u8 Bal. 8.00 6.00 0.80 0.25 0.10 0.10
AC, 0Q, IB Bal 8.25 6.22 '0.72 0.22 0.075 0.096
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Table II. Mechanical properties.

Room Temperature

High Temperature*

Ailoy Total Rupture Rupt.
Desig- UTS Y5, Y;/ E]gng._ Hardness Life Elong. Liﬁg//, )
nation ksi  ksi uTsS RC Hours long. :
AC 92 77 0.8 7.5 18.6 0.05 68  74x107
o 8 69 0.8l 8.6 15.7 0.03 61  49x107°
18 83 64 0.77 8.8 11.7 0.05 72  69x107°
us 93 70 0.75 15.5 21 150 70 2.14
u9 103 8  0.83 6.0 27 - 75 35 2.14
u12 89 76 . 0.85 4.5 24 9.7 120  0.08

*Test temperatures were 1000°C for AC, 0Q, IB and 815°C for U8, U9, u12.

Applied stress was 4000 psi in all cases.

-
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FIGURE CAPTIONS

Alloy thermomechanical and heat treatments: schematic.

Schematic drawing of rectangular tension test specimen.

Comparison of room-temperature mechanical properties for

~ alloys studied.

SEM fractographs of tensile specimens. |

Isothermic oxidation at 1000°C plotted as weight gain vs.
timel/? for alloys studied. | | -
SEM micrographs of sample AC oxidized for 30 hours at 1000°C.
Optical Micrograph and EDXS ana]ysiS of the cross-sectional
area of the alloy after homogenization and hot rolling.

High magnification SEM micrographs of inclusions present in
the homogenized and hot rolled specimens.

SEM micrograph and corresponding EDXS analysis of the

labeled inclusions.

AES chemical mapping of Fe, Al and 02 in the cross-section

of sample AC oxidized for 30 hours at 1000°C: a) thin oxide
side; b) thick oxide side.

Auger micrographs of oxide scales of sample AC oxidized 30
hours at 1000°C, showing the sites of AES probe-point
analysis. a) Top: thin oxide side. Bottom: thick oxide
side._'b) Corkesponding AES spectra. |

Optical micrographs of thé alloys studied.

Low magnification TEM micrograph of samplie IB.

Higher magnification TEM micrographs of sample IB.



Fig.

Fig.
Fig.

Fig.

Fig.
Fig.

Fig.

Fig'

Fig.

16.
17.

18.

19.
20.

21.

22.

23.

34

Low magnification TEM micrograph of sample 0Q showing the

probe site of the EDXS analysis. a) BF. b) WBDF. c¢) EDXS

- spectra.

Higher magnification TEM micrograph of the boxed area in the
previous figure.v a) BF. b) WBDF.

a) BF of particles present in the AC alloys. b) and

c) Micfodiffraction patterns of two of these particles.

a) SAD pattern of a typical area in the microstructure of
the AC alloy showing the orientation relationship between
matrix and precipitate. b) CDF ﬁmage from the reflection.
indicated in a).

BF micrographs and correspondent EDXS spectra of two
different particles in the AC sample.

a) BF. b) SAD. c¢) CDF micrographs of matrix and’DO3
ordered particles in sample AC.

a) BF of particles present in the U8 alloy.

b) Microdiffracfion pattern of one of these particles.

c) Microdiffraction pattern from the matrix.

BF micrograph and corresponding EDXS spectrum of a particle
in the U8 alloy.

a) BF. b) SAD. c) CDF micrographs of matrix and DO3

ordered particles in the U8 alloy.
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THERMOMECHANICAL AND HEAT TREATMENTS
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RECTANGULAR TENSION TEST SPECIMEN
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ROOM TEMPERATURE—MECHANICAL PROPERTIES
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ISOTHERMIC OXIDATION AT 1000°C
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XBB 820-10829

Figure 6.
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XBB 820-10832

Figure 8.
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820-10831

Figure 11(a)



47

AES

t Thin oxide

>

e Oe O

' —
j} A
l

3 [\J /dv‘r._“w(fw‘“ﬁwwm

[ ENERGY 1070V

AES

Thick oxide

ISP WITLV

T enenay 1w0?ev’ 1 &

XBL 8212-12274

Figure 11(b)



48

_MM
M

-10827

XBB 820

pm

250

Figure 12.



49

XBB 820-10824

Figure 13.
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XBB 820-10825

Figure 14.
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XBB 820-10821

Figure 15.
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Figure 17.
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Figure 21.
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author(s) and not necessarily thosé of The Regents of
the University of California, the Lawrence Berkeley
Laboratory or the Department of Energy.

Reference to a company or product name does
not imply approval or recommendation of the
product by the University of California or the U.S.
Departmém of Energy to the exclusion of others that -
may be suitable.




¢

TECHNICAL INFORMATION DEPARTMENT
LAWRENCE BERKELEY LABORATORY
UNIVERSITY OF CALIFORNIA
BERKELEY, CALIFORNIA 94720



