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A MICROSTRUCTURAL STUDY ON THE PROCESSING AND PROPERTIES

OF HIGH-FIELD A15 SUPERCONDUCTING MATERIALS

ABSTRACT

Superconducting properties of high—field Al5 materials were studied

in terms of the physical ;nd chemical states of the Al5 phases. Higher
critical current is achieved through microstructural control, which is
based on knowledge of the relationships between processing variables,
microstructure, and the résultant properties. The Al5 materials inves-—
tigated include the V3Ga and Nb3A1 phases formed by a‘direct-ptecipita-
tion process, the multifilamentary Nb3Sn formed by the bronze-process,
and the bronze-processed Nbssn with a Mg Qddition.

The direct-precipitation process has been found to have an intrin-
sically inferior critical current and lower stability, due to the large
effective grain size, off—stoichiometric composition, and the high
stability of BCC films between Al5 grains. For the bronze-processed
Nb3Sn multifilamentary wire, microscopic examination reveals that the
reacted layer consists of a three—shell composite structure. A mecha-
nism to account fof the formation of this structure is proposed. The
critical current density is apparently determined by the areal fraction,
grain size and composition of the central, fine—grained layer. Isother-
mal aging at intermediate temperatures (700-730°C) yields the best
combination of microstructural features and the highest critical cur-

rent. Double-aging treatments that start at 700°C and finish at 730°C
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improve the microstructural state of the Al5 layer, and enhance the

critical current density by approximately 50% at fields between 10 and

15T. Magnesium addition to the bronze matrix increases the attainable
critical current density (100-300%) in bronmze—processed multifilamentary
Nb3Sn wires as compared to the Mg—free wire at the nearly fully reacted
heat treatment conditions. The Mg segregates almost completely to the
Nb3Sn layer, and resides predominately within the Al5 matrix. The most
obvious effect of the Mg aadition is to retard grain coarsening during
growth of the Al5 layer, yielding a uniformly fine-~grained AlS5 layer.
The theories of superconductivity, flux pinning, and the metallur-
gical principles of Al5 conductors are critically examined. A mathema-
tical model for calculating the free energy increase of a superconduc-
ting body by the passage of an external current is proposed, based on
the increase in kinetic energy of the electroms. A new interpretation

of inductive Tc measurement and ch estimation is also discussed.
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I. INTRODUCTION

Superconductivity, discovered by Kamerlingh Onnes in 1911 [1], is
the complete loss of resistivity and the nearly perfect diamagnetism at
some low, but finite. temperature. It is a property of the metallic
state, in that all known superconductors are metallic under the condi-
tions that cause them to exhibit superconductivity®*. This phenomena is
not particularly rare as a quarter of the elements and over 1000 alloys
and compounds are superconductors [2]. Metals that are not superconduc—
"tors are usually either good electrical condﬁctors at normal tempera-—
tures, such as the alkali and noble metals, or transition metals with
stroﬁg magnetic moments. Superconductivity appears below a critical
temperature, Tc, which is a characteristic of each material. Above Tc,

superconductors behave exactly as normal metals, their resistivity de-

creases with decreasing temperature. At T the resistivity drops

c’
sharply to zero and remains zero‘at all temperatures below T ,. Critical
temperatures are of the order of a few degrees Kelvin——the element ;ith
the highest T, is niobium (9.2K) and the highest known T, is 23.4K for
Nb;Ge.

Almost immediately after the discovery of superconductivity, Onnes
found that superconductivity was destroyed by the passage of a tramnsport
current density greater than a critical value Jc‘ or by the application

of an external field greater than a critical value, H, [4]). The J.» H

c Cc

* A few nonmetallic materials can be made to superconduct, i.e., under
high pressure, The pressure, however, converts them to metals before

they become superconducting.



_and Tc of a particular material not only depend on each other but are
also influenced by the metallurgical §tate of the material.

The factors determining the metallurgical state of a superconductor
are: composition, long—range—ordér paraneter, state of strain, and
microstructures. A closed volume within the critical surface in the J,
E and T three—dimensional space is the superconducting phase region. An
example of Acritical surface of a Nb-Ti alloy in fhe.J, Eand T tiree-
dimensional space is shown in Fig. I-1.

iodern high-field supefconductors are capable of carrying Ligh
current witkout energy dissipation. Figure I-2 shows the critical
current densities Jc versus applied magnetic field II at 4.2K for supe%-
conducting NbéSn and MbTi as compared with the normal concuctor in a
conventional iron-core electromagnet.

The high Jc allows thke coastruction of hiéhly compact machines, and
the absence of energy loss recduces tike necessity for intermal cooling.
Many large scale industrial applications of superconductivity have been
proposed in the areas of high emergy physics, thermonuclear fusion
reactor, magnetohydrodynamics, and emergy storage, transformation, and
transmission,

lfany factors will affect whether or not the above applications
ultimately prove feasible. However, the most important factor under-—
lying any technological application is the understanding of the super-
conducting wmaterial and the optimization of its properties.

In this work, high resolution microstructural analysis techniques
were used successfully to study the corrclations between processing and

properties of Al5S-type superconducting materials (VsGa, NDSAI ana }bSSn)



fabricated.by the'&irect precipitation process’ and the 'bronze pro-
cess’, The &irect prepipitation process is a monolithic method where
the superconducting Al5 phase (brittle in nature) is precipitated out inm
the relatively ductile BCC matrix. Microstructural analyses revealed
thé formation mechanism of the Al5 phase: the nucleation is assisted by
lattice defects that can be controlled by prior deformationp the growth
of Al5 grains follows a usual grain growth mechanism, and the morphology
of the microstructure varies with different'binary systems, composition,
and prior deformation. The resulting superconducting properties are
presented and correlated with microstructural observation.

The most common method for producing high-field'Nbssn supercon-—
ducting wires is the ''intermnal bromnze'’ process. In this method,
niobium rods are inserted into a Cu—Sn bronze billet and drawn into a
fine, munltifilamentary wire. The wire is then heat treated to form the
Al5 superconducting phase of_Nb3Sn through a diffusion reaction at the
niobium-bronze interface. This work was undertaken to characterize the
micro#tructure of a typical wire with a fixed ihterpal geometry, to
e;tablish a general connection between the microstructure and the heat
vtreatment, aﬁd to identify and correlate the microstructure parameters
determining the superconductive properties. This work led to an effort
to design heat treatments that would impro?e the microstructural state
of the Al5 layer so as to enhance the critical current characteristics,
The success of the modification in heat treatment has obvious engi-
neering implications, but it also gives credence to the qualitative
relations between processing, microstructure and properties that emerge

from the characterization studies.



A further improvement of the current carrying capacity.of 2 bronze-
route wire is of great importance. From the underst#nding of the corre-
lations between processing, microstructure and properties, it is loped
- that the microstructural state of the Al5 layer and, hence, thie criti-
cal current could be improved by the addition of a small amount.of a
ternéry element into the Bronze matrix, . [Magnesium was selected for
this purpose for reasons that will be given. This led to an.effort to
fabricate multifilamentary wire on a laboratory scale for the fundamen-—
tal studies. The wires with various concentrations of Sn and g in the
bronze matriz containing 133, 8-13unm diameter, niobium filaments were
successfully fabricated by swaging and drawing processes. liicrostruc-~
tural and microchemical analyses revealed that thc.magnesium segregﬁtes
into the reacted Al5 layer and retards graim coarsening during growtk of
the Al5 layer, yielding a uniformly fine—grained product. The reactior
rate of the A15 phase formation is significartly altered from wire to
wire by the addition of Mg and tie small variation in the processing.
Therefore, the comparison of the effect of g addition on the critical
current density is made by comparing the Jc of sawples at their nearly
fully reacted comnditiorns. The critical current densities of the
magnesium-containing wires were enhanced compared with tne magnesium-—
free wires., These results are presented and discussed in Chapter VIII.

In the next chapter, tihe fundamental theory of superconductivity is
reviewed, and the.principles of various property measurewment methods are
discussed. Particular attention will be given to the free energy
describing the superconducting to normal transition, end a mocdel of
calculating the increase of free energy oy the passage of electrical

current is proposed. Chapter 111 concentrates or tihe tneory of flux



pinning and the metallurgical parametefs influencing superconducting
properties. The metallurgy of Al5 superconductors and various fabrica-
tion techniques to produce Al5 superconductors and their advantages or
drawbacks are.discnssed in Chapter IV. The details of experimental
procedures are presented in Chapter V. The results and discussions on
the microstructures and propgrties of VsGa and Nb3A1 precipitates in BCC
matrixés are.give# in Chapter VI. In Chapter VII, the study of the
influence of heat treatﬁent on the structure and properties of a bronze-
processed Nb3Sn multifilamentary'wire is presented. The fqllowing chap—-
ter discusses the influence of magnesium addition to the ﬁronze on the
critigal current of bromze-processed Nbssn multifilamentary wire. . The

conclusions of this work are given in the final chapter.
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II. FUNDAMENTAL PHENOMENA OF SUPERCONDUCTIVITY
In tnis chapter the fundamental phenomena of superconductivity are
presented. The microscopic theory (LCS theory) and thermodynamics are
first reviewed, followed by tke phenomenological descriptions of super—>
conductivity. The reader who is familiar withvsuperconductivity ay
proceed directly to section II.A.2 where the tkermodynamic variables and
principles of properties measurement are discussed.

-

A. THEOTY OF SUPERCONDUCTIVITY

1. liicroscopic theory. The occurrence of superconductivity in bulk

metals is marked by: (1) the disappearance of resistivity (p, > 0), and
(2) a near perfect diamagnetisz (x, = -1). (3) The normal to supercon-
ducting transitiom is a second order phase transformation, and (4) the

transition temperature Tc depends upon the mass of the positive ion:

T.m® = constant (D

where @ is a constant on tke order of 1/2 and depends on the material.
These four fundamental properties characterized the superconductinag
pbase. Bardeen, Cooper and Schrieffer [1] suggested a microscopic
theory of superconductivity that can describe all tie above mentioned
properties known as the BECS theory. It was shown tiat a net attractive
potential can occur between two electrons with their momenta sligktly
greater than tLe Fermi surface due to an electron—phonon interaction,
The total energy oi electrons can be decreased i1f the decrease in tihe

potential energy is greater than the increase in the Kinctic encray.



This is possible for paired RBloch states where one electron is in the
kth state and the second in the —kth state, These two electrons are
bound together through the lattice disturbance (phonon) produced by each
other. Two pai?ed electrons in this state are known as the Cooper pair
[3]. The distance over which this coupling occurs is of the order of
tke coherence length. Any scattering process will only cause an inter-
change of momentum between the paired electrons and the total momentum
is conserved, The result of this interaction is the loss of electrical
resistivity.

Using tke uncertainty principle, Pippard [2] argued tkat the size
of a bound pair is not less than about hvf/Eb, where the Ve is the Fermi
velocity, This binding energy, Eb' turns out to be on tke order of
ka The BCS theory supplie; the proportionality.constant and defines

tlhe spatial extend of a Cooper pair by tke coherence lengtk, &o, where

RV,

£, = 0.18-— 2)

[§

This distarnce is much larger than the interelectron spacing and the
Cooper pairs are strongly overlap.

The.success of the BECS theory is that it explains how the proper-
ties of superelectrons arise from first principles ancd a microscopic
view.

2. Thermodynamics of Superconductivity. Although the free emergy

density &n of a metal in the normal state is independent of the strength

“a of tlie applied magnetic field, in the superconducting state the

application of a magnetic field raises the free energy density GS oif tue

wetal by ar amount 1/2 ”o“az' The critical field &  is that field



strength which would be required to rai;eAthéiffcéﬂenergy of the super-—
conducting state above that of the normal Staﬁét The difference in free

energy density between the normal and supercdﬂduéting states is,

8,—8 (H,) = %MH:Z—H:) , , ®

By using the first law of thermodynamics [4], the difference in entropy

v

per unit volume is:

S, —S, =-u, H(% ._, (‘.1)

since Ha does not depend omn T. fhe critical field always decreases witk
increasing temperature, and the righkt hand side of this equation must be
positive. Therefore, the superconducting state has a higher degree of
order than the norral state. This is in agreement with the BCS micro-
scopic description of superconductivity [1] according to which the
electrons in a superconductor condense into a highly corfelated system
of electron pairs.

As a consequence of thermodynamic laws, if a superconducting mate-
rial is placed in an external magnetic field, the magnetic field will be
excluded from the body of the superéonductor. However, the supercon-—
ducting and normal phases may coexist under appropriate conditions. For
Type—I superconductors the interfacial energy between normal anc super—
conducting phases is positive and the co—-existence can only occur for
special sample geometry in which there is a non—zero demagnetization
coefficient. On the other hand; Type-1I superconductors have a negeztive

1

interfacial energy between normal and superconducting region.



_Therefore, a spontaneous decomposition into normal and superconducting
regions will result with an external field greater than a2 certain
strength, “cl' This decomposition will yield the lowest free eneryy
when.the normal region is a regular array of long rods each containing a
flux quantum. The rods are called vortices or fluxoids as a result of
tke supercurrents surrounding them, and the regular array oflthe
fluxoids are known as the flux—line-lattice (FLL). A FLL is depicted in
Fig. II1.1. Notice tke directions of surface and vortex supercurrent,
The net macroscopic effect is that the sample exhibits a non~perfect
diamagnetism (-1 ¢ X < 0). VWher the exterhal field increases, the
lattice spacing between the vortices decreases,. Eveﬁtually at ; criti-
cal field strength, ch the vertices overlap and sgperconductivity is
destroyed.

T

3. The Phenomenological Theories of Type I Superconductors. Type I

superconductors typically have critical field below 0.1 tesla. Tue
Londons [5] proposed a set of equations to describe the infinite conduc-

tivity and near perfect diamagnetism of this state:

2,4 _ 5
#nkddt E (5

and

AV xJ=-H (6)

.2 . . . .
witere A® = m/ponSez, the penetration deptl, typically in tke range of

500 angstrom. The penetration depth descrivbes the depth of magnetic

10



field decay into the'superconductor. As a result of this penetration,
even Type I superconductors are not perfectly diamagnetic.

The Ginzburg—-Landau theory [6] is an altermative to the London
theory. To an extent, it is also a phenomenological theory in the sense
that it makes certain assumptions whose justification is that they
correctly describe the phase transition in zero field and T near TC'
But unlike the London theory it uses quantum mechanics to predict the
effect of a magnetic field. The first assumption of the theory is tkat
the behavior of the superconducting electrons ﬁay be described by an
'effective wave function’ lp'. which has the significance that | Y2
is equal to the density of superconducting electrons. It is then
assumed that the-difference in frée energy density can be described by a
powér series in | sz 12. After minimizing the free energy with respect
to | ILT |2 and the vector potential, A, the London equations were

derived with a new penetration depth,

A= M (7)
et v]?
the penetration depth is allowed to vary spatially throug b4 .
b ion depth is allowed tially through | Y (x) |2
The consequences of the Ginzburg-~Landau theory is that the penetra-
tion depth not only is field-dependent but also thickness-dependent., It
also correctly predicts the change from first to second order transi-
tions with decreasing sample thickness.

4. Type-II Superconductors. The Ginzburg—-Landau theory leads

explicitly to the concept of a surface energy between the mormal and
superconducting region. This interfacial emergy is required by the fact
that the wave functions can only vary over a finite distance. In tie

theory, a dimensionless parameter is introduceu:

11
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The crossover frow positive to negative surface energy was found to

20-3).  Abrikosov [7] showed that for kappa

occur for kappa equal to 1/(
greater than 1/(293) the negative surface energy forces the flux sur-
rounding normal regions‘to subdivide until each region_contains a single
quantﬁm of flux. 1Ile went on to demonstrate that these fluxoids form a
regular lattice with the wave function going to zero at lattice poinmts.
These materials are defined as Type II superconductors.

For all superconducting materials, Type I or Type II, the area

under the reversible magnetization curve corresponds to the condensation

energy,

[ MdH = u,H | (9)

Equation 9 defines the themodynamic critical field, Hc, for a Type II
superconductor. The upper and lower critical fields can be related to

the thermodynamic field using the CGinzburg-Landau parameter, F{ (71:

H.
= ¢ (10)
He V2 k(1nk + 0.08)

and

H.,=</2xH, (1)

}(’ is related to Py the normal state resistivity, and y, the temper-—

ature coefficient of the electronic specific heat by the relationship:
1 ;

K =‘K“ + 7.5)(10_3 ')'3p11 (12)

wiiere }(o is an intrinsic materials constant.

12



D. THERMODYNAMIC VARIAELES AND PRINCIFLES OF PROPERTY MEASUREMENTS.

1. The Gibbs Free Energy of an Electro-l!iagnetic Body. The work done

by an applied magnetic field, l, to produce a change of magnetic moment,

dM, of a magnetic material can be described by:

dWy, = u, HdM : (13)

where Ko is the magnetic permeebility of free space.
By the same analogy, the work done by an applied electric field, E,

to produce 2 change of polarization Pe of a dielectric material is:

- dW, = ¢, EdP, ‘ (14)

where €, is the electric permieability of free space.

The Gibbs free energy of a body in the presence of elect'ri': and

magnetic field is [8]

G=U-TS+PV—u,HM - ¢,EP, 15)

Swall changes in the conditions will produce a change in G given by

dG = dU — TdS — SdT + PdV + VdP — u,HdM — p , MdH (16)
—¢€,EdP, — ¢,P.dE
If the temperature and pressure are kept comstarnt (dT = ¢P = 0), we have

dG = dU — TdS + PdV — pu, HdM — u ,MdH _ (17
—¢€,EdP. — ¢ ,P.dE
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From the first law of thermodynamics,

dU = dQ — dW = TdS — PdV + u,HdM + € EdP, (18)

as a result of equations 13 and 14. Therefore,
dG = — u ,MdH - €,P.dE (19)

anG the difference in free energy of a body when it is magnetized and

polarized by an electrical and magnetic field is:
H £ _
G(H.E) = G, = —u, [ MdH — ¢, [ P.dE (20)
o o

If we reuove the conditions of comstant temperature and pressure,

i.e., dT and dP not zero, tken:

dG = — SdT + VdP — u,MdH — €,P.dE (21)

This change of free energy of a dielectric and magnetic body is
described in equatiom 21. For a superconducting body, nowever, the last
tern: - eOPedE is zero. This is because the ability to polarize by an
e;ternal electric field is zero. Therefore, a different thermodynamic
work function has to be found to describe the increase in intermal
energy by the passage of electric current.

2. The Increase of Internal Energy. The work dome by a passage of

external current, i.e., the increase in the intermal ener.y, of a



superconducting body is a very c'omplicated one. In a' dielectric nate-
rial.v.where the applied electric field, E, causes a polarization, Pe,
the work qone or the increase in intermal emergy can be described by
eoPeE. However, by the passage of an electric current, tke internal
energy of a superconducting body increases, even if there is no electric
field inside the body and the eOPeE term is zero. In the followiné, I
will fiArst describe the work done by an external current using a simple
two fluid model [9]. Then, in order to discuss a deeper insight of th/e
physical meaning, a quantum mechanics treatment will be pointed out.
The superconducting to normal transition critical current can then be
discussed.

In the two-fluid model, a superconductor can be regarded as comsis—
ting of two interpenetrating electronic fluids, the normal electroms and

superelectrons with densities n_ and ng, respectively. At the ground

n
state, the distribution of electrons .in momentum space is isotropic,
i.e., there are as many electrons travelling one way as the other. If
an external current, I, is applied to the superconducting body, then
each Cooper pair will have a resultant momentumn, P, which is the same
for all pairs. And an additional kinetic energy as compared with the

ground state internal energy: nsP2/8m will be observed. Therefore, the

work done by the external current is

P (22)

W, = n,
£= 0 8m

where m is the effective mass of the electron. The curreat density of

the body is related to the net momentum:
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J=en, = (23)
2m -
therefore,
= p (24)
We 2en, J

Also, from the simple two fluid model, the first approximation of
stored energy (or work) can be obtained.;t should be noted that equa-
tion 24 is not a thermodynamic work function. The real thermodynamic
work function should be able to separate explicitly by the product of an
intensive and an extensive variable. Hoyever, equation 24 yiele a
first approximation of the value of a thermodynamic work fuction, We.
The change of Gibbs free.energy of a suprerconducting body, equation 24,

can be rewritten as:
dG = — sdT + VdP — uw,MdH — dW; (25)

A more rigorous treatment can be derived from the microscopic
theory. Here, only some physical meaning and the line of procedure will
be arguec. The mathematic derivation is still in progress, in the hope
that the intensive and extensive Qariables can be found and.correlated
with the properties.

In a simplest consideration, the ground state of_a superconducting
body can be visualized in momentum space as depicted in Fig. II.2,

there is an empty (unoccupied) shell of states below tke Ferui surface,

and an occupied shell of states above the Fermi surface Pf. The wiath



of the band is (4mA)O‘5, where A isvth; half of BCS energy gap. Below
the Fermi surface are the normal electrons and, above the Fermi surface,
are the superelectrons. The passage of an electric current I is equiva-
lent to a shift of momentum space by an amount P/2. This sitvation is
also depicted in Figure II-3. 1In fhis case, the states which make up

the pair wavefunction have momenta of the foruw

P
P+

P+X

> !

I

instead of (Pif, -P. Y. The electron pairs are still able to take part
in a large number of scattering processes which conserve the total

momentum:

P
L[_P/+'?{

P
PJ+'?

P 1,[—1’, +2

P'+.EF

J (26)

.

2

|-

Therefore, no resistance occurs. The theoretical limit of P before tke
Cooper pairs start to depair into quasi-particles can be obtained from
the energy consideration of Fig, II.3. The decrease in kinetic energy
by depairing into gquasi-particles has a higher tendency for the Cooger
pairs with their total momentum in the opposite direction of P. It will

be energetically favorable for the pair to split up if

2ma - @2n

P > B,

This is the tacoretical transition momepturm,
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To obtain the increase of kinetic energy at certain | P | ¢ Pmax' it
is possible to calculate and compare (at least for the simplest case)
the total energy of the excited and ground states. Figure II.3 shows
how such a task can be fulfilled. In region I, the electrons have the

same states and there is no emergy change. Region II was the supercon-

ducting states and becomes the normal state at the excited state, and

tke reverse is true for the correspondent region II. Therefore, the.

number of Cooper pairs bondings remain unchanged and there is no change
in kinetic energy either. The internal energy of the states in region
II1 has no change. All the ;ncrease in total energy csmes from.region
IVv. Tke totai energy change is the suﬁ of kinetic energy increase of
electrons and the potential energy ;ecrease due to the decfease‘of
Cooper pair density. The density of Cooper pair is a function of conden-
satior energy, A, which decreases with increéing current density. To
solve the provlem of total energy change by ‘a passage of external cur-
~rent is a complicated one, involving the knowledge of density of states,
electron distribution function, emergy gap, and their dependence with
temperaturc and net momentum, etc. Perhaps it is not even analytically

solvable. This question is still in pursuit.

3. Phase Transition and the Derivatives of Free Energy. The cornal

to superconducting transition is characterized by both the first— and
second-order phase transition. In the absence of applied magnetic
field, the transition is a second-order one: the partial derivatives of
G with respect to the extensive variables are continuous but not the
second derivative. In an applied magnetic field, the transition is
first-order: both the first and second partial derivatives of G are

discontinuous. The intensive variables are defined im equation 21
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including S, V, M: and the extensive variables are T, P, and . TkLere
should be two more variables describing dwe, we can designate them to be

Xe and Ye' Vhere Xe is the extensive variable and Ye is the intensive

variabie.
dW, = —YgdX, (28)
Then,
dG = —SdT+VdP—u ,MdH~ Y dX; (29)

= 1Y dX

And by the 1lst and 2nd laws of tkermodymamics,

_|a¢ |
"= l"’X' ])y,, 0

Since the first-order transition is characterized by the continuity of
the first derivatives of the free emergy, in tke absence of a magnetic

field, all the intensive variables are continuous, i.e.,

Y:‘xl = Y/(n) . (31)

The second derivatives of free energy with respect to extensive

variables Xi ) are discontinuous:

) 86| _ |8} . vl _ Qﬁ (32)
X7 |, X, |, 09X 9X- |\,
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These quantities can be correlated to physically measurable quantities:

826 - __g_ : 33
(67‘3) T (33a)
) ﬁ = —xV (33b)
3 P?
and
(iz_g) - X | ' . (33¢)
oH’ T

where C.is the specific heat: V is the volume of the body: kappa is the
compressibility, Xy is the magnétic susceptib;iity and Ko is the magne-
tic permeability of free space (all the partial differentiations here
gre unaér the condition such that all other extensive variables are
éonstant). The electric work function is not described here because of
the lack of a simple analytical solution. However, the same thermody-
namic equations are still valid., It can be visualized that the resisti-
vity has to be one of several méasurable quantities in which the mutual
product represents a higher order derivative of free energy. The sharp
decrease to zero of resistivity when the body is undergoing normal to
superconducting transition provides the discontinuity of the derivative
of the free energy. liowever, if the resistivity is a function in the
second derivative of free energy, then the first derivative has to be
constant. From the derivation of the increase of the internal energy by

‘a net mompentunm, P in L.2., this can not be tiae casc. Therefore, the
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resistivity must be expressed by (or be one of the functions) a higher

order derivative of free energy.

4, lJeasurements of Superconducting Property. In the last section, I
have correlated the physically measurable quantities to the free enmergy
of a snpetcoqductting body. This is driven by the belief that any
external macroscopic measurement of the physical pr§perty at phase
transtion is a thermodynamic one, and the physical quantity measured can
be expressed by the free energy or its derivative. The most straight
_forward and accurate measurements are those involving a discontinuity in
the thermodynamical quanfﬁty at transition. In this sectién, various
superconducitng properties measufements are described in light of the

thermodynamical variables.

a. Inductive transition temperature measurement. The principle of

the measurement is based on equation 33c¢, the second derivative of free
energy with respect to applied magneticifijeld is discontinuous at the
transition. Thbis discontinuity is represented by xﬁ/po. The magnetic
susceptibility of the normal state is close to zero (paramagnetism) and
is close to -1 for the superconducting state (diamagnetisu). The
general experimental setup is that a small ripble field witk strength of
a few kG is applied to the s;mple with a slowly varying témperature.
The induction signal was then picked up by an inductive coil surrounding
the sample. The small strength of the magnetic field prevents tie
disturbance of the transition temperature and monitors tkLe change in tke
slop of the M-Il curve close to the transition temperature in the absence
of the magnetic field.

Vihen a sample consists of superconducting puases with aifferent

transition tcrperatures, the inductive sigual will have a gradual rise
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with decreasing temperature. Instead of a sharp rise for samples that

have only one phase with homogeneous Tc. Theoreticéllj}fﬁisggradUal

rise of the inductive signal corresponds directly to theFQQIuﬁe:éf the
superconducting phase with varying Tc' However, in the real situation,
this correspondence also depends upon the geometry and shielding effect,
as well as the volume fractions. It is not a simple function to decon-
volute and there is a lot of misinterpretation in the literature on the
inductive measure;ent. This point will be discussed along with the

experimental observations for different superconducting phase geome-

tries in Chapters VI and VII,

b. Specific Heat Measurement. Much of the understanding of super-
conductors has been derived from measurements of tkeir specjfic heat
[10-12). Tkte principle of the specific heat measurement is based on
equation 33a. In this measurement, joule heat is measured directly by
using a differential thermo analyzer witlh respect to the change in
temperature. At transition, there is a sudden jump on the specific

heat:

aH. |’

4
— (34)

(CS—CH)Tr = VT('/“'() T

This is known as Rutgers’' formula. Py measuring the change in specific
heat and the transition temperature, the slope of the critical field at
Tc can be obtained and vice versa.

For a body whick consists of several different Tc superconductors,

the specific heat measurement can yield the information apout tae voluue
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fraction of each phase., The limitation of the method is much less than

the inductive measurement, since there are no corzplex magnetic flux

wmovermert and geometry restrictions., The specific heat for each dif-
ferent phase is simply additive regafdless of the geometry. However,
the quantitative information is still difficult to obtain due to the
high requirement of sensitivity and deconvolution of data.

c. Resistivity Measurement. The principle of the resistivity mea-

surement is simple: the resistivity is finite at normal state and zero
at superconducting state. This property, Lowever, is not straight
forward in free emergy consideration because it is a high order deriva-

tive of free energy as discussed in the previous section. The measure-

ment is dome by either passing a current and observing the voltage drop

in ‘a condition that all ogher extensive variables are kept constant or
observing the voltage\drop of a very small‘current while changing
teuperature. The major difficulty of this measurement is that, in a
Type 11 superconductor, the current transfer ané flux flow—-induced
voltage is quite different for different field strengthks, superconduc-

ting phase geometry, and experimental setup [13-14]. These points will

be discussed in the following chapters.
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-III. THEORY OF FLUX PINNING

M;hy‘pfééégfiés §£ superconductors are sensitive to chahges in the
microstruct;r;.ofrthese materials but none are quite as sensitive as the
critical curreﬁf density'Jc. Increases in jc of two or three order of
magnitude are pos;ible as a result of thermomechanical.treafments in
ductile superdondﬁctbrs and refinement of grainm size in brittle mate-
rials. |

The connection between the microstructure and Jc is through the
immobilization o% the flux line lattice (FLL) by lattice defects, a
‘phenomenon known-ﬁs flux pinning. .This phenomenon was first recognized
by Livingston an&>Schad1et in 1964 [1]. They foun& that flux pinning is
responsible forf¥he existence of Jc and irreversible magnetization.. It
can be regarded;as the hearf and soul of most.applications of supercon-
- ductivity. In:tunnel junction applications,-however, pinning is det-
rimental. In this chapter, the theory of flux pinning is reviewed, with
special attention given to applications of knowledge to high-field, high

current superconductors.
A. IRREVERSIBLE PROPERTIES OF TYPE II SUPERCONDUCTORS.

For a Type I superconductor, the critical current is found empiri-
cally to be the current which just produces the critical field at the
surface of the superconductor. which is known as the Silsbee hypothesis
[2]. The critical currents of Type II superconductors below Hcl satisfy
the Silsbee Lypothesis, but above ucl they are much lower than would be
expected by inserting ch to the Silsbee rule, and the variation with an

applied field can be quite cowplicated.



Flux lines in the mixed state of Type II superconductor experience
a Lorentz force, FL when a current flows in the superconductor, and can

be described by:

F, =JxB G

where J is the current density and B is the flux dengity or magnetic
field induction. Unless otherwise prevented, the flux lines will move
in the direction of this force and, in so doing, induce an electric
field, E=V x B, where V is the velocity of flux lines.

The J, is usually defined as the current density which just
produces a detectable voltage across the specimen (e.g. luv/cm), and is
therefore that cufrent which first causes the flux line to flow. If
there is no hindrance to the motion of flux lines, then the Ic above Hc
is zero and the superconductor is reversible. It is possible to.pin
flux lines and prevent them from moving by interaction with microstruc-
tural features of the material, and a pinning force, Fp is exerted on

the flux lines that opposes FL' The Jc is then determined by the magni-

tude of the pinning force:

J.xB=F, (3.2

When flux is'pinned, it is reluctant to entef the specimen in an
increasing field, and when the flux does penetrate, it does so slowly
and penetration is not complete until the applied field is equal to Hc.
On reducing the field, the flux is reluctant to leave the specimen and

there is remanent flux when the external field is zero. Reversal of the
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field causes the specimen to describe a complete magnetization hyste-
resis loop. The area of the loop is greater the stronger the flux
pinning, and may be related to the critical current density of the
material directly. ﬁigure II1I-1(a) shows the schematic M-H curves for
the same material with different levels of flux pinning. The corre-
sponding J_(E) characteristics are shown in Fig. III-1(b).

Pinning is due to crystal lattice defect;, such as dislocations,
impurities, precipitates, voids, dislocation cell walls and grain boun-
daries. Strong pinning materjals are metallurgically dirty and, by
analogy with mechaﬂically strong or magnetically hard materials, ir-
reversible superconductors are called hard superconductérs. The criti-
éal current is not a property of a particular composition but of:a
particular sample of superconductor and is strongly influehced by the
sample’s metallurgical history. Just as for mechanical strength, its
value cannot be predictedc with any accuracy.

The complexity can be illustrated by appealing to the analogous
problem of mechanical strengthening by a hard particle dispersion in a
ductile metal. The corresponding problem tkere is to compute the number
of particles contacted by a dislocation line. For weak particles tke
answer depends both on the strength of the particle and on the rigidity
of the dislocation lime. As in the dispersion-strengthening example, we
need to know the number of pins that fully contribute their fp to Fy, and
the flux pinning answer will also depend on both the strength of the

elementary interaction, f and on the rigidity of the FLL. Unlike the

p.
dislocation case, however, the 'rigidity’ is strongly dependent upon

temperature and magnetic field as is the elementary force fp.
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¥Many empirical expressions have been proposed to cdescribe the
relation between Fé and B, A milestone in the phenomenology of flux
pinning was the paper by Fietz and Webb t3]. For a number of No-based
alloys that had been heavily cold worked, they found the pinning force

density appeared to obey a scaling law of the form

F, = [H,(D)*f(h) (3.3)

where f(h) is a function only of tke reduced magnetic field h = K/l ,.
From equation 3, it can be seen that at least for these materials, one
could measure Fp and thus f(h) at one temperature, and then immediately
be able to predict Fp at other temperatures simply by scaling the

2.5
;esults [ch (T)1 .

B. THEORILES OF FLUX PINNING.

1. Specific pinning forces. Any theory of flux pinning consists of

two parts, the local interaction between one flux line and one pinning
center, and the summation of this local force over the entire lattice.
These two factors are not necessarily independent and further complica-
tions are introduced by their dependence upon the type of pinning center
and the possibility of their changing with the field, temperature, scale
of the microstructure, and the presence of more than ome type of pinning
center in any given sanmple., Experiments carried out on model systems,
such as pure niobium [4], niobium alloys [3] and precipitations in
vanadium [5], may give results that are not c<irectly applicable to the

high }( materials of practical interest [6].
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Flux lines interact with pinnihg centers because the superconduct—A

ing properties of the latter differ from those of the bulk of the
superconductor. The strength of the interactiom is related to the
magnitude of this difference.

Three types of piﬁning interaction can be recognized: elastic,
core, and magnetic {7}, since the core of a fluxoid is characterized by
a diffefent atomic volume* from that of the superconducting matrix
(-10-‘), a fluxoid behaves like an elastic incllsion and gives rise to
a permanent elastic stress field. This stress field, in turn, interacfs

with the dilation associated with lattice defects (first-order interac-

tion) {8-11)]. Furthermore, since the fluxoid core and matrix are

characterized by dissimilar elastic moduli, the fluxoid behaves like an

elastic iﬁhomogeneity and displays an induced stress field that also
interacts with the defe;ts (second-order interaction) [10-141.
According to linear elasticity theory, these two interactions can be
analyzed independently [15-17].' The first-order interaction is believed
to predominate over the second-order imteraction.

The core interaction results from a local change in the supercon-
ducting condensation energy at the pinning center. The normal core of
the flux line represents a volume, néz per unit length, of energy per

2

unit volune ~1/2u°IIc . If the pinning center is a normal particle or

void of diameters a > {, then the pinning force is [20]:

f/' = %/‘L()Hgﬂfa (3.4)

* Superconcducting transition is a first-orcer one in tlke presence of il.
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Campbell and Evetts [6] considered that at high fields, the avail-
able condensation energy goes down as (1-b), where b is the induced
field divided by the ch. Also, the length of the interacting fluxz line
continuously cecreases from a to 0 as the flux line moves away from a

diameter of a defect, and the pinning force becomes:

fr= %u,,waﬁz(l—w 3.5)
If the diameter a < ¢, then
. 1 IV 3.6)
= —u HY—=l(-b) (.6)
fl’ 2""0”( [ g

wihere V is the volume of the center. lowever, because of the small
size, the center must be considered as being capable of producing only a
small fluctuation in the superconducting properties. Expressing this

fluctuation in the Ginzburg-Landau free ecergy [6] it is founda:

L, p¥Ha Vi y (3.7)

fl’ = 7/“'0 ¢ i{l.2 g

An identical result is found if the center itself represents a
small change in superconducting properties, for example, as would be
produced by a change in }( , due to 2 local variation in normal-state
resistivity., Substituting for Hc in terms P{ and ch, gives for the

pinning force
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14
/, = #O%H}f"f 210 (3.8a)
for small‘(a { &) centers, and
o=t lH(g[-A; wéa(l-b) (3.8b)
4 K

for spherical centers (a > ~ &), and

K

£y = to %H(%[A—';]wfa(l—b) (3.8¢)

for large centers.
N\
If the center is larger tkan the inter—flux-line spacing d ( = 1,07
( ‘¢0/B)1/2)' where 4% is a2 magnetic quantum, then the center will
contain a volume of the flux—linme lattice, and it is recessary to con-
sider magnetic andinter-flux-line imteractions in addition to the core
interaction. By considering the Gibbs function in mixed state and the

variation of the order parameter, the pinning force per unit length of

filux line for a normal center or void is [21,22]:

(I'I(-p. - fl)2

= y 0 m am7m 3 1N Bd
o= T S i)

(3.9)

The magnetic interaction occurs when the pinning center is even
larger, large enough that its dimensions exceecd tie superconducting

penetration depth, A. This distance is the range over which the



induction can vary appreciably, and only in a region of dimensions JA
can an equilibrium induction be established. If tke pinning center is a
normal precipitate, the pinning force is derived by Campbell et al.

[23]:

_ ¢(,(1'I(-2 - H)

I 1.16(2<2-1)A

(3.10)

If the pinning center is a region that can be characterized as
having a value of F( slightly different from that of the main body of
the superconductor, the pinning force is obtained by differentiating

equation 10 with respect to J{ [24]:

(1'[(.2 - ZH)AK
2.32°\

Sr=9, (3111)

This function goes to zero and changes sign at H = 1/2 ch. leading to a
minimum in the pinning force versus the ! curve. This means that flux
prefers to be in high- J{ regions at low fields and in the low- K
regions at high fields.

2. Summation of specific pinning forces. The second step toward

the understanding of materials behavior and the verification of tue
theory is to decide how these individual forces are to be summed over

tie whole FLL., It is nost strightforward to simply add all of tie

incividual interactions. This wmethod assumes that the f{lux lines act
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individually and ignores any iﬁter-flux—line forces. fhe alternative
approach, due to Labusch {25], is to assume that the primary forces
produce local elastic distortions of the FLL. The flux lines undergo
limited displacement and cannot take up positions of minimum energy.
The total pinning force is related to the dissipation of_the stored
energy in the lattice, and is proportiomal to nvfple, whkere n, is the
density of pinning sites per unit volume and C is some appropriate
lattice elastic constant. In practice, all traces of simplicity are
lost in this summation step. Kramer [26] studied the summation curves
for voids and dislocation loops in irradiated superconductors, and founc
that these curves fall between the two extremes éf the direct-suwmation
and the statistical theory of Labusch [25]. The eurrent status ofvthé
theory, its limitations, and the uncértainty about the values of the
elastic constants are discussed by Kramer [26-281.

Much of the experimental evidence on samples with strong flux
pinning supports the direct summation approach [29]. The total pinning
force per unit volume for point pins, described by equations 4-8, is

given by

F,=f,n (3.12)

\

If the average distance between pinning sites, L, is greater than tkLe
inter—flux~line spacing d, then all pins are occupied by flux lines and
n, ~ 1/L3. if L <d, then not all pins intercept the flux lines at any
one time, and n, ~ B/(qu)o). For large pins, described by equations

9-11, the interaction occurs at the interface between pins and matrix,
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S,
F, =fp[—13‘7—”f] (3.13)

where Sv is the surface area per unit volume perpendicular to the direc-
tion of motion of the flux lines.

Another significant advancement of the theory of flux pinning was
suggested by Kramer [30]. He has shown that the ultimate pinning force
that can be exerted must correspond to the skear strength of the FLL.
As the Lorentz force gecomes equal to the lattice shear strengta,
region; of the FLL that are less strongly pinned will shear past more

-

strongly pinned regions. The lattice shear strength, at high fields, is

h1/2(1 - h)z. going to zero at H_, (h=1), as depicted

proportional to
schematically in Fig. III-2. At lower fields,-flux motior occurs pri-
marily by nﬁpinning of line pins., As the pinning strength increzses,
the peak in Fp = Jc B should occur at lower fields. Such a trend, found
for many materials is not universal. If the pinning sites are isotro-
pic, it is not.easy to understand why, on the average, any one region of
the FLL should be iess strongly pinned than any other, though statisti-
cal fluctuations could become appreciable over sufficiently small
volunmes.

There would appear to be no single universal theory of flux pin-
ning. The theory appropriate to a particular material will depena upon
the microstructure, i.e., the nature of the flux-pinning center, its
size, and its distribution. However, the prescnt theory does provide

guidelincs to interpret tue behavior of materials and to develop methocs

to enbance their current-carrying capacity.
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C. PINNING MECHANISHE OF FLUX LINES BY GRAIN BOUNDARIES.

The critical current in brittle AlS, Type I1 superconductors, which
is the main interest of this study, has frequently Seen found propor-
tional to the inverse of the mean grain size [31-39]. Until recently,
pinning by grain boundaries and disiocation cell walls was poorly under—
stood principally'because the mechanism for fp was uncertain. For
example, there are at least three possible interaction mechanisms be-
tween a grain boundary and the FLL. These are:

(1). The interaction between grain boundary strain fields and the
stress field of the FLL [40]. |

(2). The interaction Hetween the grain boundary and tke FLL due to
the anisotropy of the upper critical field ch (crystalline anisotropic
interactiorn).

(3). The interaction betweer the grain boundary and the FLL cue to
the electron scattering from the bourdary (electrom scattering
interactiorn).

The stress field interaction bas recently been shown to vanish for
high—-angle grain boundaries [1]. The magnitude of the crystal aniso-
tropy cortribution can be estimated from Equation 7. Since the magni-
tude of the ch anisotropy is decreased as the.impurity content of the
materials is increased [41], one expects the snisotropy interaction to
decrease with the impurity parameter ¢ = 0.88@0/1. where 1 is the elec=
tron mean free path.

The experimental tests of these ideas Lave been aided significantly
by the developuent of technigques to measure flux pinning froq single

grein voundaries in bi-crystals, thus eliminating the summation proolem.

35



The elegant work of Das Gupta et al. [4] on piobium bi—crystais used the
fact that fp for any planar defect is strongly decreased when the FLL
makes a small angle to tﬁe plane of defect. DBy measuring the anisotropy
of Fp with respect to the magnetic inductiqn, they were able to isolate
the specifié pinning force from single, symmetric, high-angle tilt
boundaries. Such boundaries should have negligible stress and anisotro-
Py interactions. The results gave tke specific pinning force on the
ordcf of lOON/mz, rather strong pinnjng, which must be attributed to tke
electron—scattering mechanisﬁ.

The electron-scattering mechanism by the graiﬁ boundary was first
mentioned by Van Gurp [32] who suggested that at the boundarf and the
region of adjacent material, will have a shorter electron mean free
path, and its value of ?( will be higher than that of the grain
&nterior. It‘might be thought tkhat tke widtk of the graim boundary, ~3
atomic spacings or 10 angstroms, woulu be too small in comparison with
the coherence length & (1 ~ 40 angstroms in AlSlmaterials) to have any
effect. Eowever, the effect of scattering from a grain boundary will
persist over a distance in the order of normal electron mean free path
fror the boundary.‘The most important theoretical advance has been a
paper by Zerweck [42] in which ke developed the model for the electrorn
scattering from the grain boundary. A similar, but mcdified model, was
developed later by Yatter[43] and Kramer [28]. The assumptions of their
treatment are as follows:

(1). Electrons are scattered with a probability, P, by tke boundry,

for random high angle grain boundaries, P is close to 1 [44].
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(2). Using this fact, the electron mean free path is computed at
various points from the grain boundary using a simple geometrical aver-
aging model.

(3). Assuming a local relation between the Ginzburg~Landau parame-
ter, ;{ , and 1, the increase in ;( is computed at various posi-
tions from the boundary. For high purity materials, the increase in

}{ is small but extends far from the boundry, whereas for lower
purity materials, the J§ change is large and more localized.

At high magnetic induction, b, the resulting fé is estimated [43]

to be:

A
[—\/z_—.ﬂ’—](1--b);tl,l-l,52g,—xﬂ (3.14)

fp = 3 K(gl)

where gl is the shortest reciprocal lattice vector of tkhe FLL anc¢
a K (gl)/ K (g4) is the one-dimensional Fourier transform of the
relative change in V& as a function of distance from the graimn
bgundary. It was found that fp is a strong function of a, tke icpurity
parameter, increasing rapidly at low a. The Zerweck model predicts a
maxinum at a ~ 1, and a subsequently slow decrease for higher a's, while
the revised version of Yatter and Kramer model puts the maxinmum at a
much higher than A = 1C.

The physical insight into why tke electron scattering mechanism is
not an important pinning effect for point or line pins can be uncerstood
as follows:

The decrease in 1 occurs primarily from the truncation by the plane
of a spherical regign with a radius equal to 1. Since point or liue

ins do not cast appreciaole ’‘shadows’, tihey dv not perturb eitber 1 or
19 Y

37



KAPPA locally, and‘thus do not give rise to an appreciable electfon—
scattering interaction.

The structure of a dislocation cell wall produced by severe plastic
deformation and followed by intermediate annealing of metals and alloys
usually consists of a very high density of dislocations., Its electron-
scattering properties, therefore, should not be éuch different from a
high-angle grain boundary. The idea from the Zerweck model that an
isolated dislocation should produce a negligible‘local change 1in }{
may well account for the earlier observations that only small increases
in flux pipning were produced by plastic deformation until plastic
strains at which tke cell wall structure begins to form is exceeded, or
followed by annealing processes where the cell walls are polygonized
[45,46].

Another important prediction of this wmodel is that equilibrium
nonolayer segregation of solute atoms to the bouncary should produce
little if any ckange invfp. This is because, if the scattering proo-
apility, P, is already close to 1, adding solute atoms to the plane of
tihe pouncdary can do little to enhance it. Yetter[43], in experiments
where he allowed Pd or Tl to diffuse down the boundaries in the columnar
grain structure of a Pd-Bi film, has confirred this prediction in that
appreciaole changes in the fp occur only when solute atoms have time to
diffusc a distance approximately ¢ from the boundary.

As shown by Abrikosov [47], the factor ¢ q; /| qflz > decreases
linearly to zero when the mean flux density approaches BcZ‘ Thus, it is
cxpected that the elementary pinning force is independent of the applied
field for low and wediumn fiel@s, and cecreases lincarly to zero cear tic

upper critical field., Combining the results of Das Guptz et al. [4]



with the magnefization data of Finnemore et al. [48]), it has been shown
. [42] that Fp indeed is approximately constant for inductions Ho E ¢ 0.2T
and decreases for higher fields. Thus, the decrease of fp with
increasing applied field 'in Fig. III-2 can be alternatively described.

The importance of the boundary structure within a high-angle boun-
daries not yet been quantitatively assessed, but it would seem likely
that special boundaries such as high—-coincidence site boundaries (e.g.
twin boundaries) would scatter electrons less strongly and have a smal-
ler fp since the good fit at such boundaries would reduce the demsity of
defeéts in the boundary. In support of such a role, a comparison of a
niobium bicrystal boundary, which is nearly a symmetric twin orien-
tation, with a symmetric random high—angle boundary (with negligible
crystal anisotropy contribution) reveals.that the inferr;d fp froz the
twin is apout half that of the random boundary.

Given these discﬁssions, it seems likely that the electromn-scatter—
ipg mechanism in alloy superconductors is the most important grain
boundary and cell-wall—pinni;g mechaniswm. Since AlS compounds are often
in the clean limit, the ch anisotropy may play a more important role
there [49]. From the evidence in niobium, it would appear descirble to
attenpt to produce 'dirty’ AlS éompounds (without reducing Tc and Hc.
Not only would this increase fp for the grain boundary, but it would

also increase Fp at high fields by increasing Hc,.
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IV. KETALLURGY OF A15 CONDUCTORS
A. INTRODUCTION.

A large number of Al5 intermetallic compounds are superconducting
[1], but only a few (listed in Table IV.1) having critical temperature
above ~15K and critical field above 20 tesla are of practicaliinterest.
Also, in the present context a superconductor is practical only if it
can be fabricated in long continuous, flexible iengths with a multifi-
lamentary geomettyi Because all AlS compoun&s are briitle. the prepara-
tion of useful conductors fequires special techniques. The crystal
structure of the Al5 phase ;s shown in Fig. IV-1. |

Due to fhe inherent brittle nature of these compounds, the ''wind-
and-react’’ method is the most practical way of producing magnets. In
this method, the conductor is.fir§t wound into 2 coil ané then converted
to Al5 phase by heat treatment of the entire coil. A favorable configu-
ration of the conductor will be in a multifilamentary geometry (whether
it has continuous or discontinuous filaments). This will control the
diffusion reaction to yield tkLe maximum‘attainable Al5 volume and mini-
mize the grain size. Another advantage of multifilamentary geometry is
that the superconducting Al5 phase can be more easily stablized vy
copper against flux jumps and quenches.

liistorically, Kunzler et al. [2] made the first successful attempt
in 1961 to construct a magnet using an Al15 material. They packed a
mixture of Nb and Sn powders in a Nb tube and then mechanically elon-

gated the tube, coiled i3t into a magnet and heat treated it to procuce

Nb3Sn. An extension of tkis technique was to use fine Nb filaments
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coated with Sn [3,4]. The severe limitations_@f”Kﬁn?ééfféfapproach are
the low overall critical current density and 1a;k o£;%¥£bility.

A large number of ﬁrocessing methods for AlS ddﬁdﬁ;tors has been
reported. However, the most significant advance in tﬁe technology is
the successful development of a method for fabricating Nb3Sﬁ [5,6] and
V3Ga [7] conductors which relies on the fact that these Al5 compounds
can be formed at the interface of Nb(V) and Cu-Sn(Ga) bronze at elevated
temperatures. This processing method is generally known as the ''bronze
process’’. In this chapter the thermodynamic stability of A15 compounds
is discussed and various processing metﬁods are reviewedg with special
attention to the metallurgical principles of the bron;e process and
direct precipitation process. Current status of procésses and their
advantages and disadvantages as compared with the convéntional bronze

process are discussed.
B. STABILITY OF Al15 COMPOUNDS.

Of the many known superconducting AlS compounds, only two, VéGa and
Nb3Sn have as yet been developed as commercial condﬁctors. Three binary
compounds, Nb3A1, Nb3Ga. and Nb3Ge, and one ternary compound, Nb3 (Al,
Ge), have higher values of Tc and ch than do Nb3Sn and V3Ga (See Table
IV-1) but none of these has yet been successfully developed into a
commercial conductor. The feason for this failure is that the latter
compounds have not be produced either by reacting solid Nb with the
appropriate liquid or by a solid state diffusion between Nb and an

appropriate bronze.

44



N

In the Nb-Sn and V—Gﬁ'binary'system the Al5 compounds are the only
stable ones above 930 and 1300°C [8], respectively. The Nb—-Sn binary
phase diagram is shown in Fig. IV-2. This high température thermody-
namic stability permits direct compound formation by heat treatme#t of
elemental diffusion couples. For example, reaction of Sn-dipped Nb tape
above 930°C results in Nb;Sn formation at the Nb-Sn interface. Sn-
coated Nb heat treated at temperatures less than 930°C produces a spec—
trum of interfacia1 compounds, including Nb3Sn, Nb6Sn5, and NbSn2 [9],
as demanded by thérmodynamic law., Heat trqatment.of V-Ga couplés below
1300°C produces V3 Ga2 and VGa2 [10]. The ﬁresence of these undesirable
compounds restricts Al5 compound formation (the Al5. layer will be very
irregular) by consuming the available Sn or Ga, thereby degrading the
superconduéting properties. Furthermore, the requirement of a high
temperature heat treatment inhibits control of the microstructure in-
cluding, for example, grain size and long range order paraﬁeters. Thus,
control over sfructure—sensitiVe superconducting properties such as cri-
tical current density is also inhibited.

The reason why stoichiometric, high-T, N§3A1. Nb;Ga and Nb3Ge aré
not formed by direct reaction between constituent elements is related to
their ;elafive stability compared with competing compounds in the res-
pective phase systems. In each case, one or more solute-rich compound
is more stable, having higher melting point and is therefore inherently
pfeferred. The stability of Al5 type phases has been reviewed by
Harsough [11]. The competing phases are b.c.c. and o phases [12,13].
The stability of the Al5 phase is found empirically to be influenced by
several factors: (1) the atomic size ratio, (2) e/a ratio, (3) density

of state near the Fermi surface N(o), and (4) thermodynamic factors. It
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is suggested that the Al5 type AsB compounds is favored when the radius
of the B atom is within 8% of the A radius and the range in e/a (total
electfons/atom outside a closed shell) is about 4.0 to 7.0, as compared
with whichever b.c.c. occurs in the range of 3.5 to 6.5 and o 5.6 to.7,7
e/a [13]. It also appears that an Al5 phase is favored at compositions
which maximize N(O).

Stability of competing phases as temperature increases is deter—
mined by the balance between enthalpy and entropy. Al5 phase is marked
by its closed-packed crystal structure and high degree of order (14),

therefore the entropy is low., Structures with high entropy, such as

b.c.c. and o, are favored over Al5 at high temperatures. However, AlS’

phases with the highest bond strength (enthalpy) are stable enough to
melt congruently.

The ability or inability of the bronze process to produce single-
phase Al5 compounds can only be understood by reference to the relevant
Nb-Cu-X termary phase diagram. Formation of phases by diffusion between
elements or other phases is governed by thermodynamic considerations.
In multicomponent systems, diffusion follows the two—phase tie—lines
[15]. Ezxcept when two-phase interfacial emergy becomes very low, then a
two phase mixture will resulf [16]. Of the phases that can fofm, in a
ternary diffusion couple, the ones most likely to form are those with
the highest relative thermodynamic stability [16]. This tends to ensure
that the more stable phases are most likely to be encountered on the
diffusion path.

Three types of phase diagrams appropriate to the formation of
superconducting AlS compounds by the bromnze process may be recognized

[17] as following.
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(1) Those in which the Al15 phase is the relevant stable phase,
other than the terminal Nb(V) and Cu-based solid solutions. Fig. IV-3
is an estimate of the 700°C section of Cu-Sn-Nb isotherm deduced from
the 1100°C section reported by Hopkins et al. [18]. This diagram show;
that the diffusion path from the Cu-Sn solid solution to the Nb terminal
element passes through the AlS Nb3Sn phase field. The V-Cu—-Ga phase
diagram should be similar to that of Nb—Cu-Sn [19] an& V3Ga is formed
with the same readiness as Nb3Sn.

(2) Those in which the most stable phase is one in the Nb(V)-X
binary, with a leaner content of Nb(V) than the A1lS5 phase. There is no
direct tie—line to the AlS5 phase from the Cu solid solution phase field,
and the Al5 may not lie on the direct tie—line route from the most
stable phase to th; Nb solid solution. An example of this type is the
Nb—-Ge—-Cu diagram, an estimated section of which is shown in Fig. IV-4a.
There are, in fact, two stable phases: NbsGe3 and NbsGéz. Two possible
diffusion paths are indicated, depending upon the initial concentration
of bronze. In both cases the resultant reacted layer is found to be
NbsGeg [16,18].

(3) In the third type of system, the most stable phase is a new,
ternary phase that bears no rélation to, and whose existence cannot be
predicted from the constituent binary systems. The example here is Nb-
Al-Cu [20]. An estimated 1000°C isothermal section is shown in Figure
IV-5. Two ternar& compounds CHI phase and a Lave§ phase Nb(AGCul_x)z
[16], block the diffusion path between Cu-Al bronze and the Nb—Al solid
solution, Which one of these actually forms will depend on the starting

bronze composition.
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The forthgoing explains why NbsGe and Nb3A1 cannot be formed by the
bronze process. The Nb3Ga ternary diagram has not been investigated,
but it is probably of a type intermediate between (a) and (c) [17]. An
attempt to form Nbs(Al,Ge) by diffusion between pure Nb and Cu(Al,Ge)
ternary"bronzesAprodnced only Nb3Gg2 [161].

" The isothermal section of V-Cu-Si system is estimated by Livingston
[21] and is depicted in Figure IV;4b.. It was found that VSSi and VSSiS
are normally observed in bronze diffusion couples heat treated at
~700°C. After initial compound formation by an appropriate he@t treat-
ment, Livingston diluted Si in the bronze by cladding the samples with

pure Cu. The resulting alloy was thus depleted in Si content and

reduced the thermodynamic activity of Si accordingly. This has an

effect of reducing thé volume fraction of the 5:3 phase while increg;ing
the layer thickness of the 3:1 Al5 phase. This approach to AlS compohnd
formation should also work in some other systems. In the Nb-Cu-Ga
system, this attempt was found to be futile because the‘kinetic factors
inhibited layer growth when the Ga concentration of the bronze was
lowered [22].

In summary, it aépears that the six high-Tc AlS5 compounds can be
listed according to decreasing stability as Nb3Sn. VsGa, VSSi, NbsAl,
Nb3Ga and Nb3Ge. Generally, the first three compounds can easily be
made at the stoichiometric composition by arc melting and aging reac-
tion. These three compounds are formed via the bronze diffusion method,

V3Si forming with an additional compound V58i3.

Compound instability is reflected in Nb3zAl by the equilibrium

composition being off the 3:1 stoichiometry, toward Nb-rich compositions

for all temperatures below ~1750°C. In order to prepare high-Tc
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stoichiometric Nb3A1, anneals at high teﬁperature are required in combi-
nation with rapid quenching and ordering heat treatments. Nb3A1 does
not form when solid state bronze technique is employed. Fabricating
conductors of Nb;Al has been limited to powder, thin foil, and physical
vapor deposition techniques (PVD) [23]26]. Although reasonably good T,
and Jc values have been obtained, fiiament inteérity has always been
inferior to Nb3Sn and V3Ga produced by the bronze proéess.

High-’l‘c Nb3Ga can only be prepared by PVD or rapid quenching. It
is virtually impossible to make bulk samples of high-T_, (>21K) NbjGe by
a combinatibn'of melting and quenching. NbsGe is metastable at the
stoichiometric composition and has only been produced with Tcs greater

than 21K by chemical or physical vapor deposition under stringent expe-

rimental conditions [27-29]. CVD and PVD techniques offer promising

means to produce these materials in tape form, such as that used in AC
superconducting power transmission. Conﬁiderably ﬁore technical deve-
lopment is required to adapt them to the fabrication of multifilamentary
wires, aithough single strands of a W-1 w/o Th02 wire have been succes—

sfully coated with Nb;Ge using CVD [30].

C. ADVANTAGES AND DISADVANTAGES OF VARIOUS FABRICATION TECHNIQUES FOR

CONTINUOUS FILAMENT CONDUCTORS.

The most important advance in high—-field superconductor technology
is the discovery of the 'bronze-process’ [5-7]. This process has been
developed extensively in the past decade for NbySn and V;Ga multifila-
mentary conductors. Conductors in great length (several kilometers)

with high current-carrying capacity and good stability, as required for
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large magnet productions, are now available commercially. However, this
processing technique is not without disadvantages. .

Various modifications or prdcesses based on-differént metallurgical
principles have been sought extensively. fhese processes have both
advantageé and disadvantages with respect to the bronze process. The
new processing technology is becoming extensive and important. It is my
purpose to point out the important fabrication techniques and discuss
their advantages and disadvantages. However, it should be noted that
some of the points dgscusséd here are not fully understood and their
roles in being advant;geous or disadvantageous could change with more
study. In this section, the fabrication methods for continuous filament

conductors are discussed.

1. Conventional (Internal) Bronze Process. The process of this

method is depicted schematically in Figure IV-6a, after Suenaga et al.
{31)]. The deformation procedure starting from the initial billet of

more than 20 ¢cm diameter to a wire of less than lmm diameter, with

filament diameters of the order of several um, is a treated sequence of.

two steps, i.e., extrusion and wire drawing. The extfusion temperature
is determined by the Cu;Sn phase diagram and is restricted to values
around 650°C. Further reduction of the extruded billets occurs by wire
drawing at room temperature. Due to the rapid work-hardening of the
bronze matrix.‘an annealing treatment at 450 to 550°C for 20 minutes to
an hour is required for every 50 to 80% reduction of area. This leads
to more than 10 intermediate annealings for a large billet.

The resultant composites are usually twisted in order to increase
their eléctromagnetic stability and reduce the energy losses in time-

varying magnetic fields [32]. For the production of high field magnets,
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the conductor is first wound into a coil and then the Nb3Sn phase is
introduced.by a diffusion reaction at the interface between the Nb
filaments and the bronze matrix.

The advantages of the 'internal bronze’ process'can be stated as
follows: (a) Nb filaments can be made with uniform size and continuous
in a great length, thus eliminating or minimizing the current transfer
through a resistive matrix. (b) The filament size and overall cross-
sectional geometry can be vafied without too much effort to optimize the
properties of conductors for the particular application. (c) The use of
Ta as a barrier for Sn diffusion to the Cu st#bilizer from the bronze
matrix. so that the high—conductivity Cu is adjacent to superconductors
[33]. Also, instead of Ta for the diffusion barrier [34] it is possible
to use Nb foils that are locally doped with P. (d) The ‘wind-and-react’
technique to fabricate high-field magnets is relatively easier to
achieve for this self-stabilized conductor. Further, the heat treatment
temperature (700° to 750°C) and time (in the order of a few days) are
compatible with other steel components in the solenoid and the whole
structure can reach equilibrium during heat treatment,

Two main disadvantages can be recognized for the internal bronze
process., The first is the requirement for frequent intermediate anneal-
ing between deformation. This means that the processing procedure has
to be interrupted and cannot form a continuous production, which not
only increases the production cost but also makes quality control diffi-
cult, e.g., the pre-reaction Nb3Sn [35] and the 'sausaging’ effect of
the Nb filaments [36]. The other disadvantage.is concerning the bronze
matrix., The tin concentration is restricted to below 13.5 wt.% in the

bronze matrix due to the solubility limit of Cu. The consequence of the
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composition testricfion is two—fold: the percentage volume and micro-
structures of the AlS5 coﬁpouné; The volume of A15 compound is restric-—
ted because the bronze.td niobium ratio has to be close to or greater
than 3 in order to have enough tim in the matrix to convert most or all
of the Nb to superconducting phase. The effect of bronze composition on
the microstructures of Al5 is discussed in more detail in Chapters VI
and VII. It can be mentioned that during diffusion reaction the tin
composition in the matrix continuously decreases. This influences the
nucleation éf Nb3Sn phase, which causes the change of morphology, and
changes the composition of Al5 near the bronze interface. It can demon-
strated that if the bronze composition can be kept invariant, a more
desirable microstructure will result.

Another point worth mentioning is that, as noted in Section III. 3,
some selected ternary additions to the Al5 phase should enhance its
inherent properties. Therefore, it is generally desirable to dope the
matrix and/or Nb filament with a small amount of third elements. The
minor disadvantage as#ociated with the ’'internal bronze' method is that
the processing will-bec;me more difficult with third element additioms.

2. The External Bronze Process. The first modification, the exter-

nal bronze process, was introduced by Suenaga and Sampson [37] soon
after the discovery of the original bronze process following a sugges-—
tion to increase thickness of the layer in the bronze processed V3Ga by
Ga-plating the wire. This process is schematically depictéd in Figure
IV-6b. First, the Cu-Nb composite was extruded, bundled, and drawn to
the final size. Then the wire was plated with a layer of tin before

diffusion treatment to make a Cu-Sn matrix and then Nb3Sn layers.
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The main advantage of this brocess over the original omne is §hat a
Nb-Cu composite can be drawn to a small size ﬁithout any intermediate
annealing steps to remove work hardening of the matrix. Another advan-
tage is th#t the overall tin concentration is not limitgd to ~13 wt.% as
is that of the internal bronze process. Thus, changes in the phase
boundary condition between the Nb3Sn and bronze matrix interface and the
inherent superconducting properties can be ephanced. Also, -the matrix
to Nb ratio is not restricted to ~3:1, therefori, fhe volume ratio of
superconductor to normal can be incieased. The other less significant
advantage is that some ternary elements can be more readily added to the
'Sn layer without changing the process.

In this process, however, new problems have been encountered in the
tin-plating process and subsequent heat treatment to diffuse the Sn into
the Cu matrix to form a Cu-Sn solid solution and Nb3Sn layers. The
primary difficulty is delamination of the outer layer of the wire [38]
when the plated Sn layer is greater than FSum [39]. Thus, the maximum
wire size was limited to ~0.25mm in diameter. This problem is though to
be caused by the volume expansion and the Kirkendal voids. Cogan et al.
{40] suggested that an annealing step at ~500 to 750°C of the.Cu-Nb
composite before plating and heat treatment can largély suppress the
formation of voids. It is believed this step eliminates heterogeneous
nucleation sites for voids. Klein et al. [41] studied the effect of
hydrostatic pressure during the reaction the treatment on the void
formation., They found that above a critical pressure, the formation of
the void can be suppressed. However, these processes cannot signifi-
cantly increase the size of the wire withouy introducing the delamina-

tion problem or other difficulties such as beading of tinm,
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Other disadvantages associated Qith this process are: the AlS
-layers are less homogeneous radially in properties, and it cannot be

used with the Ta-diffusion barrier and the Cu stabilizer at the outside
pdrtion of a.wire. However, in some types of magnet design, these
limitations may not be the major problems since wires for stabilization
can be braided in the cable with the superconducting wires, and an
optimﬁm heat treatment can be found by microstructural study.

3 The Internal Tin Bronze Process. In 1974, a new modification to
the bronze process was reportea by Hashimoto et al. [42]; This process
consists of assembling Cu-clad Nb-bars and a Cu-clad kSn—ZO w/o Cu)
alloy rod in a Cu tubing such that the Cu-Sn rod will be at the center,
the assembly is then cold drawn to final size for heat treatment to form

the Nb3Sn layer (See Fig. IV-7a). It was shown later that Sn-2 w/o Cu

core can also be used for this purpose [43]. As in the case of the

external bronze process, the main advantage of this process is the
elimination of the intérmediate annealing process and thus allowing the
fabrication process td be continuouns. However, unlike the external
bronze process, the Ta diffusion barrier and the high-conductivity Cu
stabilizer can be placed outside of the wire. Therefore, the conductor
can be self-stabilized. Also, the ’'wind-and-react’ method can be uti-
lized without contamination or loss of tin. As far as thg microstruc—
ture is concerned, this process is very attractive because it permits
high overall tin cgpcentration of the matrix and the Nb/matrix ratio can
be raised so as to increase the volume fraction of the Al5 phase.
Recently, short samples of the process have been reacted and tested
[44]. It is found tﬁat not only the overall critical current density of

the 'internal-tin bronze’ is higher than that of the ’'internal bronze’,
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but also the Jc of the original niobium area is higher, particularly in
the lower field (<14T) range. The microstructural source of this impro~
veﬁent is discussed in section C.1,

The main &isadvantages assdciated with this érocess can be recog-
nized: the inhomogenity of the AlS phase microstructures that depend on
the location of the filament. Even though by a low temperature homo-—
genization piocess, tin can be distributed in the copper matrix prior to
the Al5 phase formation heat treatment. Due to the solubility limit of
tin in copper, ; continuous supply of tin from the central reservoir is
required. This is also because the initial copper to Nb ratio is desir-
able to keep as small as possible. The diffusion length of tin from the
reservoir to the outér region is much large:than that of the local
matrix to the nearby Nb. Therefore, there exists an optiﬁum configura-
tion and heat treatment procedure to yield a most homogeneous AlS micro-
structure and a maximum volume of AlS5 phase.

Another problem with the tin core is that during extrusion and pre-
heat treatment, it is necessary to avoid its melting. This means that
the extrusion has to be done in a highly controlled fashion and a long,
low temperature (<200°C) has to apply before reaction for the diffusion
of tin into the copper matrix to form higher melting point intermetallic
compounds before the pre-reaction temperature can be raised. Therefore,
it is obvious that the processing is much more complicated and the
optimization of the process is a difficult task. It has been known for
sometimes that the strain in thebNbssn phase drastically decreases its
supercondﬁcting properties, The\degree of strain associated with the
Al5 layer should be much higher than the conventional bronze wire due to

the much different thermal expansion of the constituent phases and the
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multiple diffusion process. For example, the Kirkendal void will be
much several. All these problems wifh the proceés do pose a very
interesting and complicated metallurgical task and an intensive study Qf
this subject is desirable both technologically.and scientifically.

4. The Internal (Bronze and Tin) Tubing Process. In 1975, two simi-
lar modifications to the 'bronze ﬁrocess' were groposed [45,46]. Both
of these employ Nb tﬁbing instead of rods. The schematic represen—

tations of the process is depicted in Figures 7b and 7c. The difference

in these two processes is that the internal bronze-~Nb tubing [46] method

- uses a Cu—-Sn solid solution while the internal Sn—Nb tubing utilizes a
Sn—Cu eutectic alloy. Except for the geometrical difference, these two

processes are closely analogous to the comparison of the intermal bronze

process and internal tin-bronze process. The common advantage in these-

former processes over the latter processes is that the Nb tube acts as a
diffusion barrier for Sn, thus, the Ta diffusion barrier is not re-
quired. Furthermore, all of the Nb3Sn phases will be Qery close to the
~copper stabilizer, while it is not always so for the other processes.
The drawbacks of these processes are that in the internal bronze Nb
tubing method, frequent annealing is still needed while in the internal
Sn~Nb tubing process, the extrusion and pre—heat treatment condition is
stringent to avoid the melting of Sn-Cu eutectic alloy. Another problem
in the fabrication is that the use of tubing increases cost. In the
microstructural point of view, the filament size is limited to a much
larger diameter, thus the advantage of fine—filament largely disappears.
It also turned out that a large radial tensile strain exists due to the

contraction of the bronze at the core area [47,48].
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5. The ECN Powder Method. Recently, a new modification of wires

containing Nb3Sn foliowing the powder méthodxhas been reéorted by a
group in the Netherlands and is known as tﬁé ECN powder method [45-51].
In this method, NbSnz powder is encapsulated into niobium rods followed
‘ by bundling of rods into a copper tube and then deformed to the final
size. A small amount of copper powder is added to the NbSnz powder to
promote the Nb3Sn phase formation. This catalytic copper plays an
important role to ensure a low temperature reaction (<700°C) is suffi-
cient for the major diffusion layer, which is fine-grained Nb, Sn in-
stead of nﬁn—superconducting Nb68n5 phase. The schematic processing is
shown in Fig. IV-8(a).

The main advantage over the other modification methods is that this
method does not rely on the diffusion interface between a Cu-Sn soliso-
lution and Nb. Thus eliminatigg a large volume of resistant matrix and
increases the volume of Nb3Sn. Very high Jc has been reported [50], and
this should be partly due to the fact that the Nbj;Sn phase is free to
relax without the diffusional strain induced by the matrix. Othef
advantages associated with the_tubing‘pro;ess in fabrication and stabi-
lization are éreserved (Section IV.C.3).

While enjoying the above advantages, the similar advantages that
are encounte:ed in the tubing process are also presented. There is one
important point that remains to be understood-—the strain associated in
the Nb;Sn lay}r. It can be speculated that thé Nbssn i;yer in this

process is in a near zero strain. It follows that any applied strain

will decrease its current carrying capacity. In all kinds of bronze.

processes, a reactional compressive strain is always present. By a

compensating tensile strain, the Jc will increase. This will not be the
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case for the present process. Thenrd.dégtédatign of T, will always
occur in the manufacture of magnets.

6. The Modified—]elly—Roll (MJR) Method. The MJR method reported in

the Applied Superconductivity Conference laté last year is a very
attractive modification of the origiﬁal bronze process [52-54].

In this process, an already finely divided foaminons Nb fold mesh
is interleaved with a ten—-bronze foil and spirally wrapped in jelly-roll
fashion to to produce a cylindrical billet which would be reduced in
several steps to final size without rebundling. A schematic process is
given in Fig. IV-8(b). The eliﬁination of the rebundling process‘dras—
tically reduces fabrication cost and representsvihe major advantage over
the original internal bronze process. The disaavantage of this process
is that a significant fraction of Nb3Sn phase:formed in a cross—linked
fashion, which does not contribnt; to the tr;nsport current—carrying
caﬁacity. However, they do help in currentvtransfer and against flux
jumping. Also, the m#in disadvantages of the internal bronze process
are still present (See section IV.C.1).

Another modification of the MJR method is to replace the Sn-bronze
foil by pure copper, and the jelly roll is wrapped around a tin core
{52]. This modification reméves the interm;diate annealing and the
restriction on the limitation of Smn concentration in bronze. However,
similar disadvantages shared with the ’‘internal tin’ bronze process are

encountered (See Section IV.C.3.).
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D. A15 SUPERCONDUCTING WIRES PRODUCED BY DISCONTINUOUS FILAMENT.

Another promising route to fabricate high-field AlS supercondpcting
wires, besides the confinuous filaﬁent methods discussed in the last
.section, is by discontinuous fiber methods. Theﬂdisconfinuous fiber
methods briefly described in this section include the in—situ method'(or
knoﬁn as the Tsuei's method), powder metallurgy, the infiltration
method, and the controlled precipitation process. All of these proces-—
ses. have a general advantage of being less costly in fabrication as
compared with thé continuous filament.methods. However, since the
filapents are discontinuous, a current-transfer induced voltage through
the resistive matrix might be a drawn back in the manufacture of high-
field magnets. |

1. The 'in-situ’ Method. In 1973, Tsuei [55] first realized that

the dendritic Nb in an arc-melted Cu—rich Cu-Nb(or V) ingot could be de-
formed to fine fibers Sy drawing the ingot into a fine wire (Fig. IV-9).
The metallurgical principle in the process is that Nb(V) and Cu are
immiserible when cooled from melt. A composite of dendritic Nb(V)
embedded in a copper matrix is ductile and can be deformed with abgreat
area reduction without intermediate annealing. Tin (or gallium) can be
added in the initial melt or added afterwards before tﬁe heat treatment
to form Nb3Sn or V3;Ga. As shown schematically in Fig. IV-7, an inter-
esting aspect of this processing method is that the mechanical proper-—
ties (yield strain and the strain tolerances of the wire) of this compo-
site are greatly enhanced over the conventional multifilamentary Nb3Sn
or V3 Ga wires due to the close proximity of finely divided (<1000 A)

filaments. The processing technique is also favorable for yielding
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Nb3$n and VsGa with better.Jc, due to the elimination of the phase
boundary between Al5 and the bronze interface (Sn or Ga is very fast to
consume) and very fine fiber. The reported Jc has a higher high-field
property (>14T) than thatvof the bronze—processed wire. The main diéad—

vantage of the process is that the radial inhomogenity of the AlS5 phase

(i.e. depends upomn the location of Al5 from the Sn or Ga source).

Another problem with this process is that the wind—and-react method for
the production of magnets is difficult due to the short aging time and
lack of stabilizing copper,'and the final wire diameter generally is
restricted to below small size (<0.5mm).

Recently, two new modifications have been proposed: the combina-
tion of MJR method [56] and the internal tin bronze method [57] with the
in;situ process. These new modifications are mainly to overcome the
size limitation of the external-tin diffused in-situ wire. Also, the
conductor can now be self-stabilized. Preliminary studies showed that
these modifications have promising results [56,57].

2. Powder Metallurgy. Powder processed Cu-Nb composites have been
developed with ultrafine fiber multifilamentary geometries [58] incorpo-
rating external tin diffusion [59], a single internal tin core 6: multi-
ple tin cores [60,61]. The first attempts to obtain multifilamentary
composite wires by powder metallurgy (P/M) were undertaken in 1973 by
Wessermann [59] who recognized that the reqnired fine distribution of Nb
and Cu could also be produced by mixing fine Cu and Nb powders together,
followed by compacting and hot extrusion and finally, wire drawing to a
fine yire which is then Sn coated and reacted. Non-eqqilibrium Nb-Al,
which cannot be fabricated by the bronze—route, can also be produced by

P/M [62,63]. The advantages are similar to that of the in—situ process,
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.:.Cfﬁiqdiuding high strain tolerances and better critical current at high

z7;ffiqids; The other advantage is that this process permits fabrication of
 '_sﬁ§er§onducting materials with microgeometries not possible by the
:’bronzé route. |

 ihe disadvantages associated with this proéess are alsb'similar to
' thﬁf of the in—-situ process. In the case of Nb—Al P/M, the other inter—
met#llic compounds also formed during reaction [62]. To minimize the
undesirable compounds formation, higher temperature and shorter time
reaction is required, which is not compatible with the wind-and-react
technique.

3. Infiltration Process. The infiltration process has been reviewed

in great detail and in a very descriptive text by Pickus, Holthuis and

Rosen [64]. The idea of using a partially compacted, porous Nb rod

infiltrated by tin was initially applied to the preparation of tapes
{65]. 1In this process, Nb powders in the sizé range ~40 to 60um are
isostatically compacted into rods, followed by partially sintered at
~2250°C in vacuum. The volume fraction of voids is controlled, typical-
ly 15 to 20%, leaving an interconnecfed porous network in the Nb matrix.
The rod is immersed in liquid tin at 350 té 400°C, removed and sheathed
with monel and Ta diffusion burner. The rod is then reduced to the
final dimension. Areal reductions of 4000 are possible without crack-
ing, indicative of the great ductility of the selected Nb powders. A
final heat treatment above 930°C produces the Nb3Sn.

This method showed an exceptional high Ic at high fields but lower
Jc at lower fields ({12T) as compared with the bronze-route wires.

Total consumption of tin in porous brings the Nb3Sn into contact, and a

stoichiometric composition can be obtained. However, due to high
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temperature reaction and the other intermetallic compounds formed before
they eventually transformed into A15, the grain size of A15 is large.

The resultant Jc‘characteristics caused by these two effects can be

recognized. Good strain-tolerances are also found (same as the in-situ

process).

The difficulties of the method are_that the scale—up of production
is more complicated and the heat treatment schedule is not compatible
with the ''wind-and-react’’ technique. Hot extrusioh will not be suit-
able because the tin in the Nb maftix will melt and expand. Also, the
volume fraction of the superconducting phase will be difficult to in-
crease.

4. Controlled Precipitation Process. _In some binary phase diagrams

the stoichiometric composition A3B exists at high temperature in the
form of body—centered—-cubic (BCC), which can be preserved at room tempe-~
rature if the alloy is rapidly quencﬁed. If the~as—quench§d solid
solution is ductile enough, it can be fabricated into wires or tapeslby
conventional technology. Aging would then transform the metastable
materials into the Al1l5 phase. This process has been used with limited
success for the V-Ga [66] system, but is of marginal interest since
several alternative methods have been developed for this system. How-
ever, this approach is promising for systems such as Nb-Al. Another
technique consists in quenching an off-stoichiometric metastable solid
solution (A3+x Bl—x) and to rely on precipitation after deformatiom to
generate a multifilamentary composite. This method has been carried out
on the V-Ga system [67]. Alloys of V=17 to 19 at.% Ga were arc-melted,
homogenized, quenched, deformed at 750°C and aged to precipitate the AlS

phase. A maximum I} of 14.8K was measured after aging at 750°C,
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This method has several drawbacks as far as high crifical current
is concerned: connectivity is not complete, volume fraction is low and
there is no thermodynamic reason to ensure stoichiometric composition.
Howeyer, this techniqﬁes is a métallurgically simple method, i.e., the
Al5 formed from BCC matrix is in an unconstrained state. Therefore, it
is a good system for studying the nucleétion.and growth mechanism as
well as the crystallograpﬁic orientation relationship between the AlS

and BCC matrix [68].
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Table 1. Al5 compounds with promising superconducting properties.

Material T, (K) H,,(0°K), T H ,(4.2°K), T
V;Ga 15.4 34.9 23.6
V3Si 16.9 34.0 23.0
Nb;Sn 18.3 29.6 26.0
\
NbsAl 19.1 32.7 29.5
Nb;Ga 20.3 34.1 33.0
Nb3(Al, gGey ,) 20.7 44.5 41.0
Nb 5Ge 23.0 38.0 37.0
NB - 48% Ti 9.5 14.1 12.2

( BCC Alloy)
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V. EXPERTHENTAL PROCEDURE

A, MATERIALS PREPARATION AND HEAT TREATMENT

1. Direct Precipitated V3Ga and Nbsﬁ. The direct precipitétion
process has been developed by Pan et al. [1] in 1975 for the V-Ga system
and subsequently studied by Hong et al. [2]. This method was also
extended for the Nb-Al system [3]. In this process, the elements that
form the A3B AlS compoﬁnd are arc melted in a proportion that permits
the formation of an A-rich homogeneous solid solution at elevated tempe-
ratures. The homogenized solntioq is quenched to a low temperature at a
cooling rate sufficienfly rapid to prevent the formation of the AlS
phase and then rolled at intermediate temperature into a tape. After
deformation, the material is aged at ;n intermediate temperature tc;
precipitate the AlS5 phase.

In this study, the V-15.5 at.% Ga samples were deformed at 700°C to
90% areal reduction. Several V-18at.% Ga samples were re—solution
treated to compare the effect of aeformation. The Nb-18 at %Al samples
were deformed at 750°C to 99% areal reduction.

The aging treatment was done at 700 and 750°C for V-Ga and Nb-Al
samples, respectively. The aging temperatures were chosen such that
these samples yield the best current carrying capacity among others.
For both V-Ga and Nb—Al samples, the aging tréatments were carried out
by wrapping the samples in Ta foil bags and sealed in evacuated quartz
tubes that were back—filled with argon. The purpose of wrapping the
samples in the Ta foil was to prevent contamination from the reaction

between the sample and gquartz tube,
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2. Conventional Bronze—-Processed Nb3Sn Multifilamentary Wire. ‘The

wire used in this study was manufactured by Airco Superconductors. It
was a composite wire, 0.7mm in diameter, that contained an active core

2 in cross-sectional afea. An etched section of the

approximately O.i4mm
multifilamentafy core is shown in Figure V-1, the core held 2869 niobium
filaments grouped into sets of 19. The individual filaments were 3 to §
microns in diameter. They'were_émbeddéd in.a Cu-13 wt.% Sn bronze
matrix to give an overall bronze to niobium ratio df 3:1. The cores was
wrapped wifh a tantalum fqil diffusion barrier approximately 30 microns
thick. For thermal and electric stabilization the wrapped core was
encased in a pure copper shell, 0.15mm in thickness, which accounted for
roﬁghly two—thirds of the wire cross-section.

| Samples of the wire were heat treated after encapsulation in sealed
quartz tubes that were back—filled with argdn. They were reacted at
temperatures in the range 650 to 800°C for various periods of time. The
maximum reaétion time at each temperature was that which was necessary

to achieve an essentially complete conversion of the niobium filaments

to Nb3Sn.

3. Bronze-Processed Muiltifilamentary Nb,Sn Wires with Magnesium

Addition to the Bronze. The multifilamentary wires used in this re-—

search were manufactured in the Materials and Molecular Research Divi-
sion (MMRD) of the Lawrence Berkelekaaboratory from pure starting
materials., They differed in composition of the bronze (Table V-1) which
was varied to measure the influence of Mg at two Sn levels. The initial
bronze ingots were melted in quartz tubes under argon atmosphere and
cast into rods. Thé rods were doubly swaged and homog;nized and were

then machined into 10mm outer diameter and bored to form tubes of S5mm
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inper diameter. Pure Nb rods were inserted into the tubes and the
composite was drawn into wire. The monofilament wires were bundled into
groups of seven, enclosed in a tube of the same bronze composition, and
redrawn. The seven—-filament wires were then rebundled into groups of
nineteen (133 filaments) inside bronze tubes of identical composition
and drawn to a final size of 0.5mm in diameter. During the drawing
process, the wires were annealed at 450°C for approximately 40 minutes
after each 50 to 80% reduction in area to anneal out the work-hardening
of the bronze matrix, The annealing temperature and time were deter—
mined by the transition temperature measurement (no Nb3Sn phase formed)
and the workability. By this process, it is possible to fabricate
multifilamentary wires without hydrostatic extrusion for small amounts
of laboratory scale research purposes.

Sample crds;—sections of two finished and partially reacted wires
are shown in Figure V-2, The filaments are reasonably uniform, although
those near the periphery of the wire are noticeably flattened. Small
differences in the drawing properties of the wires due to the difference
in composition of the bronze matrix caused the filament size to vary
from wire to wire. However, for a particular wire the filament size was
uniform within 10% along the length of the wire. The compositioﬁs and
characteristcs of the wires are listed in Table I, where the composition
of the bronze matrix is given in atomic percent (the balance is copper),
D is the effective diameter of the filaments (determined from the cfoss-
sectional area of the filament) and R is the volumetric ratio of the
bronze to the Niobium.

After manufacture, the wires were sectioned into segments approxi-

mately 10cm in length and heat treated in sealed quartz tubes under
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argon to form the Al5 phase. The heat treatment temperatures were 650,
700, 730, 750 and 780°C and were chosen to bracket the optimum reaction
temperature of the Mg—free wire [4,5]. The heat treatment times were a
few hours to twenty days. The progress of the reaction during heat
treatment was monifored by sectiOniﬁg the wires after selected reaction
times, taking scanning electron micrographs and measuring the area of
the'reacted_layer with an image processing microcomputer. The consis-
tency of measurements taken from serial ;;ctions confirmed that the

reaction was uniform along the wire length.
B. MATERIALS CHARACTERIZATION.

The important materials’ parameters include the overall extent of
the reaction and the ph&sicai and chemical state of the superconducting
phase formed. The methods of materials characterization to determine
these parameters are the same for all the materials under investigation
of this study.

1. Optical and Scanning Electron Microscopy. The extent of the

reaction was determined by optical and scanning electrom microscopic
examination of etched surface of the heat—treated samples. For the
direct precipitated V-Ga and Nb—Al samples, the Al5 phase can be distin-
guished from the BCC matrix by the distinct appearance of the different
" etching behavior. Figure V-3 shows micrographs forIV—liﬁatﬂﬁ Ga, 75%
deformed, and aged at 700°C for 24 hours. It is clear that the VsGa
phase formed along deformation textures. Due ?o this inhomogeneous
nucleation and growth, an accurate determinafion of the volume percent

is difficult in practice. Notice that in Figure V-3b, the Al5 phase
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region is a depression instead of an extrusion, this may be due to the
etching acid attacks at the A15-BCC interface which is much faster than
the phases themselves, and the Al5 grains left the s;mple surface during
cleaning.

For the bronze-processed wires, the Nbssn layer is easily distin-
guished from both the bronze matrix and the unreacted Nb core by its
intergranular brittle appearance in the broken wire sections and by its
distinct etching behavior. Figure V-2 shows an example of the etching
behavior of the laboratory scale mulfifilamentary wire and Figure V-4 is
a scanning electron micrograph of a polished and etched section of the
Airco wire.

The scénning electron microscopy also is useful to reveal the
apparent grain size of the branze—processed wires. The>procedure of
this experiment is to file or etch a small notch in the center of a
small piece of wire and'fracture it in liquid nitrogen to prevent plas-
tic deformation, followed by dipping the fracture tip into acid to
r;move the bronze matrix. To enhance the contrast of the micrographs
and minimize the build-up of charges on the surface, the specimens were
sputtered with a few hundred Angstroms of gold.

2. Transmission Electron Microscopy (TEM). The physical and chemi-

cal state of the Al5 phases were studied by transmission electron micro-
scopy (TEM) on the thin sections. For direct precipitated V-Ga and Nb-
Al, TEM specimens were prepared by mechanically grinding the as—-deformed

tape down to 4-5 mils, spark-cut into 3mm disks, heat treated at the

desired condition, then followed by an ion-beam milling until perfe-

rated., Other thinning techniques are not suitable for preparation of

foil due to the brittleness and preferential etching of the specimens
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after aging. The same difficulties arise if the specimens were to be-

ground after heat treatment. The Al5 grain size is typically less fhaﬁ e

75

1 or 2 microns, which is much smaller than the specimen thickness before -

heat treatment (~100 microns), and the bulk behavior is believed to be
preserved in TEM foils.

For the bronze-processed wires, samples for transmission electron
microscopy began as longitudinal sections cut from the wire to reveal

-

the multifilamentary material. The samples were ground mechanically to

approximately 40 microns in thickness and glued on a copper disk holder .

by epoxy, and then milled in an ion-beam miller until perferated. For
the study of grain morph§logy and the chemical state of the Al5 layer,
at least two whole Nb3Sn layers have to be transparent to 100kV elec-
trons. Close to 100% successful rate of sample preparation was achieved
(after one year of trial and error) by first ion-milled at 7kV, 1mAmp
vand 22° impinging angle until perferated, then lower the voltage to 5kV,
0.4mAmp and 12° fér 6-8 hours. The first step thinning is tobestablish
a thin foil without preferential sputtering, and the second step is to
smooth the damaged surface and make a uniformly thin area.

The TEM specimens were exémined in a Siemens 102 and/or JEOL-100C
electron microscope operated at 100kV, using a double tilt goniometer
stage to achieve the desired diffraction conditions. The principal
object of these examinations was to determine the Al5 grain size. The
grain size could be roughly estimated from scanning electron micrographs
of the broken wire surfaces or the polished and etched cross—sections.
However, since only some of the grain boundaries appear in the fracture

surface, the transmission electron micrographs, at least 100 grains were



sampled for each datum point. Typically, the standard deviations of the

measurement are within 10%.

3. Convergent_Beag Electron Diffraction., The convergen beam elec-
tron diffraction (CBED) which is.capable of forming a small electron
probe and obtaining a 3-dimensional k—space information [6] was employed
to determine the crystallographic orientation of submicron-sized AlS
structure V3Ga and_Nb3A1 precipitates from supersaturated BCC solutions
[7]. The thin foil specimens used in this study were the same samples
for the TEM observations described above. The main facility was the
JEOL 100C electron microscope capable of convergiﬁg the electron beam to
1000 Angstrom probé size. The Philips—-400 electron microscope with a
scanning tranémission attachmeht that is capable of converging down to
40 Angstroms was also used. The CBED technique was also used in deter-—
mination of the misorientation between the fine grains (a few hundred
Angstrom) of the bronze—processed wires. One hundred Angstrom probe of
Philips 400 EM-operated at STEM mode was used in this §tudy.

4. The STEM/EDXS Analysis. The chemical state of the reacted AlS

phase was studied with a scanning transmission electron microscope
(STEM). The specimens employed were TEM foils prepared as described
above. They were examined with a 100kV, 100 Angstrom diameter electron
probe in a Philips 400 electron microscope equipped with an energy
dispersive x-ray spectrometer (EDXS). The x-ray spectrum was analyzed
quantitatively using a KEVEX 7000 microcomputer. A beryllium low-
background stage-with a 30° tilting axis was uéed to minimize spurious
excitations. For direct—-precipitated V-Ga and Nb-Al samples, the 'spec-—
trometer was set to 10keV and 20keV respectively, in order to use the

more accurate k—lines excitations of the elements in question, For the
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bronze-processed wires, the spectrometer was set at 40keV for the samc
reason. Quantitative results were obtained by counting the integrate
peak intensities after background stripping. Each peak intensities were
then analyzed by using a standardless approximation metkod [8] to con-
vert into atomic composition which has a 10-20% maximum error in the
absolute value. Residual niobium and in-hole configurations were exa-—
mined to monitor the background shape and the peaks caused by inelastic
scattering anc spurious excitation. Non—-uniformity in the specimen
thickness is a further_possible source of error. The specira taken in
this study were from thke regions of approximately the same thickness as
monitored by the transparency of the electron beam. The experimental
set-up and integrated count number were kept as nearly constant as
possible to Qinimize systematic errors.

5. The Electron Microprobe (EIP) Analvsis. The samples for ELP

analysis were the same as the optical wumicroscopic specimens describea
above. The ENMP analysis has a spatial resolution in the order cf one
micron and is incapable of resolving fine Al3 layers. Iowever, ELP has
an advantage of high sensitivity for g in contrast to the low sensiti-
vity of EDXS. Therefore, ENP was used to study the segregatiom of g in
the MIRD wires. A commercial Mark-V electron nicroprobe was used in
this study equipped with three x—ray wavelength dispersive spectrometer.

6. Scanning Auger iicroprobe (SAi) Analysis. For the determination

of the chemical difference of the grain boundary to that of the bulk,
scanning Auger microprobe (SAM) analysis was employed for the bronze-
processed wires., A Physjcal Electronics Super SAMN was used in this
study which is capable of foruing a 1000 Angstroc probe witk good signal

to noise ratio, operated at 7kV and ultra-high vacuum condition., The
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samples for the SALK Analysis were pre—etched out of the bromnze matrix
and mounted in the SAd stage.” Fracture was performed right before the
sample went into the high'vacuum chanmber to avoid contamination of thke
fracture surface. Thé difference in cornposition between the grain
boundaries and the bulk is then the difference of spectra before and
after sputtering since the fracture surface contains intergranular grain
boundaries. The composition is determined by measuring the peak to peak
height of each elements and their sensitivity factors. Quantitative
results are not very accurate because of drastic differences in the
sepsitivity (compared with the EDXS and the ENP data). lowever, to
sfudy the location of the segreggted Hg in the Nb3Sn layer, this is the
only method at present, Tﬁis is due to the shallow escaping depth (~50
Angstrom) of the Auger electrons.

C. SUPELCOIDUCTING PROPERTIES HHEASURELENT.

The superconducting properties that were determined included the
transition temperatufe from the normal to the superconducting state, Tc'
the critical current characteristics, Ic(H), and the upper critical

field, ch at 4.2k,

1. Inductive~-Transition Temperature !feasurement. The transition

temperature was measured inductively as described in section I1I-D.
Samples for direct-precipitated V-Ga and Mb—Al were irregular in skape
but similar in volume since the inductive metbod has the advantage "that
it requires no electric contact with the sample and, thus. shapes of the
sauple could be irregular. Samples for bronze-processed wires were pent

into a ring shape before the Leat treatment and were etchecC to winimize
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the shielding effect of the normal conductor. The onset,ana finish
temperatures of tke superconducting transition were taken to be the
temperatures that gave 10% and 90% of the total inductive signal, res-
pectively.. the temperatures of the specimen were measured by a cali-

brated germanium thermometer.

2. Critical Current Characteristics Measurement. The critical cur-'

rent characterisitics were measured by using a standard four—-point probe

technique on samples placed in transverse magnetic fields that ranged in

intensity from 6 to 19.5 tesla. The reported value of the critical

current is that which produced an 0.5 microvolt potential between
voltage taps Smo apart except for the measurement of HQRD wire, which
corresponded to 1 microvolt between taps of Smm apart. The sensitivity
of the measurement varies from field to fiéld. as well as sample to
sample., Typically, for tkhe bromze-processed wires, tlke corresponding
sensitivity at 10T is in the range of § x 10'11 to 1 x lC-lz ohm-cm and
2 x lo-zz'to 1 x 16" ohm-co at 15T (calculated fqr the cross—-sectional
arez of the superconducting phase). All of the critical current niea-
surements were done at tkhe Francis Ditter National ilagnet Laboratory,
Camoridge, !lassachusetts.

The critical current demsity, J (II), witkin the tested samples was
calculated from the overall critical current by dividing Ic by the
cross—sectidnal area. For samples of direct—-precipitated V-Ga or Kb-Al
tapes, the JC(H) data reported here were divided by the overall cross-
sectional area of the tape. For the Airco wires, J (&) was determined
by the cross—sectional area of the non-copper area, 0.14mm2. The NbSSn

phase cross-sectional area was used in determining the JC(K) for the
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MMRD wires to eliminate the variation that arises from the differences
in filament size and shape.

3. The Upper Critical Field, ch. The upper critical field, ch,
Hl/_‘

i1/2
was obtained by extrapolating J, / versus H to zero current [9].
The extrapolating was done by a least square fit of straight line from

data points obtained from 16 to 19.5 tesla. The value of H., by this

method is generally lower than that of direct measurement. However, a

comparison between samples can be obtained.
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Table 1.

Chemical composition of the bronze matrix and average

filament diameter (D) and bronze to Nb ratio (R) of laboratory scale

multifilamentary NbySn wires.

Bronze matrix’ averagve filamenf bronze/Nb
at.%, bal. Cu diameter D, um ratio, R
6.7 Sn 11.4 14
6.7 Sn + 0.1 Mg 13.4 10

6.7 Sn + 0.2 Mg .10.9 15.3
6.7 Sn + 0.35 Mg 10.7 15'.9
6.7 Sn + 0.62 Mg 12.5 12

7.8 Sn 8.3 27

7.8 Sn + 0.1 Mg 121 12
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V. THE NICROSTRUCTURES OF DIRECT-PRECIPITATED V3Ga AND Nb3Al
A. INTRODUCTION

AlS compounds, like all the othker ordered intermetallic compourds,
are intrinsically brittle. Special processing techniques are required
for the fabrication of these materials into useful conductors. Among
the processing methods (described in Section IV-3) the direct-precipita-
tion process has the advantage of being a simple monolithic tecnique
from which the interpretation of its superconducting prqpertiés can be
readily understood by the processing and microstrucfures.

The direct-precipitation process is simple to design in theory, and
can be understood witi reference to the V-Ga phase diagram [1-3]. The
Vsca phase has a range of stability from 2C at.%i to 30 at.% Ga and is
characterized by a congruent transformation from the ECC solid solutior
at 1300°C,25 at.m Ga. A wonolithic process can be designed ir whick a
V-Ga ingot with its composition in the BCC + Al5 phase region at lower
temperatures (below the ordering temperature) is made homogeneous ECC
solid solution by heat treatment at temperatures above the orcdering
temperature., If the ingot can be subseguently cooled at a rate suffi-
cient to suppress the formation of the V3Ga ordered cozpournd, themn a
supersaturated solid solution can be made. The resultant solution is
relatively ductile and amenable to process tarougi wire drawing or
extrusion. After deformation, the superconducting phase can then bpe
introduced by an aging treatment for the precipitation of tkhe VsGa

phase. This monolithic processing was first proposed by the prior worx
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of Das et al. [2] and extended by Pan et al. [4] and Hong et al. [3] in
the V-Ga system.

The same metallurgical principle can be applied to the Nb-Al
system. Although the transformation of Nb3A1 phage is by a peritectic
transformation the from BCC + Nb2A1 two phase field {5] instead of a
congruent transformation as that éf the VsGa. yet a range of composition
can be found which lies in the two phase (Al5 + BCC) region at 1§wer
temperatures but in the BCC solution at higher temperatures. Therefore,
the same procedure can be applied to fabricate the Nb3A1 superconductor.
Thi; methodlwas recognizea by Webb et al. [6,7] and Pan et al. [8] and
Hong et al. [9].

While the processing method described above is sipple and appealing
in theory, its practical implementation faces subsfantial difficulties.
In Hong’s thesis [10], which is devoted to the processing method and its

superconducting property, several problems were described: sample pre-

paration, quench cracking, brittleness, interstitial impurities. and -

non~stoichiometric starting ingot limitation. However, these problems
are not intrinsic difficulties associated with this process, they can be
largely ovefcome by modifications in materials and processing. It is my
belief that there are at least several other more severe disadvantages
which discourage the scale—up of this process for high—-field applica-
tions. These difficulties are more intrinsic in nature and cannot be
overcome by simple modification of processing.

The first difficulty is the fast quenching rate which is required
for suppressing the formation of the brittle A15 phase. Even though
small ingots has been successfully fabricated in laboratory, in the real

application, however, this required process is prohibitive. It is
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desirable to fabricate a large quantity of superconductor with control-
lable properties. This requires that allarge_ingot should bg cooled at
a very high rate homogeneously. Current technology is incapable of
handling such a large ingot at the temperature around 1300°C and quen-
ching it to room temperature without the problems of thermal stress and
chemical segregation. This is a three fold problem of heat capacitance,
thermal conductivity and thermal expansion. These parameters are all
intrinsic materials properties and they can not be changed into more
desirable values for the quenching process to be realized.

The other difficulty associated with this process may be even more
prohibitive. It is the inferior current carrying capacity compared to
other processing techniques. This point will become more appareﬁt in
the following discussion of results of microstructural studies. The
critical current of a superconducting body is known to be determined by
volume of the superconducting phase and the critical current density,

J within it. The critical current demsity is a function of the tramns-

c’
verse magnetic field, H. The characteristic function, JO(H), depends on
the effective cross—sectional area of the superconducting phase and on
its microstructural state. The most important microstructural parame-—
ters are the composition and crystallographic order of the Al5 crystal,
the grain size, and the continuity.

The main reasons of the inferior current-carrying capacity of the
direct-precipitation process are two—fold: the grain size and chemical
composition of the Al5 crystals. The grain size of the direct-precipi-
tated AlS phase is approximately five times as large as that of a

bronze-processed wire. This ratio is even larger as compared to a care-—

fully processed powder or an in situ wire. The intrinsic problem here
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is that the nucleation of the AlS occurs at a much slower rate tﬁan in
the other processes. This might be due to the fact that the interface
of different phases are very effective nucleation sites for the Al5,
e.g., thg Nb and bronze or Nb and Al interfaces. In the direct—precipi-
tation process, the nucleation sites are subgrain boundaries of the BCC
phase which are much less effective. Ihe.grain size of the Al5 phase is
determined by the rate of nucleation, a smaller rate causes a larger
grain size. The grain boundary is the primary flux pinning site for the
Al5 type superconductor,and a large grain size means a less strohg
pinning, gnd smaller critical current demsity.

The other problem of the microstructural state of the precipitated
Al5 phase is its composition. At equilibrium, the Al5 phase formed will
have a compositioh corresponding to the phase boundary of BCC + Al5 and
Al5 phase field. This composition is always lean in the B element of
the A3B phase. An non-equilibrium composition will be shown later to
exist, but the tendency is always toward off-stoichiometric composition.
This effect further reduces the ability for the precipitation process to
yield high-J, conductors.

The other point that may also be an important influence in the
current-carrying capacity of the direct-precipitated wire is a continui-
ty (or connectivity) problem. Thin films of BCC phase between AlS5
grains are generally lean in B element due to the out—-diffusion into the
ad jacent AlS5 grains. Therefore, the thermodynamical stability of the
BCC phase is greatly enhanced (the microstructural evidence is given in
the following text). The existence of the resistive films between
superconducting grains inducgs a voltage drop and local heating effect

which reduces the stability of the conductor.
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The disadvantages discussed above, namely, the quenching problem
and the inferior micro-physical and chemical state of the Al5 phase, are
believed to be intrimnsic in nature, that is, they cannot be overcome by
modification of the process. These points lead me to propose that this
method is not promising to produce a practical conductor, against pre-
vious wdrkers' suggestion. i

Although the direct-precipitation process is not suitable for the
fabrication of high-field conductors, this process employs a unique
metallurgical principle which is different from all other processes.
The AlS5 phase formed by this process is in a unconstrained state, i.e.,
precipitation from a supersaturated solution. All the other currently
adopted processes rely on the formation of Al5S phase atAthe interface of
the ofhér two phases. Therefore, the formation of the Al5 phase is by a
directional diffusion mechanism at some pre—detefmined spatial site.
Because of this mecﬁanism the Al5 phases thus formed are constrained.

Therefore the micros?;uctural study of the direct—precipitatedvAls
phase will provide vital information concerning the nucleation and
growth kinetics, the orientation relationship with the BCC matrix, the
compo#itions and kinetic effect, the stability of Al5 and BCC phase, and
the correlation of the microstructure to superconducting properties. In
fact, discussion of the disadvantages associated with this process in
the present section are largely dependent upon the results of the micro-
structural analyses. These points were not recognized before this
study.

Research on the direct-precipitated V3Ga and Nb3A1 reported here is
mainly focussed on microstructural study and correlation with the super-

conducting properties. Based on this objective, V-15.6 at.% Ga and 18
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at.% Ga and Nb-17.8 at.% Al compositions were selected. After homogeni-
zation, quench, and deformation, the specimens were given aging treat-
ments at 700°C and 750°C for various periods of time. The aging tem-
peratnre; were selected such that the highest J, was obtained. Although
this project is not complete due to lack of inferest in the less
superior propertiesv, several points of interest can be described in the

following sectioams,
B. - SUPERCONDUCTING PROPERTIES

Measurements of supefc‘onducting properties included inductive Tc‘
four-point probe .Tc under stat’ic transverse—-magnetic field, and ch
extrapolation from Jc1/231/4 versus H method for V-15.6 at% Ga and -18
at.% Ga and Nb-17.8 at.% Al tape-shaped samples.

1. The Transition Temperature Measurement. The results of the

transition temperature onset bfor tixe V-15.6 at.% Ga and 18 at.% Ga after
homogenization followed by deformation at 700°C to 90% reduction in
cross—-sectional area, and aged at 700°C for various periods of time
ranged from one to 300A hours are shown in Fig. VI-1. Those of prec'ipi—
tated Nb-17.8 at.% Al sample;s aged at 750°C are shown in Fig. VI-2.
Also inclluded in this figure are the results of the Nb-18.8 at.% Al
samples for comparison. The data show that the onset of the critical
transition temperatﬁre generally increases with aging time. However,
the characteristics of each composition is quite different. The data of
V-15.6 at% Ga has a maximum Tc at 14K for samples aged for 4 days, then
decreases with prolonged aging. While, the Tc “of ‘the V-18 at.% Ga

samples increases monotonically to 15K which is close to that of the
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stoichiometric composition [1,2]. The data of Nb-17.8 at.%h Al samples
" showed a much less drastic change with respect to the aging time: ap-

proximately 2K difference with aging time changes from one to seven

hundred hours. The data of Nb-18.8 at.% Al samples showed a similar

trend and were about one degree Kelvin higher than that of the Nb-17.8
H .
at.% Al. However, the highest Tc onset is only about 15K, which is

about 3K lower than that of the stoichiometric Nb3Al [11].

2. The Upper Critical Field gcz. The upper critical fields, Hc2;
were estimated by extripolating the critical current characteristic as
suggested by Kramer [12]. Examples of the upper critical fields of
precipitated V-Ga and Nb—Al are shown in Figs. VI-3 and VI-4, respec-
tively. Comparing the upper critical field data to the:criticaf transi-
tion temperature (Figs. VI-1 and 2), it is found that they have a close
correlation between them though not identical. Assuming that the preci-
pitated crystallites have a range df composition, the imductive Tc
measurement will tend to measure the properties of the most nearly
stoichiometric (highest T ) particles, provided these particles are
lafger than approximately twice the penetration depth, while the ch
will reflect a composition closer to the mean. Hence, it is not sur-
prising that these characteristic property curves have slightly dif-
ferent shapes.

3. Critical Current Characteristics. The variationm of overall

critical current with applied magnetic field was measured for a number
of V-Ga and Nb-Al specimens. The overall critical current density, Jc'
is obtained by dividing the Ic by the cross—sectional area of the tape
shape specimen. The sensitivity of this measurement is not very high

even though a 1pV/cm criterion is used, which is approximately in the
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ordervof 10"10 ohm—-cm range. Examples of the data are given in Figs.
VI-5, 6 and 7 showing the variation of properties with heat treatment
time for different composition.

In the V-Ga case represented in Figs. VI-5 and 6, the current-
carrying properties improve over the whole range of fields studied as
the heat freatment time is increased to 48 hours but deteriorate there-—
after. In the Nb—Al case represented in Fig. VI-7, the low field pro-
perties improve for heat treatment time up to 12 hours and deteriorate
thereafter, while the properties at the highest fields studied continue
to improve.

The correlgtion of the superconducting properties with the micro-
structure and microchemical ;tate of the Al5 phases will be discussed in
‘the following sections. Particular attention is giving to understanding

the critical current characteristic from the intrinsic properties of the

AlS5 particles.
C. RESULTS

1. The Recovery of Deformation. Samples of V-15.6 at% Ga and 18

at.% Ga BCC solution were deformed at 700°C to 90% reduction of thick-
ness. The microstructure of the as—deformed specimens consisted of a
high density of dislocations as well as the prior—deformation grains.
Fig. VI-8 shows a sample TEM microstructure of an as—-deformed specimen.
The dislocations are severely tangled, but there is no evidence of
dynamic recovery. Also, there is no AlS precipitation found in the as-
deformed specimen, indicating both the quenching and deformation process

are successful in suppressing the formation of AlS crystal.
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During aging heat treﬁtment at 700°C, the dislocations annihilated
and pplygonized into dislocation walls and gradually reduced in density.
Two sample TEM micrographs of the polygonized wall structures are shown
in Figs. VI-9 and 10, of V-15.6 at.% Ga sample aged at 700°C for 2 days.
The density of dislocation is significantly reduced from that of the as-
deformed specimen.

Figure VI-11 shows a TEM micrograph of V-18 at.% Ga sample aged at
700°C for ome day. The polygonized dislocation Qail structure is also
evident.

The quenched Nb-17.8 at.% Al solid ;olution was deformed 99% and
aged at 750°C. The as-deformed specimens show a high density qf dislo-
cations. There is no evidence of dy#amic recovery or the Al5 phase.
Fig. VI-12 shows a TEM micrograph of a sample aged at 750°C for 12
hours. Notice that the recovery process has driven the dislocations to
form bands of high dislocation demsity, but very little well-developed
dislocation cells has occurred. This behavior, which is different from
that of V-Ga samples, may be due to a higher density of dislocations
and/or a slower polygonization process.

2, The Microstructures of Precipitated V-156 at.% Ga. The TEM

study in this research is focussed on the physical state of the precipi-
tated Al5 phase nucleation and growth of crystal, defects in the preci-
pitates, and its grain size. This section describes the result of
microstructural study of the V-15.6 at.% Ga after 90% deformation and
aged at 700°C for various periods of time.

Figure VI-13 shows a sample VsGa precipitate at the intersections
of prior—grain boundaries of a sample aged for ome day. The nucleation

of the precipitates is rather inhomogeneous, as & result, only a small
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number of precipitates were found in the thin foil TEM samples. These
precipitates generally ﬁere found at the grain boundaries, especially
the intersection of graimn boundaries as the one shown in the figure. It
can also be observed that the growth of the precipitates follows some
definite crystallographic orientation. 1In Fig. VI-13, the precipitate
gréw into different grains along different orientations which formed an
interesting morphology. Due to the rather small nucleation sites of the
grain boundaries, it is not surprising that the number of precipitates
is small.

For samples aged at 700°C for 2 days, the morphology of Al5 preci-
pitation is quite different from that of the samples aged for one day.
The volume fraction of precipitates increases significantly, and can be
found to nucleate and grow from dislocation walls also. This can be
attributed to the fact that the kinetics of nucleation on dislocation
walls is sufficiently high for 2 days aging for the precipitates to be
observed.

The difference of nucleation kinetics between the prior-grain boun—
daries and dislocation walls is one important reason for the large
variation in grain size observed. The grain size of precipitates
nucleated on the prior—deformation grain boundaries is larger than that
of the dislocation walls. Also, the nucleation of Al5 precipitates does
not occur on all dislocation walls. Some of the dislocation wall sites
are more favorable than others. Examples of this phenomenon can be
demonstrated by referring to Figs. VI-9 and 10. The dislocation walls
are very stable compared to the formation of A15 phase. This inhomo-
geneous nature of nucleation is quite common for all V-Ga samples,

irrespective of the overall composition or aging time.
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Another common phenomenon is that the nucleated VSGa precipitates

are generally free of defects in the grains’ interior. Only some in-.

grown dislocations were observed. An example of the in-grown disloca-
tion dipole is shown in Fig. VI-14 of a sample aged at 700°C for 2 days.
The insert of this figure shows the diffraction condition of the micro-
graph. The A15 grain in the center is near the (111) zone-axis and the
BCC film to the left of the figure shows a strong reflection of [011]
spots. The in-grown dislocation has been identified by a contrast

analysis [13-15] to be edge in character with Burgers vector of the type

(100> and lies on a <001)> direction. This result is consistent with

that reported by Pande [16]. The Al5 grains were elongated with aspect
ratios between 2 to 5. A film of BCC phase with a high density of
dislocations.usually exists between two.adjacent AlS grains,

Figures VI-15 and 16 show two typical TEM micrographs of samples
aged for 69 houfs. The elongation of the A15 grains and the BCC films
between AlS grains are v§ry distinct. Under a suitable diffraction
condition, e.g., Fig. VI-15, it can be seen that AlS grains are highly
correlated crystallographically, even though they were separated physi-
cally. This is an indication that a definite crystallographic orien—
tation exists between the Al5 grains and BCC matrix.

For samples aged for 4.5 days, similar features have been observed.
Figs. VI-17 and 18 showed two micrographs of clustered AlS grains with
BCC films between them, The grain size is noticeably larger than that
of shorter aging times, while the aspect ratio remained similar. An
example of the nucleation of VsGa grains on a dislocgtion cell boundary

is shown in Fig. V1-19, and the diffraction pattern of the AlS grain is

given in the insert. It is clear that the two elongated A15 grains in
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this figure lie on the dislocation cell .wall. and that a film of BCC
matrix is stable in between Al5 grains. These kinds of micrographs
established that the dislocation cell walls are the nucleation sites for
the precipitation of AlS5 phase.

Figure VI-20 is a TEM micrograph of a sample aged for 7 days and
Figs. VI-21 and 22 show two micrographs of samples aged for 11.5 days.
It can be seen that the general features are similar, but the average
grain size increases with aging time. The c}uster of Al5 grains in Fig.
6.22 all have the. same crystallographic orientation (see the inserted
diffraction pattern) such thaf. all the grains exhibit a similar con-
trast. Fig. VI-23 is a dark field micrograph taken from a diffraction
maximum of the A15 phase, and the BCC matrix is dark. Thickne#s con—
tours are very distinct in the AlS grains. Also, the BCC films between
Al5 grains capn be seen to be very stable, even with this long aging time
(11.5 days).

3. The Microstructures of Precipitated V-18 at.% Ga After 90%

Deformation. The precipitation and recovery proces; of V-18 at.% Ga
after 90% reduction in cross-sectional area are very similar to that of
V-15.6 at.% Ga discussed in the previous section. The range of aging
time for V-18 at% Ga samples is between 3 hours to 2 days, instead of 1
to 11.5 days aging time for 15.6 at.% Ga samples. This is because the
precipitation kinetics are muéh faster in the case of 18 at.% Ga (Fig.
VI-6).

Figure VI-24 shows a sample TEM micrograph of samples aged at 700°C
for 6 hours. The corresponding diffraction pattern of the V3Ga precipi-
tates are shown in the insert. Even with such a short aging time, a

large number of V3Ga precipitates are observed. The recovery process
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causes dislocations to form bands of high dislocation density, and V3Ga
phase nucleates and grows from thse bands. Therefore, an increase of
the gallium content from 15.6 to 18 enhances the nucleation kinetics: a
comparison can be made of the same nucleation Sites for 6 hours and 48
hours ;ging at 700°C, respectiveiy. The‘precipitated VsGa grains are
elongated as that of the V-15.6 at.% Ga sample.

Figure VI-25 shows a typical TEM micrograph of a sample aged at
700°C for 12 hours. The elongated shape of the V3Ga grains is evident.
Also, even though the Al5 precipitates have a glosely correlated crystal
orientation (the insert of the figure), coalescence of grains to form a
larger grain does not happen, or at least in a very small amount. It is
clear that a film of BCC phase is stable against coalescence of the
adjacent grainms,

Figure VI-26 is an example of the microstructure of samples aged
for omne day. Ihé region in this figure was almost fully occupied by the
precipitated V3Ga phase. However, films of the BCC phase still persi;t
between the AlS grains.

The microstructure of the samples aged at 700°C for 2 days is quite
different from fhe others. Figure VI-27 shows 2 typical bright field
micrograph and corresponding diffraction pattern. The main difference
here is that the film of BCC matrix phase that persisted between AlS
grains underwent spheroidization in this sample. The driving force of
spheroidization is the reduction of surface energy between BCC and AlS
phase. This spheroidized BCC phase is still stable against fu:ther
shrinkage and contains a high density of dislocations. The AlS5 phase is
strained, as can be seen by the strain contrast near the BCC phase.

Also, it is clear that the Al15 grains are in a very close crystallo-
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graphic orientation such that when different grains coalesce, there is
no grain boundary in between them. This can only be due to tke AlS
phase that precipitates from the BCC matrix following a definite cry-
stallographic‘orientationArelationship.

4, Micrbstructures of Nb-17.8 at.% Al Aged at 7502C After v99%

Deformation. Samples for microstructural analysis were aged from 1.5 to
12 hours at 750°C after 99% reduction in thickness. The precipitation
Akinetics are faster/than the V;Ga samples, this may be due to: (1)
diffusion of Al in Nb is faster than Ga in V through a higher density of
dislocation cores produced by larger reduction and higher temperature
aging, (2) the dislocation cell walls are more effective nucleation
sites for precipitation of NbjAl, and (3) 17.8 at.% Al is closer to the
Al5 phase boundary on the phase diagram [5] than that of 18 at.% Ga [1-
3], so that the chemical driving force is larger. Because‘oflthese
reasons, the aging times for the Nb-Al samples are shorter than V-Ga
samples. |

Figures VI-28 and 29 show two typical TEM micrographs of samples
aged at 750°C for 3 hours. It can be seen that the precipitated Nb3A1
crystals are equiaxed in shape and preferentially precipitated on the
dislocation cell walls. Another important feature that can be seen from
these types of micrographs is that BCC matrix phase is still quite
stable between Al5 grains. These BCC matrix films, instead of having a
plate shape in the case of V;Ga specimen, has a hyperﬁolic shape because
their adjacent AlS grains are equiaxed.

Figure VI-30 shows a TEM micrograph of specimen aged for 6 hours.
The BCC matrix films are more distinct and the Al5 grain size is moti-

ceably larger than that of the samples aged for 6 hours. Figs. 6.31 and
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32 are micrographs and the corresponding diffraction patterﬁs of samples
aged at 750°C for 12 hours. The grain size‘is progressively larger and
equiaxed in shape. From the diffraction patterns inserted in the
figures, it can be noted that the Nb3A1.grains aré closely related in
'crystallogt;phic orientation, similar to that of V3Ga. Complex contrést
is associated with Nb3A1 grains, this_may be due to either bending
contours of thin foil sample buckling or the'Nb3A1 grains were strained.
The complex contrast is more sever; in the precipitated’Nb3A1 than in
V3Ga. |

5. Grain Sizes of Precipitated A15 Phase. The grain size of the

precipitated A15 phase was determined by direct measurement of TEM
micrographs. At least 50 grains were sampled for each datum. Both the
width and length of each grain of the V3G£ phgse were measured due to
their elongated shape. For equiaxed Nb3A1 graias, ;he grain diameters
were measured.

Figure VI-33 ghows the result of V-15.6 at% Ga. It was plotted as
the logarithm of grain size in micron mefer versus that of the aging
time in hours. The'gr;in size of samples aged for one day was not given
in the figure. Because of too small a number of grains were observed
and the statistic error is large. The standard deviation of each datur
point is marked by the error bar.

The average aspect ratio for V-15.6 at.% Ga aged at 700°C increases
slightly with aging time: from 2.2 for the‘sample aged for 2 days to
3.5 for the sample aged for 11 days. The grain size versus aging time
relation in the log-log plot fits very nicely with a straight line. The

slopes of these two lines were determined by a least square fit method
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and found to have thé values of 0.24 and 0.42 for width and.length of
Al5 grains, respectively.

The results of grain size measurements for V-18 at.% Ga deformed to
9Qk area reduction are shown in Figure 6.34. The statistical standard
deviation is given as the error bar for eacﬁ datum. The least square
fit straight lines are also shown in the figure. The width and length
of the V3Ga grains increased following a power relation with aging time.
The power coefficients are 0.36 and 0.13 for the length and width,
respectively.

‘Figure VI-35 shows the results of grain size measurement for Nb-
17.8 at.% Al samples. The power coefficient of the relation between
grain size and aging time is 0.49. The average grair sizes fall into
the least sQuare fit line almost precisely. The error bar represents
the statistical standard deviation for each datum.

6. The Crxsfallograghic Orientation Relationship. Microstructural
analysis of the precipitated V3Ga and Nb3A1 in the previous sections
reveals that there is a common orientation between the Al5 crystals.
This section presents the results of an investigation to determine the
common crystallographic relations which govern the orientation of AlS
precipitates in supersaturated BCC solutions. .Convergent-beam electron
microscopy [17-19] was used in this study in order to deal with sub-—
micron sized Al5 precipitates. A JEOL-100C microscope operated at 100
kV and capable of converging an electron beam to a probe 1000A in
diameter was the primary facility employed. The Philips 400 scanning
transmission electron microscoﬁe which has the ability to further con-

verge the electron beam down to 100A was employed for confirmation.
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Ihe analysis of the V-15.6 at.% Ga samples is illustrated in Fig.
VI-36(a,b). The TEM micrograph presented in Fig. 6.36(a) shows the
precipitates formed in a'deformed V-15.6 at.% Ga sample after aging at
7OQ°C for 4.5 days. The V3Ga precipitates are lenticular in shape and
have an average size of 1.1 um length by 0.4 um width. A ‘typical
convergent beam electron diffraction pattern from this region is shown
in Fig. VI-36(b). The disc—-shape of the diffraction spots is due to the
angular convergence of the incident electron beam [17-19]. It is clear
that the (211) plane of the precipitated A15 phase of the [111] zone
axis is parallel to the (011l) planes of the BCC matrix. Since the
corresponding diffraction spots are almost parallel to each_othet and
lie on a direction parallel to the electron beam. Therefore, the set of
parallel planes between BCC and Al15 phase must also satisfy the rela-
tion: (211)gee//(011),,5. However, this type of analysis reveals a
necessary condition for the completé orientation relationship, but it
does not give a sufficient condition. It has been known [20,21] that
parallel planes and directions are both needed to determine the crystal-
lographic orientation relationship between two crystal structures. The
above mentioned condition can be satisifed by a large number of dif-
ferent relationships. Therefore, it is necessary to find an experi-
mental condition such that the pafallel planes and directions can be
determined simultaneously.

Such an analysis of the VsGa precipitate is illustrated in Fig. VI-
37(a-c). The TEM micrograph presented in Fig. VI-37 (a) shows the
precipitates present in a deformed V-18 at% Ga after aging at 700°C for
12 hours. The V3Ga precipitates are again lenticular in shape and have

an average size of 3000A length by 1300A width. The corresponding
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convergent diffraction pattern from this sample is shown in Fig. VI-
37(b). The diffraction pattern is indexed in Fig. VI-37(c). The zone
axis of the BCC matrix and the Al15 precipitates are [111] and [001],
respectively. The rows of parallel matrix and precipitate ;pots in the
diffraction pattern indicate parallel planes (within + 5°) since the
>corresponding reflecting planes are almost parallel to the electron beam
(Bragg angle < 1°) [21]. It follows that the (100) plane of the AlS5
precipitate is essentially parallel to the_(llO) plane of the BCC mat-
rix, The complete orientation relation is hence given by the appealing-
ly simple correspondence:
[001]A15// [111]BCC. and (100)A15//(1_]_._0)BCC (1)

The analysis of the Nb-Al system is illustrated i; Fig. VI-38(a,b).
‘ The TEM micrograph presented in Fig. 6.38(a) shows that the Nb3A1 preci-
pitates formed from Nb-18 at.% Al on aging at 750°C for 3 hours. It can
be noted that tHe morphology of the Nb3A1 precipitates are quite differ-
ent {rom that of»VsGa (see previous sections). Nevertheless, selected-
area convergent—beam diffraction patterns (Fig. VI-38(b)) reveal an Al5-
BCC lattice correspondence identical to that found in the V3Ga case and
given by equation (1).

7. Microstructures of the Fully—-Annealed V-18 at.% Ga. To under-

stand the effect of deformation on the microstructure and transition
temperature, V-18 at.% Ga solution were annealed at 1400°C for 10 mi~-
nuetes and quenched before aging treatment to fully anneal the defor-
mation history

Inductive measurements showed that the as—annealed sample has a Tc
close to 9°K which corresponds to the pure Nb. After aged at 700°C for

2 days, T, increases to 12K, and further increases to 13,.5K and 14.2K

c
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for 4 and 8 days agiﬁg. The Tc measurement results are quite different
from the deformed specimens (Fig. VI-1), shoﬁing that the precipitation
kinetics were significantly influenced by the thermal-mechanical
history.

The precipitated VsGa grain morphology of samples aged for two days
is illustrated in Fig. VI?39. The corresponding crystallographic orien-—
tation is shown in the figure. It can be seen that the VsGa precipi-
tates along a definite crystallographic direction: [100]A15 and
[1;0]BCC. The VsGa phase forms clusters of precipitates that concen-
trated atvthe grain boundaries of BCC matrix. The prior grain boun-
daries are not visible due to precipitation, they are still recognizable
from the changes of the precipitation direcfions. Fig. VI-40(a-c) shows
a set of bright—-field, dark-field micrographs and the corrésponding
selected-area-diffraction pattern of the same heat treatﬁent as that of
Fig. VI-39, The diffraction pattern (c) reveals that the Al5 phase is
near the [001] zone axis and the BCC phase is near [111]. The dark-
field micrograph (b) was taken érom the fundamental reflection of BCC
phase, as indicated im (¢). It is clear that the BCC phase formed a
stable film against coalescence of Al5 grains. This phenomenon is the
same as that in the deformed samples.

The microstructure of a precipitated V3Ga phase cluster is shown in
Fig. VI-41 for a sample with 4 days aging. The same features as that of
the 2 days sample is observed. It is interesting to note that the
precipitates grew into one another and stopped, but wsually did not
coalesce, even though they have a closely correlated orientation rela-—
tionship. The lenticular shape of the VsGa precipitates is most dis-—

tinct in Fig. VI-42(a-c). The selected—area-diffraction pattern (c)
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shows that the zone axis of the thin foil was in the direction of [111]
for A15 phase, and that the (211) of Al5 phase is parallel to the (110)
of BCC phase. The dark—fieid nmicrograph (b) was taken from a fundamen-—
‘tal reflection of the AlS5 phase.

Figure VI-43 shows a lattice image of the precipitated V3Ga formed
by aging the specimen at 700°C for 4 days. The diffraction condition of
tkis particular image is taken from the two + (100) reflection at Sg =+
0.5 conéition. . The image shown in this figure covered roughly CLO; um2
area of a precipitatg. From optical interference technique, it can be
concluded that the lattice planes have a uniform spacing, 4.82A. This
is an implication that tke composition within a grain is quite‘homoge—

neous [2].
D. DISCUSSIOL. b

fhe discussion of this work is divisible into two parts: tce
formation mechanisms and microstructures, and the corrélation'of super—
conducting properties with microstructures. The former discusses
nucleation sites and microstructures of AlS precipitates, the orienta-
tion relationship, the stability of ECC films, effects of deformation
and sone implications of chemical composition, The latter will discuss
the Tc‘ ch and Jc characteristics and correlate them to the physical
and chemical state of Al5 precipitates.

1. Formation lMechanisms and Microstructures.

a, Nucleation of AlS5S precipitates: The nucleation sites of the AlS

precipitates are tue prior—-deformation CC grain bouncaries anc the

dislocation cell walls or sub—grain boundaries. The precipitates are
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most easily nucleated on the prior-deformation BCC grain boundaries,
especially at the sites of grains intersections, For example, V-15.6
at.% Ga samples aged at 700°C for 1 day presentead VsGa precipitages
mostly omn the grain intersections (Fig. VI-13). Fig. VI-44 shows opti-
cal micrograpks of the same sample. From tke differeﬁce\in etching
behavior, the positions of the likely V3Ga p?ecipitates were revealed.
It is clear that the precipitates are formed on the prior-deformation
grain boundaries. In tkis short heat treatment, the dislocation cell

walls are free of precipitates.

The dislocation cell walls became preferred nucleation sites for

longer aging treatments for both the V-Ga and Nb-Al sauples. liowvever,
the nucleation process is different for V-Ga and No-Al. In MNo-Al
samples, the Nb3A1 precipitates were distributed nore homogenequsly on
most of the sub-grain boundaries, wunile in V-Ga case, the precipitates
tenged to form clusters frow soue dislocation cell walls (i.e., some
regions were precipitation free while the others had a high demnsity of
precipitates). This may arise from the gettering effecti?eness of tke
sub-grain boundaries are more effective nucleation sites for tke Pb3Al
precipitates than the dislocation cell walls are for VSGa. Tke disloca-
tion cores can decrease the activation energy of nucleation and act as
fast—-diffusing paths for solute atoms. Therefore, the heterogenecous
nucleation of V3Ga and Nb3Al always occurs with a high density of dislo-
cations.

It has been mentioned that the polygonization of dislocations hzs
to be formed first if finely dispersed Al5 precipitates are desired.
Even with a nigh desity dislocation wall structure, the nucleation ot

AlS precipitates still requires a random thermal activation process,
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Therefore, it is not surprising that the grain sizes of the Al5 precipi-
tates reported here are several times larger than that of other proces-
sing methods. All the other procéssing methods described in Chapter IV
rely on the reaction between two differeat phases, e@.. tke Nb and Cu-
Sn interface of the bronze process, and the MNb-Al interface of the
powder wires. The nucleation of an intermetallic compound between two
terminal phases at the interface will have a much higher nucleation rate
thban a random thermal activation process. Alsp. at the same tenpera-
ture, the diffusion will be faster down a pre—existing composition gra-
diext than a random composition fluctuation. A higher nucleation rate
implies finer grain size, therefore, the grain size of the direct-
precipitated AlS5S phase will be lérger than the otker processes.

b. The nature of dislocations in the AlS5S phase. The precipitated

AlS grains are generally defect-fiee, but some of themw have in-growvn
dislocations. Contrast analysis reveals that they are ecdgze dislocations
wiih Lurgers vector of the type 1/a <100)> and lie on {C01)> directions.
This resultﬁis intrinsically plausible because the AlS5 crystal structure
is an ordered phase, anc tke only way to preserve the three-orthogonal
lineaf chains is to have a Eurgers vector of 1/a <100>. The other types
of Burgers vector will cause the linear chains to connect with B sites
(Fig. IV-1) and create anti-phase boundaries. This will be an erergeti-
cally unfavorable situation since the overlapping of the d-shell elec—
trons of A-atoms is responsible for the stability of the Al5 phase
[22,23].

c. Tue morphology and grain size of V3Ga and NbosAl: After nuclea-

tion of the AlS precipitates, grain growth followed to bring the system

toward equilivrium vy diffusion of DI-atoms toward nuclei. The growtl of
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Als precipitatés also obeys a minimum energy requirement that determines
- its shape and size. The results of microstructural analyses of the VsGa
and Nb3A1 precipitates were shown in the previous sections. It is found
that tﬁerg are significant differences between the patterns of precipi-
‘tation in the two materials. V3Ga precipitates as a set of discrete
particles which grow in a lenticular shape away from tke boundaries into
the interior of the grains following a low index direction, e.g.,
[100] 415 and [110]pcc. Alternmatively, NbjAl precipitates as small,
nearly equiaxed particles at an early stage of the reaction and grows
aloné the sub-grain boundaries.

It is well known fhat the shape and habit plane of precipitates are
determinéd by the minimization of the sum of elastic strair and interfa-—
cial energy [24-27]. Tte lenticular skape ancd directionai growth of the
V3Ga precipitates indicates that the transfofmation is strain energy
douinated. On tke other hand, the }b3A1 precipitates as equiaxed grains
showing that it is surface energy dominated.

The growtk of the pr;cipitated Al5 grains is determined by thke
diffusion kinetics. The results of grain size measurement were shown in
Figs. VI-33, 34 and 35. It can be seen that the growtik rate follows a
power relation: D = kt® [28), where coefficients k and n are functions
of aging temperature and composition, but independent of grain size. It
can be observed from the two V-Ga sanples that the Ligher the Ga concen-—
tration, the smaller the grain size. Also, the exponent, n, decreases
with increasing Ga concentration. This may be due to the nigher nuclea-—
tion rate of the higher Ga—contenting specimen, such that tie growvth
rate decreases due to the depletion of solutec atows at the vicinity of

each sruin,
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The exponent, n, of Nb-18 at.h Al is very close to the diffusion
controlled layer growth exponent 0.5, and it is higher than the V-Ga
samples. This effect can be attributed to the higher deformation and
higher nucleation rate. High n;cleation rate means the transformation
rate is growth controlled. Therefore, it is not surprising that the
average grain size is small but the growth exponent is high.

d. The orientation relatjonship: The results of convergent beam

electron diffraction analysis of the crystallographic orientation rela-

tionship between the Al5 precipitates and BCC matrix were described in

Section VI.C.6. The Al15-BCC lattice correspondence found in this study-

(eq. (1)) is illustrated in Fig. VI-45. It is an intuitively plausible
correspondence since it insﬁres that the most closely packed planes and
directions of the'A15 and BCC structures are parallel to one another,
and in this sense resembles the familiar Kurdjumov-Sachs [20] relation
between the FCC and BCC structures. This relation does, however, differ
from that previously suggested by Togano et al. [29] from an analys;s of
surface diffused V3Ga on a V tape: (110} ,45//0120])g¢c.
(001),,4//(001)gcc- The Toganmo dorfespondence was never found in this
work, Using X-ray and reflection electron diffraction (RED) techniques,
Diadiuk et al, [30] studied the preferred orientations of Nb3ySm diffu-
sion layers grown by Sn-vapour reaction with single~crystal Nb sub-
strates. The preferred parallel planes were given: (100)BCC//(110)A15,
(110)BCC//(100)A15. (211)BCC//(110)A15' and (111)BCC//(111)A15 for the
four preselected BCC orientations., The respective parallel directions,
however, could not be determined by their techniques. Since the paral-
lel planes and directions are botk necessary to describe crystallogra-

phic orientation relationship between two crystal structures, this type
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of analyses is incomplete. It should also be noted that for a Sn
diffusion reaction on a bulk Nb substrate, the growth direction of the
Al5 Nb3Sn layers is restricted by the orientation of thé BCC Nb sub-
strate, rather than being permitted to take a éath to minimize the free
energy. Thq same restriction will be found in the multifilamentary
wires. The preferred parallel planes reported by Diadiuk et al. [30]
were also consistent with that found in this work,

The habit planes of the V3Ga precipitates found in this work
followed the relation: (100)A15//(110)BCC; which is consistent with the
parallel planes of A15 and BCC structures. Since the shape of the VsGa
phase is strain energy dominated, it is not surpri;ing that the habit
plane coincides with the plane of parallei orientation, since both the
habit plane and orientation rel#tionship obeys the same law of mini;
mizing energy. For the Nb3A1 phase, surface energy dominates the shape
of the precipiiates but the same orientation relation#hip is still
obeycd.. In this sense, the orientation relationship found im this study
might be a general one, which governs the transformation of Als from BCC
structure. |

e. Stability of BCC films: Microstructural observations showed

that the precipitated A15 crystals within one prior-deformation BCC
grain usually have a common crystallographic orientation. However, they
do not coalesce into large crystals during growth., A BCC matrix film,
typically with a thickness of only a few hundred angstroms, can be
frequently found in between two adjacent AlS precipitates. This type of
matrix film has a remarkably high stability against the high interfacial
energy they created. In the V-15.6 at.% Ga samples, these ECC matrix

films were stable and showed some form of partial coalescence only after
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aging at 700°C for 11.5 days (Figs. VI-22 and 23). The spheroidization
of the BCC films is very distinctive in the V-18§ af.% Ga, 700°C for 48
hours aged sample (Fig. VI-27). EPEut for shorter aging times (6 hours to
24 hours) these RCC films showed no sign of instability. This kind of
‘morphology is not so clear for the Nb-Al samples, mainly dpe to the
shape of the Nb3A1 precipitates. However, by careful examination of a
large number of micrographs, it is found that the similar phenomenon
exists in the Nb—-Al systenmn. Fbr example;the high stablity of the ECC
filns for the samples aged at 750°é/for 12 hours can be seen in Fig. VI-
32.

This phenomenon is quite remarkable, since the high interfacial
energy and the identical orientation of the adjacent: A15 precipitates

should tend to spheroidize the DBCC films in order to reduce the surface

energy. The same situation can be found, for exawple, in the spheroidi-

zation of carbides in carbon steel. Also, the filwus are gquite tkhin

compared to that of the precipitates, consequently, this small amouxt of
ECC lattice éontains a large surface area. The high stability of the
.DCC filus was therefore not anticipated.

This phenomenon can be explained by consideration of the composi-
tions of the DCC phase, The films of ECC phase Letween AlS precipitates
are lean in solute atoms (Ga or Al), due to thLe short diffusion distance
to the adjacent Al5 grains. Therefore, the DCC phase stzbility is
greatly enhanced which must be sufficiently high to oppose the instabi-
lity sef forth by surface tension. Le metastable BCC films can be
pushed into spheroidized particles only at a slow_kinetics rate, at the

expense of increasing AlS grain size,

10

o



109

The existence of resistive films between superconducting g;gin;ﬁiﬁf- :

duces a voltage drop and local heating. The reduce the stability:offthéfuj

conductor against flux—jump and thermél instability. Also, it has been

established that the A15 precipitates in a specimen are grouped into

several sets of crystillographic orientations determined by the minimum

energy path of the transformation. As a result, tke effective grainv

size will be much larger than the average of individual grains. In this

sense, the surface pinning between BCC films and Al5 precipitates might

be responsible for a large fraction of the Jc obtained. The conductivi~ -
"ty is provided by the proximity effect [31] and current tramsfer [32] in-

the normal metal. As a consequence, the intrinsic stability of the

conductor is very limited.

f. Effect of deformation on microstructure. To understand tﬁe
effect of deformation on the precipitation kinetics and microstructure,
V-18 at.% Ga solutiqns were fully annealed before aging treatment and
the e¢xperimental results are compared with samples of the same composi-
tion with heavy deformation. The precipitation process is very slow in
the annealed samples. Microstructural observation found no AlS precipi-
tates until aged at 700°C for two days, while the corresponding deformed
samples have & significant amount of precipitates after three hours
aging. This observation is supported by inductive 'I‘c measurement where
the annealed sample aged at 700 OC between three and 24 hours has only a
Tc corresponding to the pure Nb, Therefofe. it can be concluded that
the deformation significantly enhances the precipitation,

The morphology and orientation relationship between the Al5 preci-

pitates and ECC matrix were identical irrespective of the prior—-deforma-

tion. The Al5 precipitate forms clusters at the grain boundaries or



grain intersections for the annealed specimens aged at 700°C from two to
eight days. Therefore, it can be concluded that the AlS5 precipitates
nucleate heterogeneously on dislocations. Also, the precipitation of a
few nuclei may create a solute diffusion toward that region by disloca-
tion cores, which will further enhance the nucleation rate in the
region. This effect may be responsible for the clustering of precipi-
tates.

g. Chemical compositions. The compositions of the Al5 phase were
studied by a scanning transmission electron microscope equipped with
energy dispersive x-ray spectroscope (STEM/EDXS) on the thin foil of TEM
specimens. Although the results of STEM/EDXS studies were not conclu-
sive, several points are worth discussing. The Al5 precipitates usually
have a range of compositions between ~18 to 24 at.% Ga within each V-Ga
specimen., Similar situations were found for the Nb-Ai specimens. It

should be noted from the phase diagrams (1-3,5) that the equilibrium
.composition of precipitates should be bout 18-20 at.% of B atom for both
Nb3A1 and V3Ga. The existence of ~24 at.% composition in the precipi-
tates indicates that the process is not an equilibrium one. Hong,
Dietderich and Morris [3] suggestgd that the precipitation of small
particles is not governed by Gibbs’ free emergy. Instead another ther-
modynamic function, based on the assumption of incompressibility of the
parent and precipitated particle, is relevant. By this argument, a
higher composition than that of the equilibrium phase boundary can be
obtained to explain the higher Tc data than that of the equilibrium
condition. Another possibility is that the boundary conditions of the
chemical pqtential changed due to the existence of dislocations so that

higher concentration of B atom in the precipitates is more stable when

110



the precipitates were small. For longer aging treatments, the boundary
condition slowly changes back to tke equilibrium values, .then tke preci-
pitates will have a composition close to that of the equilibrium phase
diagrzam,

This plausible eiplanation can account for the range of composition
of precipitates in ome sample: the local configuration of dislocations
and the duration of precipitate formation were different frow region to
region. .Therefore, the compasition of each precipitate will be dif-
ferent. It has also been found that the composition within each AlS
grain seems to be houogeneous frow the STEL/EDXS probes across each
grain and from lattice images(e.g.fig. VI-43). These results imply

that the redistribution of [ atoms inside a single grain is fast comni-

parec to the growth of the precipitates.

2. Correlations of Superconducting Properties and the Physical and

Cihemical State of Precipitates.

a. T, and il ,. The T, ancd I, of a superconducting material are

ta

c

stronz functions of the chemical cocpositiorn, long range order parame-—

ter, state of strain, and less sensitive to microstructure, as discussed

in Chapter II. Since the long range order and state of strain should be -

similar for the Al5 precipitates formed at the same temperature [35],
therefore, Tc ana ch have been used as a rough measure of composition.
Examples of the critical temperature and upper critical field oif
precipitated V-Ga are given in Figures VI—I ané VI-3. Those of precipi-
tatec Nb-Al are shown in Figures VI-2 a2nd VI-4, The critical tempera-
tures were measured by an inductivé cmethod with a calibrated germanium
resistance therwometer. The upper critical fields were estimated LY

extrapolating the critical current characterisitic, suggested by hraoer
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(36]. Because the precipitates have a range of compositions, the former
technique will tend to measure the properties of the most nearly stoi-
chiometric (highest Tc) particles, while the latter will reflect a
composition closer to tkhke mean. Heﬁce, it is not surprising that the
characteristic results as a fqnction of aging tine have slightly dif-
ferent shapes, Exﬁerimental results do suggest, however, that the Tc

measurement gives a reasonable indication of composition when the parti-

cles are well-developed. Also, the transition widths of the inductive:

signals always show an extraordiﬁarily broad transition, compared to all
the other processing methods, revealing that the compositions of V3Ga
and Nb3A1 precipitates‘have a range of compositions,

In V-Ga aged at 700°C both the critical temperature and critical
field increases with the Ga content of the starting alloys. 'They‘tend
to reach a maximum, then decrease after long aging times, a behavior
pattern which suggests an eventual decrease in the Ga content toward the
equilibrium phase boundary of the Al5 phase. The initial increase of Tc
and ch probably do not suggest a simple increase in Ga content in the
V3Ga precipitates but a complicated eifect.arising from the interplay of
particle sizes, their composition distribution, and the proximity effect
between particles. For example, when the particles diameter of the
particics are less than approximately twice the magnetic penetration,
the magnetic fluxes can penetrate the particles and there will be no
inductive signal shown. Also, the proximity effect, which is responsi-
ble for the tunneling of copper pairs through normal metal, will depend
on the thickness of normal metal and its composition, The shape of the
T, measurement results can then be qualitatjvely understood. The

[

maximunm Tc of V-18Ga, 15K, corresponds to a nearly stoichiometric AlS
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phase. The maximum critical figld.also suggests a Ga content near 25
at.%.

The critical temperature and critical field increase with the
starting content of Al, and also slightly increase with aging for tiﬁes
up to 500 hours. The data suggest that tke kinetics toward the equili-
brium phase boundary of the compositions of Nb3A1 precipitates is much
slower than that of V3Ga. However, the compositions of the Nb3A1 preci-
pitates apparently remains lean in Al since the highest values of Tc and
H,, are significantly below their values for stoichiometric Nb3A1

[37,38].

b. Critical current characteristics. The variation of overall
critical current with applied magnetic field was measured for a number
of V-Ga and MNb—Al specimens. Examples of the data are given in Figs.
IV-5, 6 and 7. Figures IV-5 and 6 show the variation of critical
current chatactéristics with heat treatment time for samples of V-15.6
at.% Ga and V-18.0 at.% Ga, respectively. Those of Nb-17.8 at.% Ga were
shown in Fig, IV~-7, ‘

From the perspective of establishing a microstructure conducive to
good current-carrying properties, the Nb3A1 precipitation pattern
revealed in this study is clearly preferable to that of V3Ga. The Nb3A1
reaction establishes precipitates with fine equi-axed grains which are
uniformly nucleated on the network of dislocation cell walls at a rea—
sonable volume fraction. The V3Ga pattern yields particles which tend
to be isolated from one another by buffer films of the matrix solutiom

and which grow to relatively large size and nucleate in a severe hetero-

geneous manner on certain dislocation networks. On the other hand, the

inherent superconducting properties are better in the V3Ga case. The
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AlS5 phase in V-Ga achieves a critical temperature and upper critical
field reasonably close to the best obtainable in V3Ga, while the Nb-Al
AlS phase has & critical temperature and field well below the best found
in Nb3A1. The two materials hence have different béhaviors including
one having a basically good Al5 phase in an undesirable morphology and
one having a less attractive Al5 in a much superior morphology. These
features are reflected in their relative critical current characteri-
stics.

In the V-15.6 at.% Ga case represented in Fig. IV-S5, the critical
current improves over the whole range of fields studied as the heat
treatment time is increased to 48 hours but deteriorates thereafter.
The improvement appafently reflects both the better intrinsic characte-
ristics of the Al5S precipitates, which pﬁrticularly determine high-field
properties, and the increasing volume fraction of the A15 phase. The
subsequent deterioration presumably reflects the lowering of intrimsic
propsrties coupled with the increasing grain size of the AlS. The
critical cﬁ;rent is relatively low at all fields compared with multifi-
lamentary V3Ga conductors formed by the bronze-process [39]. The criti-
cal current characteristics of a V-18 at.% Ga sample represented in Fig.
IV-6, show the same response of current-carrying capacity_with heat
treatment time. Compared to that of V-15.6 at.% Ga, the Jc shows a
marginal increase. The improvement might be reflecting the increase in
volume fractions of Al5 precipitates wkLich is governed by the precipita-
tion kinetics and the level-rule.

In the Nb—-Al case represented in Fig. IV-7, the low field proper-
ties improve for heat treatment times up to 12 hours and deteriorate

thereafter, while the properties of the highest fields continue to
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improve. The iatterveffect may be due to the improvement of the intrin-
sic superconducting properties at longer aging times documented in Fig.
IV-2. The former probably reflects the competition between increasing
volumé fraction and continuity, which cause the critical current'to
increase, and grain growth of the Al5 precipitates, which causes the Ic
to decline. The very rapid increase in the overall critical current of
the 12 hour specimen for decreasing fields below ch suggests a very
good balance between Al5 grain size, continuity and volume fraction.
The relatively slow increase in Jc of the 1.5 hr specimen presumably
reflects the poor continuity of the AlS5 phase at this stage of the
precipitation process. The highest obtained Jc at all fields is far
lower tﬁan the Nb3Al conductors by powder metallurgy [40,41]. This
inferior'current—carrying capacity can be attributed tolthe low intrin-
sic superconducting properties, much larger grain.size and poor conti-

nuity.
E. SUMHARY

The research of direct-precipitated V3Ga and Nb3A1 reported in this
chapter demonstrates a connection between the processing and the resul-
tant superconducting properties through the microstructural analyses of
the Al15 phases. The microstructural considerations discussed in this
chapter suggest that the overall critical current characteristics of V-
Ga and Nb—-Al will be improved by either increasing the deformation of
the samples prior to aging, which should refine the size of the subgrain

dislocation cell on which the precipitates form, or by increasing solute



content of the starting alloy, which should improve the intrinsic pro-
perties of the AlS phase.

However, the microstructural analyses also revealed that there are
some intrinsic disadvantages of this proces$ for producing a. high
current-cafrying-capacity>conductof (besides the problem of éﬁenching a
big ingot suggested in Section A). The grain size of the precipitated
AlS phase is much larger than that can be obtained by other processes.

The reason for this disadvantage is that the nucleation of the Al5 phase
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is much faster at a two-phase boundary reaction than a thermally acti-

vated nucleation reactionApy the composition fluctuation. Faster
nucleation rate yields a finer grain size and a higher Jc' Also, the
diffusion of solute atoms down a pre—existing composition gradient is
faster than through the composition fluctuation. A faster reaction will
permit fully teacfio; at shorter aging time, resulting in a higher
volume fraction, The other microstructural problem of the process is
the continuity. The BCC films befween Al5 precipitates have been found
to have high stability due to lowering of the ﬁhemical potention by a
locally lower solute concentration. The existence of the resistiQe
films between superconducting grains induces a voltage drop and a local
heating effect which greatly reduce the intrinsic stability of the
conductor,

The micro-chemical state of the Al5 precipitates also is unfavora-
ble. Even though near stoichiometric-precipitates exist, due to the
configuration and chemical effect of dislocations, the majority of the
precipitates are lean in solute atom. This effect is revealed also by
tke Tc and ch characteristics. The larger Al5 grains have a tendency

toward of f-stoichiometric composition (equilibrium condition). The



other processing methods have different boundary conditioms, thus will
have different chemical states, a point will become clearer in the next
chapter., Therefore, both the physical end chemical state of the AlS
_ﬁrecipitetes are not favorable for application of high-field cdnductors.

On the other hand, this method permits the fermation of Al5 phase
in a non-restricted manner which allows the study of the precipitation
process withoue other influences. For e;ample, the mechanisms of
nucleation and growth of precipitates, the nature of dislocations in Al5
phase, the morphology and orientation relationship, and the effects of
deformation can be studied in great detail, 'The microstructures can be
.related to the processing variables through the apparent mechanisms of
the reaction forming the Al5 phase. These mechanisms are inferred from
the results of high resolution studies of the development of the micro-
structure. The relation between fhe‘microstructure and the critical
current is consistent with current understanding of the role of grain

size and stoichiometry in determining superconducting properties.
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VII. THE INFLUENCE OF HEAT TREATMENT ON THE STRUCTURE AND PROPERTIES OF

BRONZE;PROCESSED MULTIFILAMENTARY NB,SN SUPERCONDUCTING WIRE
A.INTRODUCTION

The ﬁost common mgthod for producing high field Nb3Sn supercon-
ducting wires is the minternal bronzen process [1,2]. In this method
niobium:rods aré inserted into a Cu-Sn bronze billet and drawn into a
fine, multifilamentary wire. The wire is then heat treated to form tﬁe
AlS Nbssn superconducting phase through reaction at the niobium-bronze
interface. |

The maximum superconducting current, Ic' that can be carried by the
reacted wire at a given temger&ture is determined by the wire diameter

and the critical current demnsity, J within it, The critical current

¢’
density is a function of the transverse magnetic field, Hy the charac-
teristic function, Jc(H). depends on the area of the superconducting
phase and on its microstructural state. The most important microstruc-
tural parameters are three: the composition and crystallographic order
of the Al5 crystal, the grain size, and the state of strain. The
composition and order of the crystal determine its inherent super-
conducting properties [3-5]. It should be noted that the maximum effect
of the crystallographic oder is relatively small compared to that of
composition [6]. The grain size controls the density of the most effi-
cient flux line pinning sites [7-11] that prevent the loss of supercon-
ductivity at ﬁigh current. The state of sttaih modifies the inherent

superconducting properties, and is in part an internal strain that

reflects the macrostructure of the superconducting composite [12].



The microstructural state of the superconducting wire cannot be

controlled directly, it is determined indirectly by the starting geome-

try and the heat treatment., The relation between heat treatment and

microstructure is not well understood, but must be identified and uti-
"lized if bronze-processed wires are to be engineered for maximum criti-
cal current., The present work was undertaken to characterize the micro-
structure of a typical wire with a fixed internal geometrz, to est#blish
the connection between the microstructure and the heat treatment the
wire had received, and to correlate the microstructure and the supercon-
ducting properties. This work led into an effort to design heat treat-
ments that would improve thé microstructure so as to enhance thé criti-
cal current. The success of the modified heat treatments has obvious
engineering implications, but also gives credence to the qualitative
relations between processing, microstructure and properties that emerge
from the charactérization studies.

Specific aspects of the work reported Here have been published
previously [13,14]. The present chapter provides a comprehensive pre-
sentation of the results and their implications. It should be noted
that the research samples were commercial Airco wire with a fixed macro-
structure and bronze/niobium ratio. The research concerned the nature
and development of microstructure in this wire and its influence on the
critical current characteristic in the relaxed conditionp the influence
of the elastic strain was not specifically considered. Okuda, et al.
{15] have recently studied the consequences of varying filament size and
the bronze/niobium ratio in similar multifilamentary superconducting
wire.- Their report includes a discussion.of the influence of residual

strain on the critical current in the relaxed condition. The maximum
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effect of the residual strain is small relative to that associatedeith

significant changes in the microstructure.
B.EXPERIMENTAL PROCEDURE

1. Sample Geometry and Heat Treatment. The wire used in this inve-

stigatiog was manufacturedbby Airco Superconductors. It was a composite
wire, 0.7mm in diameter, tha§ contained an active core approximately
0.4mnm in diameter. An etched section of the multifilamentary core is
shown in Fig. VII-1. The core held 2869 niobium filaments grouped into
sets of 19. The individual filaments were 3 to S‘microns in diameter.
They were embedded in a Cu-13 wt.%Sﬁ bronze matrix to give ;n overall
bronze to niobium ;atio of 3:1. The core was wrapped with a tantalum
foil diffusion barrier approximately 30 microns thick. For thermal and
electrical stabilization the wrapped core was encased in a pure copper
shell, 0.15mm in thickness, that accounted for roughly two-thirds of the
wire cross section. |

Sambles of the wire were heat treated after encapsulation in sealed
quartz tubes that were back—-filled with argon. They were reacted at
temperatures in the range 650-800°C for various times. The maximum
reaction time at each temﬁerature was that necessary to achieve an

essentially complete conversion of the niobium filaments to Nb;jSa.

2. Materials Characterization. The important materials parameters
include the overall extent of the reaction at £he Nb-bronze interface
and the physical and chémical state of the sup;rconducting layer formed.

The extent of reaction was determined by optical and scanning

electron microscopic examination of etched cross sections of the heat



\

treated wires, The Al5 layer is easily distinguished from both the
bronze matrix and the unreacted Nb core by its brittle appearance in
broken wire sections and by its distinct etching behavior.. A sample
scanning electron micrograph of a polished and etched section is shown
in Fig. VII-2. The data obtained from #uch micrographs varies by ~10%
dne to the inhomogeneity of the reacted filaments.

The physicgl state of the reacted layer was studied by scanning

electron microscopy (SEM) on broken and etched sections and by high

resolution fransmission electron mictoscopy.(TEM) on thin sections,
Samples for transmission electron microscopy began as longitudinal sec-
tions cut fro@ the wire to reveal the multifilamentary material. The
samples were groun& to approximately 40 microns thickness, and then
milled in an ion beam until perforated. They were examined in a Siemens
102 or JECL-100C electron microscope at 100kV, using a 45° doublevtilt
goniometer stage to achieve the desired diffraction conditions. The
principal object‘of th?se examinations was to determine the AlS grain

size. The grain size could be roughly estimated from scanning electron

micrographs of the broken wire surfaces. However, since only some of

the grain 5oundaries appear in the fracture surface, fye transmission
electron microscopic analysis was essential to an accurate determination
of the grain size. The values of the average grain size reported here
were determined by the line intercept method on transmission electron
mictograéhs. At least 100 grains were sampled for each datum point,
The standard deviation in the grain size measurements is less than B80A.

The chemical state of the reacted layer was studied with scanning

transmission electron microscopy (STEM). The specimens employed were

TE! foils prepared as described above. They were examined with a 100kV,
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100A diameter electron pzpﬁéﬁiﬁlé;?ﬁéiips 400 electron microscope equip—
ped witk an emergy disper;ivéif;%éﬁfépgctrometer. The x-ray spectrum
was analyzed quantitatively néiﬂéf;vkEVﬁX 7000 microcomputer. The tin
concentration within the reacted‘layer was determined from t#e x-ray
spectra using a standardless apptoximgfipn method [16] that has a 10-20%
maximum error in the absolute vaiue.. AJ beryllium low—background stage
with a 30° tilting axis was used to . minimize spurious excitations.
Residual niobium and ‘in hole’ configurations were examined to momnitor
the background shape and the peaks qﬁuSéd by inelastic scattering and

spurious excitation. Nonuniformity in the specimen thickness is a

e

fugther possible source of errorp'&fspecific investigation suggests that

this error is less than 1 atom peréent. The experimental arrangement.

and integrated count number were kept as nearly constant as possible to
minimize systematic errors,

3. Superconducting Property Measurements. The superconducting pro-

perties that were determined included the overall critical current
characteristic, I (H) at 4.2K, and the transition temperature from the

normal to the superconducting state, T The transition temperature was

P
measured inductively using a:ring shaped saﬁple of the wire with the
copper stabilizer removed t6 minimize the shielding. The onset and
finish temperatures of the superconducting transition were taken to be
the temperatures that gave 10% and 90% of the total inductive signal,
respectively. The critical current characteristic was measured by using
a four-point prbbe technique om samples placed in.ttansverse magnetic
fields that ranged in intensity from 8 to 19.5 tesla. To minimize the

displacement of short samples by Lorentz force, supporting block made of

commercial grade G-10 fibre re—enforced glass which has a similiar
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thermo—expansion coefficient with the samples were mounted on the sample
probes [17-19], The direction of Lorentz force was calibrated such that
fhe specimens were immobile during test. The reported value of the
critical current is that which prodﬁced an 0.5 microvolt potential
between voltage taps Smm apart. The estimated error-in-the critical
current measurement is ~10%. All of the critical current measurements
were done at the Francis Bitter National Magnet Laboratory. .The sensi-
tivity of this measurement ranged from 5 X 10713 t0 1 x 10712 onm—cnm.
The overall critical current density, Jc(H), within the multifila-
mentary core of the wire was calculated from the critical current by
dividing I, by the cross—sectional area of the core, 0.14um2. Volune
pinning force, JcXB, was plotted against the reduced applied magnetic

field, h = R/BcZ’ where the upper critical field ch was determined by

J01/2H1/4

extrapolating versus H to zero current [20].

C.RESULTS AND DISCUSSION

Two sets of experiments were doné. They differed in the type of
heat treatment given the wifes to form the A15 phase. Samples in the
first set of wires were regcted at constant temperature in the range
650°C to 800°C. The superconducting properties of these wires were
measured as a function of the reaction time and temperature and corre-
lated with the microstructural state of the A15 layer. The results
suggested that the microstructure of the Al5 layer was far from optimal,
even in the wires that had the highest critical current., The results
were then used to guide the design of new, double-aging heat treatments

to improve the microstructure and enhance the critical currect. A
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f's§§¢ndﬂ§et of wires was prepared and tested to evaluate the new heat
'tnéﬁtﬁénts.
1. Conventional Heat Treatments.

a. Superconducting Properties.

i.‘AThe critical current characteristic. Samples of multifila-

meﬁtary'wire were reacted at one of five temperatures, 650, 700, 730,
750 or 800°C, for various times up to those necessary to achieve an
essentiglly complete conversion of the Nb filaments to Nbssn. The
éritiqél current of thg wires was then measured at 4,2K in magnetic
field;{of 8-16 Tesla. Examples of the results are given in Table I and
in'Figures VII—3.and 4. The measnreg properties are in reasonable
agreément with those found by Sanger, et al; [16] for similar wires.
vﬁThe dependence of the critical current on the heat treatment time
and'femperature varied with the magnetic field. Figure VII-3, for exam-
ple, is the Jc(n) characteristics of samples aged.at 650°. The J. at
higher fields increases with increasing aging time, but has a marginal
increase at lower fields. Figure VII-4 shows the change in Jc(H) with
the time of héat treatment at 700°C. The best low-field properties (8-
12T) are achieved with the shorter aging times (2-6 days). Increasing
the aging time to 8 days decreases the critical current at the lower
fields even though if increases the areal fraction of Al15 within the
wire core (Table II). At higher field (16T), on the otker hand, J_
increases monotonically with the aging time.
The critical current characteristics of wires that had been reacted
nearly to completion are plotted in Figure VII-5. The critical current
is a strong function of reaction temperature only at thg lowest (8-10T)

an¢ highest (15-16T) fields. Good low-field properties are associated
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with low reaction temperatures (650°C) and short reaction times (73Q°C72'Cff‘ﬁy'

days). Good high-field properties seem to require‘a reaction temperafxfﬂl”;;'

ture above 700°C and a relatively long reactiog time (Fig. VII-4).

ii. The upper critical field, The upper critical field ch was

determined by Kramer'’s exfrdpolation [20] at 4.2K and up to 19.5 tesla
applied field. Examples of ch data of several isothermal—-aged specimens
were listed in Table I. The data fell within a small range ( 21;3 to
21.9 tesla) for almost all the heat treatment coﬁditions even though
their Jc characteristic varies significantly. The ch for sample heaf
treated at 800°C for 2 days has a somewhat high value, 23T, which may be
reflecting a difference in_the chemical state of the Nb3Sn layef.

iii. The superconducting transition temperature. The supercon-

ducting transition temperature was measured for all heat treatment
conditions. The results, which include an estimate of the width of the
transition, are given in Table.I. The variation of Tc with aging time
is plotted for three representative heat treatment temperatures in

Figure 5, which also shows the average Tc for the as-received wire. The

data show that the critical temperature increases with aging time to an-

asymptote near 18K, The apparent width of the transition decreases with
aging time,

b. The Microstructure of the Reacted Wire.

i. _The fraction of AlS5 phase. The micrographs presented in

Figures VII-1 and 2 show that the filaments within the active core of
the superconducting wire are somewhat irregular. The filaments differ
slightly in shape, and a given filament has small variations in its
cross section from point to point along its length. The variation in

shape and diameter has the consequence that the reaction that forwms the
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Al5 layer is not strictly uniform. Figyre VII-7 shows another scanning

electron micrograph of the Cu stablizer, Ta diffusion barrier, and the
active core. Noticed that the Ta diffusion barrier and the Cu stablizer
constrained the volume exbansion of the active core during the diffusiﬁn
reaction. The volume expansion arises not bnly by thermal expansion but
also from the vacancy flux into the matrix and Kirkendall force of the
bronze-Al5 interfaces. Without this restrictive layer, the bronze matrix
would be able to expand plastically (relatively low yield stremngth
during aging) and not exert as much stress on the Nb38n layer.

Two parameters were used to measure the overall extent of the
reaction: the mean thickness of the A15 layer on a filament, and the
areal fraction of the Al5 phase relative to the cross-sectional area of
the unreacted filament, DBoth were determined from measurements on
sqanning electron micrographs of polished metallographic sections of tkLe
active core. The average thickness is plotfed as a function of the
re;ction temperature and time in Figure VII-8. The areal fractions are
given in Table II. The data are in qualitative agreement with those
reported previously t8.15,21,22]°

As expected, the reaction rate increased dramatically with the
aging temperature. An essentially complete reaction was defined as the
conversion of more than 90% of the initial niobium to the Al5 phase, and
was achieved after 16 days at 650°C, 8 days at 700°C and 730°C, 2 days
at 750°C, and 1 to 2 days at 800°C (Table II).

ii, The substructure of the Al5 laver, - The three—shell substruc-

ture. The microstructure of the Al5 layer is clearly revealed only in

transmission electron microscopic images. The analysis of a number of

such images shows that the layer typically has the composite structure

129



that is drawn schematically in Fig. VII-9. The layervconsists of three
;orphologicaily distinct shells. The innermost shell is made up of
columnar grains that radiate out from the residual niobium core. A
sample micrograph of this shell is given in Fig. VII-10. The grains are
roughly equiaxed in cross section and have a long axis approximately
five times their diameter. Figure VII-11 shows a selec;ed area diffrac-
tion pﬁttern(a). and the correspondent micrograph of the boundary region
between Al5 and the residual Nb. The identical crystallographic orienta-
- tion relationship of K-S§ type as that found in the direct-precipitated
V-Ga and Nb-Al (Chapt.VI) were observed.The intermediate shell is made
up of fine, equiaxed grains whose mean diameter (d) is approximately
equal to the short, transverse diameter of the columnar grains in the
inner shell. The outer shell, near the bronze matrix, is made up of
large, irregular grains with diameters in the range 5-10d. Two sample
transmission electron micrographs are presented in Figs., VII-12 and 13,
showing the fine-grained intermediate shell, the coarse outer shell, and
the transition between them,

The general features of the microstructure are also apparent in
scanning electron micrographs of broken filaments, such as those shown
in Figure VII-14, but are not so clearly revealed. In particular, the
fine—-grained intermediate shell is rarely seen. Its absence is due to
the fact that the SEM fractograph shows the fracture surface rather than
the grain surface itself. Those grain boundaries that provide the
easiest intergranular fracture path dominate the fracture surface. A
detailed examination of the grain boundaries in the fine—grained-layer
(Fig. VII-15) shows that these are most frequently low-angle grain

boundaries that would not be expected to appear in intergranular
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fracture surfaces, and would not even be obvious in the transgranular
segments of the fracture surface.

The overall morphology of the AlS layer is the same for all reac-—
tion times and temperatures studied.' However, the microstructure of the
layer is sensitive to the reaction conditions. The reaction temperature
and time affect both the areal fractions of the three shells and the
grain sizes within them.

The areal fractions of shells within the layer. The thickness of

each skell w#s measured as a function of reaction time and temperature
from transmission electron micrographs. The areal cross sections were
then estimated from the thickness of the shell and its inner or outer
radius. The results are tabulated as a function of the heat treatment
time and temperature in Table II. .The area fractions given in this
table are relative to the initial cross—sectignal area of the Nb
filament.

The data presented in Table II reveal systematic.changes with the
reaction time and temperature. The fraction of columnar grains tends to
decrease as the reaction temperature is raised, while the areal fraction
of the coarse-grained shell increases with either the temperature or the
reaction time. These two trends have the consequence that the highest
fraction of fine-grained.material is achieved by aging at intermediate
temperature (700-730°C) for times that are sufficient to bring the
reaction to about 90% completion. The maximum areal fraction of the
fine-grained shell is plotted as a function of the reaction temperature
in Fig. VII-16,.

The grain size within the fine—-grained shell. The mwean grain size

within the fine-grained shell increases monotonically with the reaction

131



time and temperature as shown in Table II. The mean grain size in the
fine;grained shell of the almost fully-reacted wire increases exponen-—
tially with the reaction temperature, as shown in Figure VII-17,

The grain size data previously reported by Scénlan et al. [7] and
by Shaw [8] are also plotted in Fig. 12. The data agree on the functio-
ngl dependence of the grain size on the reaction temperature, but dis-
agree on the magnitude of the grain size., Both Scanlan, et al, [7] and
Livingston'[9] used samples with much larger filament sizes than those
employed hereiand found larger grains after ; given heat treatment.
Okuda, et al, [15] 1so report an increase in the grain size with the

filament diameter., The filaments in the samples studied by Shaw [8]

were comparable to ours, as were those in the wires examined by West and

Rawlings. [24 and by Schelb [25], but were in an uncertain state of
reaction at the time the measurements were made. These autkhors report
data that are rdughly comparable to ours, but scatter significantly at
the lower reaction temperatures.

The mechanism of reaction. The essential features of the reactionms
that establish the three-shell structure of the A15 layer seem clear
from the micrographs, although further work will be required to test
them in detail. The key observations include the columnar grain struc-
ture at the Nb interface, the presence of arrays of dislocations within

these grains, particularly near their outer boundaries (Figs.VII-12 and

13), the prevalence of low—angle grain boundaries in the fine—grained

layer (Fig. VII-10) and the frequency of dislocation arrays and pileups
near the outer periphery of the columnar shell (Figs. VII-18 to 20).
Both the morphology of the reacted layer and the absence of Kirken-

dall voids within the Nb core suggest that the reaction occurs by the
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diffusion of Sn to the Nb/Nb3Sn interface. The reaction at the inter—
face causes the growth of columnar grains that penetrate into the nio-
bium. As the grains grow, they develop iﬁternal strains due fo the
volume and crystallographic changes associated with the transformation.
The strains impel the formation and migration of dislocations that
presumabl& originate from the columnar grain boundaries. The disloca-
tion density builds up near the outer rﬁdius of the columnar region.
The dislocations polygonize and effectively recrystallize thke columnar
grains into the fine-grained layer, in a reaction common to many crys-—
talline materials. The fine-grained morphology is initially rather
stable, but the continued reorganization of the grain boundary structure
increases the mobility of the grain boundaries. The fine grains then
coarsen to establish the coarse, outer shell.

This model is consistent with all of the microstructural observa-
tions of the reacted filaments, but does not easily explain the occa-
sional appearance of exceptionally large grains on the periphery of the
filament. It is possible that these are the product of AlS grains that
nucleated during wire brocessing and were present in the pre-reacted
wire, The measurable critical temperature of the unreacted wire (Fig.
VII-5) establishes that some Al15 phase formed during processing.

In addition to agreeing with the microstructural observations of
the reacted layer, this model is also consistent with the time and
temperature dependence of the microstructure. At low temperature dislo-
cations are relatively immobile. They should be generated in compara-
tively large numbers to relieve the strain, but their polygonization
will be retarded. .The columnar shell skould hence be relatively thick,

and eventually break up into very fine graiﬁs. At high temperature the
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dislocation mobility is higher, so the initial grain size in the fine-

grained shell should be larger. But high temperature also increases the

grain coarsening rate, so the coarse—grained shell should be thicker.
It is therefore expected that the areal fraction of fine-grainmed mate-
rial will pass through a maximum at an intermediate aging temperature

while the grain size within the fine-grainmed shell increases monotoni-

cally with temperature. The microstructure should hence changg with the

-

reaction time and temperature very much as it is shown to change by the

data given in Table II.

iii., The chemical state of the Al5 laver. The important chemical

properties of the AiS layer are its composition and 'state of order.
Previous work [6,28,29] suggests that the crystalline order of Nb3Sn is
nearly ideal, irrespective of_heat treatment. The composition profile
of the layer was determimed by STEHN/EDXS analysis of the concentration
of tin relative to that of niobium. While tke analysis is subject to
quantitative errors that were d;scusséd above, the data that were ob-
tained are mutually consistent and appear to be informative. Examples
of the data are shown in Fig, VII-21, which presents the measured Sn
concentration grofile as a function of reaction time at 700°C, and in
Fig. VII-22, which presents the concentration profile as a function of
the reaction temperature for wires that have reached an essentially
conplete reaction. The data show that there is a gradignt in the Sn
conceﬁtration within the layer. The mean concentration gradient through
the fine—grained shell is listed in Table II for all samples studied.
Both the shape of the composition profile and its variation with tine

and temperature are of interest.
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The shape of the Sn concentration profile. The Sn concentration

decreases monotonically through the layer fr&m an apparently Sn-rick
composifion at ihe bronze intérface to a Sn—-poor composition at the Nb
interface. The gombositions at the Nb interface are gualitatively
consistent with the binary Nb—-Sn phase diagram, in that they are lean in
Sn by an amount that decreases with temperature (Fig, VII-22), The
phase gelations at the Nbssn-bronze interface are not known, but the
measured composition at tﬁat interface is Sn-rich and becomes increa-
sinély so as the temperature decreases. The composition profile through
the layer is not smoothp it has a nearly flat central portion with steep
concentration gradients mnear thg two interfaces.

The shape of the concentration profile is consistent with current
views on the mechanism of Sn diffusion. An idealized profile is shown
in Fig. VII-23 as an overlay on the microstructure of the reacted layer.
It is widel& accepted [22,26,27] that the principal Sn diffusion path
thkrough the Al5 layer is along the Nb3Sn grain boundaries. The Sn
concentrations at the terminal points of the profile are fixed by the
local equilibriavbetweea Nb.and Nb3Sn at the inner surface of the AlS
layer and between Nb3Sn and bronze at the outer surface. If the compo-
sition is different at the two interfaces, as it generally will be, then
‘there must be a concentration gradient through the layer. But the much
higher density of grain boundaries in the fine-grained central shell has
the consequenée that, if grain boundary diffusion dominates, the Sn
composition can be homogenized within the intermediate shell at a much
faster rate than it can diffuse into or out of it. The expected result

is a flattening of the composition profile in tke fine—grained layer
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with a concomitant steepening.offthe gradient near the two interfaces,

just as is found experimentally.. ' -

The change in the Sn profiie %th time and temperature. The Sn
compo;ition profile becomes flattér and more nearly stoichiometric as
either the reaction time or the reactipn temperature is increased (Figs.
VII-21 and 22p Table II). There are ihrée independent factors that lead
to a flatter profile after long reaction times: homogenization wiihin
the fine-grained layer by grain boundary diffusion, the increase in the
thickness of the fine—grained layer, and the depletion of Sn from the
bronze, which decfeases the Sn concentration at thé outer boundary.
Raising the reaction temperature ﬁlso tends to flatten the profife,
since it decreases the overall concéntration change across the layer and
increases the diffusivity, The témperature is a more potent v;riable
than the time in this regardp the.most constant, and, apparently, most
nearly stoichiometric conposition is obtained at the highest reaction
temperature.

¢. The influence of microstructure on superconducting properties

Two superconducting properties were measured: the superconducting tran-
sition temperature and, more importantly, the critical current char-
acteristic. Both show the influence of the microstructure.

i. The critical current characteristic. The variation in the cri-

tical current characteristic, Ic(H), with heat treatment has a reason-—
ably straightforward and consistent explanation in tergs of the composi-—
tion and grain size of the A15 layer. The relative influences of the
composition and the grainm size should change with the magnetic field.

The critical current at low field. When the applied field is

compérativelf low, that is, below about 14T, virtually all of the AlS
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layer is superconduéting and capable of carrying current. The critical
current is then expected to vary roughly with the grain size. For
samples with comparable grain size, fhe critical current should depend
on the areal cross séction of fine—grained material. It follows that
the material reacted at the lower temperatures will have hLigher critical
current, and that tkis current will be determined by some balance be-
tween the grain size in the fine—grained shell and its areal fraction.
The smallest grain size results from the lowest reaction temperature
(650°C). The highest volunme fracgion of fine-grained material is ob-
tained at a slightly higher reaction temperature (700-730°C) and has a
grain size that is only slightly larger. It is, therefore, not surpris-—
ing that the best low—field properties are found after treatment at low
to intermediate temperatures (Fig. VII-5, Table I).

There is also an optimum reaction time for low-field properties, A
specific example is given in Fig. VII-4, where an increase in the reac—
“tion time at 700°C from 2 to 6 to 8 days Aecreases the low-field criti-
cal current. The data presented in Table II offer a simple explanation
for this phenomenon. Increasing the reaction time from 2 to 6 days in-
creases the grain size within the fine-grained shell. However, there is
a concommitant increase in the area of the shell., The net effect is a
slight decrease in the low—field critical current. Extending the aging
time to 8 days causes a substantial increase in grain size without a
cor;esponding expansion in the area of the shell. The result is a
substantial decrease in J ..

The critical current at high field. At higher field the critical

current is sensitive to the composition of the layer as well as to its

grain size. The upper critical field is known to be a stronyg function
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of composition. Only that subvolume of the reaé?e&{laié? ;5ét is nearly
stoichiometric should be able to support a high ;ritiéélfqagfent'density
at fields of 16T or higher. The STEM/EDXS analysesléﬁgge;t that thkere
is at least some nearly stoichiometfic material within the fine-grained
shell af all reaction temperatures. But the fraction of qea:ly stoi-
chiometric material depends on the magnitude qf the Sn gradiént, and the
gradient decreases with both the reaction time and temperature (Table
II). It follows that the best high field conductors will bg those that
are treated for long times or at high temperatnres;in agréement with
the data shéwn in Fig. VII-S5. The best high field properties were
obtained after long heat treatments at intermediate témp}ratures. for
example, 700°C for 8 days. The data presented in TabI; II show that
these heat treatments result in & nearly uniform composition through an
intermediate shell that retains a relatively small grain size.

The argﬁments presented here are qualitative., It should be possi-
ble to phrase them in a quantitative form. Research toward that end is
now in progress. DBut a qualitative appreciation of the coupling between
microstructure and critical current is sufficient to provide guidélines
for process development. An apparently successful application of this
understanding is described in the following section.

ii, The upper critical field. The variation of the upper critical

field with heat treatment is a strong function of the composition pro-
file across the A15 layer and does not depend on its microstructural
state., Since the composition profiles for various heat treatments have a
comumon simple shape (Figs. VII-21 and 23), it is not surprising that ch
data are more or less independent upon heat treatment conditions., From

the theory of flux pinning ( Chapt. JII), if !/5.Sn follows tiie scaling

3
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‘law of flux pinning [26] then the upper criticai field obtained by
Kramer's law will reflect the average of ch of state of order, composi-
tion, and lattice strain of the superconducting volume which.is deter-
mined by the sensitivity of Ic measurement. In theory, the sensitivity
of measurement can be varied such that to change the volume of supercon-—
ducting phase in question, therefore some information cgh be obtained on
the detail composition profile of the Nb3Sn phase. However, the complex
interplay of flux flow, current transfer, and thermal effects near
critical cufrent transition offen make this information obscure. There-

fore, some predetermined measurement sensitivity, which in turn fix the

volume of the superconducting phase in interest, is gererally employed"

to obtain a meaningful comparison.

Since the state of order, composition variation and lattice strain

of the Nbssn phase within a small volume (centered in the position of
stoichiometric composition) of the Al5 layer were about the same, then
the corresponding ch will fall within a small range. One expection is
the ch of sample heat treated at 800°C for two days which has a value
of 23T. This may due to the composition profile of the sample’is
exceptionally flat around 25 at.%. Therefore, the ch will haQe the
value of stoichiomtric composition. It is interested to discuss the
difference of ch in the direct-precipitated case (previous chapter),
where the Al5 crystals are randomly nucleated on the dislocation cell
walls., A common superconducting path must exist to allow superéurrent
toflow, Even though the same measurement criteria was used to determine
the sensitivity -is much iower than that of the Bronze-wires. Lower

I,

sensitivity means a larger volume is contributing the result of K_,.
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Therefore, in the direct—precipitation case, ch will reflect the
average composition.

iii. The superconducting transition temperature. Measurements of

the superconducting transition temperature (Table I) revealed two pheno-

mena. As the reaction nears completion, the transition temperature
increases monotonically toward 18K and the width of the transition
decreases. Bofh phenomena are plausibly related to ihe state of the
reacted layer.

The STEM/EDXS analysis suggests that as long as the Sn is not
depleted from the matrix'and theANb is not fuliy reacted there will be
at least a thin shell of nearly stoichiometric Nb3Sn within the reacted
layer. But the inductive Tc measures the transition temperature of a
volume that is sufficient to expel the flux lines. Given the small
values of the aﬁflitnde and frequency of the applied ripple field in a
typical apparatus, the required volume is contained in a shell about 1
micron in thickness [30]. The particular subvolume of the layer that
has the highest transition temperature is responsible for the experimen~
tal result. VWhen the Al15 layer is thinner than about 1 micron the
inductive signal is not finished wntil virtually all the Al15 phase is

superconducting. Given the composition gradient through the layer, a

thin layer will therefore show a broad transition with a center below

18K. This phenomenon can be understood by the M-H curve shown in Fig.

III-1. When the layer is thick emough to have a regiom of nearly
stoichiometric material that is of the order of ome micron in thickness,
the transition will be sharper and centered near 18K. Since the further
increase of magnetization does not influence the average slope of the.M—

H curve within the region of the applied field amplitude. The variation
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of the critic#l temperature and the transition width with heat treatment
(Table I) is hence reasonable'in,light of the variation of microstruc-
ture with heat treatment (Table II),

The results presented here are generaliy consisteﬁt with those
previously reported by.Sma£hers and Larbalestier [30], by Evetts, et al.
[31], by Suehaga (321, and by Okuda, et al. [15]. It is clear, howevér,
that small variations in tﬁe éritical temperature and transition width

reflect the interplay between the strain, the variation of composition

within the pemetration depth, and the long range order paraneter.'

Therefore, a small variation of transition width.and/qr onset can not be
attributed to the chemical state of the Nb3Sn layer. An exact analysis
of the superconducting transition in a multifilamentary composite would
require an'glaborate theoretical treatment.

2. Double—-Aging Treatments.

a.Selection of a Double-Aging Treatment. Studies of the singly
aged wires show that there are advantages to both low and bigh reaction
temperatures. A low reaction temperature leads to a fine-grained ﬁicro-
structure and good low-field properties while a high reaction tempera-
ture leads to a better chemical dist;ibution within the reacted layer
and to an improved critical current at high fields. It is desirable to
find an alternative heat treatment that combines the best features of
both microstructures.
The simplest aging treatment that may combine the benefits of low
and high temperature aging is a sequential, double-azing treatment in
which a low temperature reaction is conpleted at higher temperature.

Examples of the heat treatment schedule of this type of modification is

shown in Fig. VII-24, In such a sequence the low temperature treatment
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is intended to establish a fine grain size while the high temperature
treatment is included to improve the chemical distribution within the
layer. The sequential tr;atment is at least superficially capable of
improving the microstructure singe chemical redistribution via grain
boundary diffusion should occur more rapidly than grain growth; It is
hence plausible that the fine grain size established at low temperature
can be retained during a high temperature reaction that igproves the
stoichiometry of the ;ayer. |

Several combinations of double~aging time and temperature were used
to test this hypothesis. These included: 650°C, 14-16 days + 730, 750
or 800°C, 0.5hr. to 2 days, and 700°C, 2-6 days + 730 or 750°C, 1-2
days. In each case thg initial aging time was long enough to establish
the general microstructure appropriate to the lower aging temperature.
The 650°C/16 days + 800°C/0.5 hr. treatment was included for comparison
with the earlier work of Schauer and Schelb [28].

b. The Double-Aged Microstructure. The AlS layer thickness is

plotted as a function of the total reaction time of the double-aging
treatments in Figure VII-25. The second, high temperature aging causes
a rapid increase in the reaction rate and substantially shortens the
time required to achieve an essentially complete reaction.

The distribution of grain size within the reacted layer is tabu-
lated in Table III and illustrated in Fig. VII-26. Those treatments
that were finished at 730°C yielded a high areal fraction of fine-
grained material with a small final grain size. The treatments that
were finished at 750 or 800°C, on the other hand, produced a relatively
thin intermediate shell with a rather coarse grain size. A 700°C ini-

tial aging was preferable to ome at 650°C, primarily because of the
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greater thickness of the coarse~grained outer layer after the 650°C
treatmegt.

Interestingly, as illustrated in Fig. 17, the combined 700/730°C
treatment prodnéed a greatef areal frgction of finevgréined material
than was achieved by single aging at eitﬂer tem#erature. It is not
entirely clear why this beneficial effect happens. The re#son may be
that the relatively high defect density developed at the lower tempera-
ture (700°C) is rapidly polygonized at 730°C, but is partly lost if the
reaction is continued to completion at 700°C because the long aging time
permits soﬁe recovéry. This expl#nation is supported.bf high resolution
studies of the microstructure of the reacted layer in the double-aged
condition. The overall morphology is similar to that of the reaﬁted

layer in the isothermally aged specimens, but the dislocation density

appears to be greater both near the outer boundary of the columnar shell

and within the fine-grained shell, as illustrated in Figure VII-27. A
comparison of tﬁe apparent grains morpfology is shown in Fig. VII-28.
It is interesting to see to see the drastic difference in the grain size
that can be achieved by heat treatment.

The Sn gradiépt through the reacted layer is tabul#ted in Table
IXII. Examples of the measured Sn profilgs are plotted in Fig. 19. The
700/730°C treatments appear to give a more nearly constant and stoichio-
metric distribution of Sn than either the single aging treatments or the
double—aging treatments that are finished at 800°C. The reason for the
small gradient is probably the combination of the small grain size and
high areal fraction of the fine-grained layer, whose composition homo-
genizes at tne higher reaction temperature. The 650/800°C treatment

yields a very irregular Sn distribution. This is tentatively ascribed
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to the relatively short aging time at 800°C, which is not adeguate to
homogenize the layer.

The microstructural analyses show that the 700/730°C heat treat-
ments establish an attrﬁctive combination of grain size, graim distribu-
tion, and chemical distribution within the reacted layer, The best of
the treatments tested appears to be 700°C, 4 days + 730°C, 2 days.

c. The Superconducting Properties of Doublyv—Aged Wires. The

§pperconducting transition temperatures and critical currents of the
déubly-aged wires are tabulated in Table IV. The Ic(H) characteristics
of double-aged specimens starting with 650°C and followed by §arious
higher femperatures treatments are shown in Fig. VII-30. These doubly
aged specimens has ﬁigher Jc especially at higher fields, as Qompared to
that of 650°C for 16 days. Lower field Jo of sample aged at 650°C, 14
days +730°C, 2days shows an increase mainly through an increase of fine-
equiaxed layer while the the other two double—aged samples have & small
deterioratién due to the increase of graih size (Table III). Figure
VII-31 is the J (H) characteristics of several double-aged specimens
with 700°C as the starting heat treatment temperature. The JO(H) of the
700°C, 6 days aged sample is also included for comparison representing
the best obtained by isothermal aging treatment. In Fig. 32 the criti-
cal current characteristic of the best of the double—aged wires is
compared to those of the two best of the isothermally aged group.

It is clear from this data that a proper double—aging leads to a
substantial improvement in the critical current characteristic over the
best attained with single aging treatments. The wire given the heat
treatment 700°C, 4days + 730°cC, 2 ' days has a critical current that is

approximately fifty percent higher at all fields tested than the maximum
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measured after single aging. On fhe other hand, the double-aging treaf-
ments that were finished at 800°c, including that proposed by Schaur and
Schelb [28], did not improve the critical current and caused an actual
deterioration in the qritical current at lower fields.

It also seems clear that the increase in Ic is due to tke improve-
ment in the microstructure of the reacted layer. The best double—aging
treatmgnts yield a reacted layer that contains’a high areal fraction of
fine-grained material with a reasonably constant Sn concentration. The
smaller composition gradient is reflected in the high H_, (Table IV).
The ch data of double-ﬁged specimens fall in a small reange close to
22.5T, which is higher than that of isothérmally aged samples (21.3 to
21.9T). The H , of sample aged at 800°C for 2 days has the highest
value, 23T, may be due to‘both the flatest composition profile and the
relaxation of lattice strain associated in the Nb3Sn layer at tke aging
température. ‘The microstructure combines the best features of low
temperature and high tempe;ature'aging. The best double-aging treat-
ments were finished at 730°C. Double-aging treatménts that were fi-
.nished at 800°C were ineffective because of the rapid grain growth at
this temperature., Fig. VII-33 shows the volume pinning force, Fp = Jc X
H, versus the reduced magnetic field, h = H/ch for two double—aged and
three isothermal samples. The maximum pinning force, Fp, can be seen
will occur at h lower than ~0.35, and smaller for the double—aged speci-
ﬁens. From the theory of flux pinning (Chapter III, Fig. 3), it can be
assumed that the pinning strength of pinning centers has been igcreased
by double~aging treatments.

In evaluating the specific heat treatments used in this work,

however, it should be kept in mind that the microstructure that results
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from a given heat treatment is influenced by several variables that
affect the rate and morphology of the reaction. These include, at
least, the size and geometry of the filament, the composition of the
bronze, and the bronze/niobium ratio. A change in any of these geome-
tric variables may alter the relation between microstructure and proces-
sing and hence change the optimum heat treatment. The present work
demonstrates the sequential connection between heat treatment, micro—
structure and critical current. It suggests that the heat treatment can
be systematically varied to engineef the microstructure and achieve
better properties. But the optimal heat treatment will vary with the
overall characteristics of the wire, and the successful heat treatments
identified in this work cannot just be incorporated into the processing

of other types of wire.

D. CONCLUSION

The research reported here appears to demonstrate a simple and
necessary connection between the heat treatment and the critical current
characteristic of bronze-process multifilamentary Nb3Sn superconducting
wire, The connection is made through the microstructure of the super-
conducting phase. Both the physical and tke chemical states of the AlS

layer that forms around the Nb filament are relevant to the superconduc-—

ting properties. The most striking physical feature of the reacted

layer is its three—shell composite structure., The critical current
density is apparently determined by the areazl fraction, graim size and

composition of the central, fine—grained shell.
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~The detail behavior of the inductive Tc measurement and the upper
critical field have been examined. Both of the measurements were found
to be relatively independent of the composition profile of Nb3Sn layer ,
because df the geometry and the characteristic of the Nb3Sn layer.
Inductive Tc and the extrapolated ch results reflect the average pro-
perties of a small volume of the superconducting phase, determined by
the oscillating amplitude of field and the sensitivity of I, measure-
ment, respectively. The onl& way to study the composition profile of
fhe reacted layer which in term will determine the critical current is
by direct microscopic measurement.

The are;l fraction and the microstructure of the fine—grained shell
depen& on heat treatment. Isothermal reactioﬁ at lower temperatures
(650°C) creatés a fine grain size, but yields a low fraction of fine-
grained material that has a relatively poor composition., Isothermal
reaction at high temperature (800°C) establishes a good composition
profile, but yields a large gfain size and low critical current. Iso-
thermal aging at intermediate temperature (700-730°C) gives the best
combination of microstructural features and the highest critical cur—
rent. Both the microstructure and the critical current can be improved
further by double—ag;ng treatments that start the reaction at 700°C and
finish it at 730°C. This treatment produces a large areal fraction of
fine-grained material with a nearly constant composition, and enhances
the critical current density by approximately 50%.

The ﬁicrbstructure can be plausibly related to the heat treatment
through the apparent mechanisms of the reaction forming the Al5 phase.
These mechanisms are inferred from the results of high resolutionm stu-

dies of the development of the microstructure. The critical current
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varies with the microstructure, and specifically with grain size‘gndf 

stoichiometry, as current understanding suggests it should.
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TALDLE I. The results of superconducting properties measurements: _
Jc data at 10, 14 and 15 tesla and inductive Tc onset and
transition width and upper critical field for various

isothermal treated specimens.

Aging Condition Overall ¥, 10%Amp/cm® T,(K) B,
10T 14T 15T Onset (AT) (T)
650°C/4D 33.3 8.9 6.4 17.5 (0.6) -
8D 37.9 11.0 8.0 17.7 (0.3) 21.6
16D 40.5 15.7 10.8 17.9 (<0.1) 21.3
700°C/2D © 46.0 15.7 10.4 17.5 (0.5) 21.8
6D 44.3 7.1 12.2 17.7 (0.2) -
8D . 36.3 17.9 13.8 17.9 (0.1) 21.9
730°C/4hr 34.3 9.0 6.1 17.4 (0.4) -
1D 38.7 11.1 11.8 17.9 (0.1) -
2D 46.7 16.4 13.1 17.9 (<0.1) 21.8
8D . 44.0 14.5 12.7 18.0 (<0.1) 21.8
750°C/2D . 44.6 16.3 12.7 17.9 (0.4) -
800°C/12hr 18.6 8.1 6.2 17.9 (0.3) 21.9

2D 31.4 15.7 12.7 18.0 (<0.1) 23.0
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TABLE II. The results of microstructural analyses of the AlS layer
for isothermal treated samples,

Aging Volume Fraction Grain

Condition Columnar Equiaxed Coarsened Total Size, d Sn Gradient
Grain Grain Grain X - At.% Sno/pn

650°C/4D 0.31 0.32 - 0.63 530 -

8D ~ 0.25 0.33 0.29 ' 0.87 606 -

16D 0.27 0.34 0.32 0.93 630 4.7

700°C/2D 0.13 0.37 0.23 0.76 640 8.5

4D 0.17 0.43 0.26 0.86 * 720 -

6D 0.17 0.46 0.28 0.91 740 5.4

8D 0.8 0.47 0.29 0.94 770 5.2

730°C/20min  0.11 0.15 0.07 0.33 540 -

1hr 0.14 - 0.17 0.08 0.39 590 -

1D 0.15 0.37 0.29 0.81 690 -

2D 0.13 0.42 0.33 0.88 720 5.3

8D 0.10 0.39 0.46 0.95 800 5.1

750°C/2D 0.14 0.34 0.46 0.93 840 -

800°C/4hr 0.16 0.28 0.31 0.75 - -

12hr 0.22 0.24 - 0.44 0.90 1090 , 6.2

2D 0.14 0.31 0.52 0.97 1190 2.1
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TABLE III. The results of microstructural analyses of the Al5 layer

for several doubly-aged specimehs.

Aging ) Volunme Fraction Graig ‘
Condition Columnar Equiaxed Coarsemed Total Size, d Sn Gradient
Grain Grain Grain Grain %) At.% So/um
650°C/14D » -

+ ) 0.16 0.40 - 0.42 0.98 650 - -
730°c/2D
650°C/16D

+ . 0.22 0.28 0.46 0.96 930 10.8
800°C/4nr
700°C/2D _

+ 0.15 0.48 0.31 0.94 730 2.0
730°C/2D
700°C/4D" .

+ 0.11 0.58 0.29 0.98 760 2.3
730°c/2D '
700°C./6D

+ 0.12 0.56 0.30 0.98 770 2.5
730°c/1D
700°C/2D

+ 0.12 0.43 0.43 0.98 830 2.6

750°C/2D




TAELE 1V,
..

c

T, 6 and ch) for several doubly-aged samples.

The results of superconducting properties measurements

750°C/2D

Aging Condition Overall J_, 103 Amp/cm2 Tc(K) H ,
10T 14T 15T Onset (ATc) (T)
650°C/14D
+ 56.5 17.8 12.5 17.6 (0.3) -—
730°C/2D '
- 650°C/14D
+ 48.5 16.0 11.8 17.8 (0.2) -
750°C/2D
650°C/16D .
+ 45.8 14.8 10.0 17.8 (0.2) —
800°C/0.5hr
700°C/2D
+ 57.1 22.9 17.9 17.6 (0.3) 22.5
730°C/2D
700°C/4D
+ 61.4 25.1 20.7 18.0 (0.5) -
730°C/2D
700°C/6D )
+ 58.2 23.5 17.5 17.8 (<0.1) 22.6
730°c/1D
700°c/2D
+ 55.5 21.2 15.3 17.9 (0.2) 22.5
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VII1. THE INFLUENCE OF MAGNESIUM ADDITION TO THE BRONZE ON THE
CRITICAL CURRENT OF BRDNZE—PROCESSEb MULTIFILAMENTARY

NB3SN SUPERCONDUCTING WIRES

A . INTRODUCTION

Composite-Processed multifilamentary‘Nb3Sn conductors are been -

intensively pursuited for high-field applicétions, barticularly in the
magnetic confinement for fusion reactors operated at fields from 10 to
15T, and the 10T dipole magnets for high energy accelerators. The
requitementS for these applic;tions are very stringent, and the improve-

ment of critical current density, J is required before large scale

¢’
applications can be realized. Three parailel efforts have been dedi-
cated to fulfill this task: (1) by modifying the existent processing
methods, as described in the Chapter IV, (2) by designing a novel heat
treatment sﬁch that the microstructural state of the Nb3Sn phase can be

improved and hence J_, Chapter VII [12,13], and (3) by alloying addi-

¢’
tions to the niobium core, or to the bronze matrix, or to both [1-11].
This chapter reports the experimental effort of doping Mg to the bronze
matrix, and the microstructurers and J. of laboratory scale nultifila—-
mentary wires,

Prior work by Tachikawa and coworkers [5,9]) has shown that the
addition of magnesium to the bronze matrix prior to the formation of
bronze-processed Nb3Sn tape causes a significant increase in the criti-
cal superconducting current density at 6.5 tesla, and that this increase

is associated with a decrease in the apparent Al5 grain size. The

present work was undertaken to determine whether a similar improvement
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in Jc would follow the addition of Mg to multifilamentary Nbssn wires at
10-15T field fange and to identify the microstructural and mechanistic
sources of any beneficial effects. To accomplish this, multifilamentary
wires were drawn inAthe laboratory. They contained 133 filaments of pure
Nb embeddgd in bronze with various concentrations of Sn and Mg. Their
crftical current densities were measured as a function of bronze compo-
sition, heat treatment, and transQerse magnetic field at 4.2K. The
reacted AlS layers were subsequently examined using a variety of mic-
roscopic and microanalytic techniques. An important result of this
research was obtained by comparihg the Jc of wires with various Mg
concentration in the Sn—-bronze matrix which were heat treated to the
same, nearly completely reacted state. This result leads to an obvious
implication of furthér improvement of Jc thkrough the mechanistic influ-

ence of Mg.
B. EXPERIMENTAL

1. Wire Manufacture. The multifilamentary wires used in this re-
search were manufactured in the laboratory from pure starting ma-—
terials. They differed in composition of the bronze (Table 1) which was
varied to measure the influence of Mg at two Sn levels, The initial
bronze ingots were melted in quartz tubes under argon and cast into
rods. The rods were doubly swaged and homogenized, and were then
machined to 10mm outer diameter and bored to form tubes of Smm inner
diameter. Pure Nb rods were inserted into‘the tubes and the composite
was drawn into wire, The monofilament wires were bundled in groups of

seven, enclosed in a tube of the same bronze composition, and redrawn,
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The seven—filament wires were then rebundled in groups of nineteen (133
filaments) inside bronze tubes of'identical conmposition and drawn to a
final d;ameter of 0.5 mm. During drawing the wires were annealed at
450°C for 40 minutes after approximately each 50—#0% reduction in area.
The Mg—-doped wires have higher work—hardehiong rate, and more frequent
annealing are neéded. Sample cross—sections of two finished and partia-
lly reacted wires are shown in.Fig. VIII-1. The filaments are reasonably
uniform, thongh those near the periphery of the wire are noticeably
flattened., Small differences in the drawing properties of the wires and
the manufacturing procedure caused the finai filameﬁt size to vary from
" wire to wire, The‘compositions and characteristicﬁ of the wires are
listed in Table 1, where the composition of the bronze is given in
.atomic percent (the balance is Cu), D is the effective diameter of the
filaments (determined from the cro;;-sectional area of the filament) and
R is the volumetric ratio of bronze to Nb. Seven different types of
.wires were successfully manufactured, they differed in the composition
of the bronze matrix. In the forgoing, the samples will be nomenated by
four digit numbers which signify the composition of the bronze matrix,
e.g., 6720 representing the wire with bronze matrix‘contenting 6.7 at.%
Sn and 0.20 at.% Mg (Table 1),

2, Heat Treatment. After manufacture the wires were sectioned into

segments approximately 10 ¢cm in length and heat treated in sealed quartz
tubes under argon to form the Al5 phase. The heat treatment temperatures
were 650, 700, 730, 750 ﬁnd 780°C, and were chosen to bracket the
optimum reaction temperature of the Mg-free wire [11,12]. The heat
treatment times were a few hours to twenty days. The progress of the

reaction during heat treatment was mornitored by sectioning the wires
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after selected reaction tiﬁes. taking scanning electron micrographs and
measuring the area of the ;eacted layer with an image processing micro-
computer. The consistency of measurements taken from serial.sections
sﬁowed that the reaction was uniform along the wire length,

3. Measurement of the Critical Current Density. The critical cur-

rent (I ) of the wires was measured at 4.2K in transverse magnetic
fields of 8-15T at the Natiomal hMagnet Laboratory. The tests employed a
four-point probe technique on specimens 30mm long. The criticel current
was defined to be that giving a potential difference of 1 microvolt
between voltage.taps pleced Smm apart. Thé sensitivity of the Ic mea-
o~11 ohm-cm at 10 and 15 tesla,

surement is approximatly 1 and 1

0~10
respectively. The critical current density (Jc) was determined by
dividing the critical current by the measured area of Al5 phase in the
wire cross—section. At least three specimens were tested for each combi-

nation of compo§ition and heat treatment.

4, Materials Characterization. The characterization of the AlS

phase employed microstructural and microchemical analyses in addition to
the overall stereological examination of the reacted layer described
above, The grain size of Nb3$n was estimated from scanning electron
fractographs of broken wire specimens (the Al5 phase always fractured in
an intergranular mode) and measured more precisely from transmission
electron micrographs of thin foil samples prepared by ion milling. The
peripheral surfaces of the reacted filaments were examined by SE¥ after
the matrix is removed by etch to study the effect of Mg addition on

grain coarsening., The couposition within the AlS layer was studied by

electron micrbprobe analysis, which readily reveals the Mg, by scanning '

transmission electron microscopy, which offers greater spatial
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resolution but a less sensitive analysis of Mg, and by high’re;dlﬁyionf.
scanning Auger analysis, which was used to assess the degree of seg;éi;5  f
tion of Mg to the Nb3Sn grain boundaries.

C. RESULTS AND DISCUSSION

1. The Influence of Mg on Wire Drawing and Reaction Rate. The wires

containing Mg-bronze were noticeably more difficult to draw, presumably
because of solution hardening by the Mg. However, the change in drawing
" response was minor, and was accommodated by slight aiterations in the:
wire—drawing technique and annealing schedule. The Mg-bronze wires ten;
ded to bave larger filament sizes after the completion of drawing 55
0.5mm final diameter (Table 1), but it is not yet clear whether this
difference reflects changes in the drawing properties of the wire ;r
minor variations in the ﬁanufacturing procedure. The rate of tkLe reac-—
tion forming A15 at the Nb-bronze interface also varied from wire to
wire, However, the reaction rate depends on the filament size and shkape
as well as on the composition and temperature. Samples of the cross-—
sectional areas of the reacted Al5 phase versus aging time for sémples
heat treated at 650 and 700°C were shown in Figures VIII-2 and 3,
respectively. The growth of the reacted layers follows a power law
which is the characteristics of a diffusion-controlled reaction. Fron
this experimental results, it is clear thﬁt 6700 and 6762 samples bas
the slowest reaction rate. This may due to that although moderated
amount of Mg enhances growth of the Al5 phase, too highva concentration
deterioates it. It is also clear that the variation of the state of

reaction is significant form wire to wire for any given lLeat treetment



condition. The result of this effect is that the pomparison of micro-
structure and critical current density can be made valid only when the
wires are compared at same stage of reaction. Table 2. lists the times
for all wires aged to almost fully reaction (approximateiy 95% of Nb to
Nb3Sn conversion) at aging temperaturés.from 700 to 780°C. The data for
650°C aging are also included for comparison,

2. The Influence of Mg on the Critical Current Density. The addi-

tion of Mg to the bromze-processed wire increased its maximum critical
current density over the range 8-15T for all values of the reaction
temperature. The increment in Jc increased with the magnesium coﬁ-
centration, Samples of the results are presented in Figs, VIII-4 and §.
Figure VIII-4 shows the critical current characteristic, Jc(H). for
wires heat treated to 4 days at 730°C. The increase in Jc following an
addition of 0.6Mg to the bromze is muchk greater than that caused by tkhe
addition of 1.1Sn, and persists over the fested range of applied fields.
Fig, VIII-5 compares the J  of the 6.7Sn-0.6Mg wire at 10T to those of
the 6.7Sn and 7.8Sn wires in the same heat treatment conditions which
have a decreasing aging time with increasing aging temperature to
achieve a similar degree of reaction., The data agrees with that of
Tachikawa and coworkers [5,9] in showing an optimum temperature for the
Mg effect, but suggests that the optimum temperature is lower for the
multifilamentary wires (700-730°C) than it is for the tapes they studied
(800°C). The net improvement due to Mg is substantial. The addition of
0.6 Mg to the 6.7Sn bronze increases the maximum Jc by nearly 100%. The
resulting current density is 60% higher than the maximum achieved in

7.85n.
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Since the reaction rates for different wires varieé significantly,
the comparison of J, at the same heat treatment conditions is not a very
gooq one. A better comparison can be obtained by selecting the similar
stage of reaction ;t each temperatures. The Jc per unit Nbssn area of
the nearly fully reacted samples should then represent.the'inherent
current—-carrying capacity of the shperconduqting phase. Figures VIII-6
presents the IC(H) ch;racteristics of wires aged at 730°C to ~95% the
reacted state (Table 2.). These resulfs confirm qualitatively with that
of Fig. VIII-4, where the comparison was made fdr all samples aged for 4
days. However, the detailed characteristics are Vefy different. For
example, the previous 7810 sample showed little improvement in Ic as
compared to its Mg—free counterpart, 7800‘samp1e. This result is only
because that the 7810 sample is being over—aged after 4 days treatment,
while in the Fig. VIII-6, the 7810 sample, which was reacted to 94%
after 2 days treatment, shows an ~ 50% and 200% improvement in Jc at 12
kand 15 tesla, respectively. The discrepancy ﬁere proves that the impor-
tance of a valid comparison.

The Jc of the wires for different aging temperatures with 6.7% Sn
and various Mg concentrations in the bronze matrix at 10T in their most
fully reacted condition (~95%, Table 2.) is shown in Fig. VIII-7., The
650°C-treated samples were reacted to ~65%, and their Jc were included
for comparison. It is clear from this figure that the improvement in Ic
increases with the Mg content in the bronze matrix monotonically. The
highest Ic is achieved by the wire with 0.62% Mg (6762) and aged at 700
to 730°C, which represents an ~200% increa;e over what is obtained with
the lig—free sample, 6700. A similar Jc comparison at 10T for wires with

7.8% Sn-bronze matrix is shown in Fig. VIII-8. It can be seen tkat by
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doping only 0.1% Mg to the matrix increases the critical current density
for ~50%. VFigure VIII-9 combines the highest Jc sample, 6762, and the
two Mg-free wires. It is found that the J, of 6762 wire is higher than
for the Mg-free samples, 7800 and 6700, by approximately 100 and 200%,
respectively. The second highest J. is achieved by the 7810 sample, a#d
it Jc is roughly 30% lower’than that of the highest, 6762 sample.

The influence of Mg addition on J. at 15T is shown in Fig. VIII-10.
~The 700°C treatments, which cor:espond to the best aging temperature at
10T field, results in much lower J  than the 730°C treatments. This can

be attributed to the higher temperature treatments yielding a better

composition of the Al15 layer which results in a better Jc at higher

fields [12-13]. The same increment of J  on the Mg content as that of
10T field is found, but the amount of increase is even higher, e.g., the
maximum Jc of the 6762 sample is almost four times as high than tke Mg-
free wires.

3. The Distribution of Mg in the Reacted Wire. The available evi-

dence shows that Mg segregates strongly to the A15 layer during the
reaction, and suggests that it incorporates primafily in the bulk Nb3Sn
rather than in the grain boundaries. Fig. VIII-11 presents sample data
taken from electrom microprobe studies of the reacted layer and gives
the distribution of Mg in fully reacted 6.75Sn-0.6kg aged at 750°cC.
Essentially all of the Mg has accumulated in the reacted layer. The

measured Mg concentration profile through the reacted layer is nearly

flat at a concentration of slightly more than 3%. The location of the Mg

within the reacted layer was studied by high resolution Auger spectro-
scopy on fresh fracture surfaces, which reveal tke NbSSn grain boun-

daries, and on sputtered surfaces which represent the grain interior.
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The quantitative results of the Auger analysis are unreliable, since big
does not have strong Auger peaks. However, the qualitative results are
reasonably clear. No strong lg peaks arise from fresh fracturé surfaces
and tlke pezk height does not change consistently when the surf@ce is
sputtered away from the grain boundary, hence Mg does not segregate
strongly to the grein boundary.

4, The Influence of Mg on the Grain Size. Previous work [12,13] on

the grain size of reacted layers of Nbssn has shown that the layer is
divisible into three morphologically distinct regions: an‘inner layer of
columnar grains growing out from the Nb interface. an intermediate layer
of fine-grained material, and an outer layer of large, coarsemed grainms.
It is hence important to consider the influence of Mg on both the
minimum grain size and on the distribution of grain size. The grain size
is best measured from TEM micrographs of the reacted layer. These mea-
surements are in progress, and the preliminary results suggest that Mg
does induce a consistent decrease in the minimum grain size, However,
the most striking effect of the Mg addition is on the grain size distri-
bution. As illustrated in Fig. VIII-12 to 14, for example, the addition
of Mg suppresses the growth of large grains in the periphery of the
reacted layer, giving a much more uniform and fine—-grained structure.
This effect is mo;t pronounced at intermediate reaction temperatures.
It is likely that the suppression of grain coarsening is respomnsible for
much of the improvement in Jc' In a Mg-free wire aged at intermediate
temperafure. 30-50% of the total volume of the AlS5S phase is coarse-
grained. Since the c¢ritical current density is a stromg inverse
function of the grain size, the grain refinement of this material is

expected to yield a substantial improvement in J_,, Figure VIII-15 shows
c
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two scanning electron micrographs the surface of the fliaments periphery
of 6700 samples (a) before aging, and (b) after aged at 750°C for 1 day
with the bronze matrix removed. The unreacted filaments showed only
some drawing mafks and a few.small voids, and there is no pre-reacted
Nb;Sn found. The absence of the pre-reacted A15 grains has also been
proved by Tc measurement and SEM/EDXS spectra takem from the periphery
surfaces of filaments. For the reacted filaments, extraneous large
coarsened grains are observed at thg bronze-Al5 interfaces. These grains
have large regular fﬁcets and are polyhedron in shape.. The Al5 grains
of thq inner layer have a much smaller size and are equiaxial in shape.
This observation is consistent with that found in the commercial Nb3§n
multifilamentary wire, Chapt.VII [12,13]. I believed that this is the
first clear illustration of the three dimentional view of the A1lS5
grains, A distinctive prove of the Mg effects on the coarsening of
grains was shown in Figure VIII-16, where the deep-etched peripheral
view of (a) 6700 sample aged at 730°C for 12 days and (b) 6762 sanple
aged at 730°C for 9 days were demonstrated. The ability of Mg to
suppress the grain coarseing and yield an uniformly fine—graimed product
is very striking. From these micrographs, it can be seen that Nbssn
grain boundaries are preferentally etched for both the Mg-free and Mg-
bronze wires. .This may be due to the high concentration of Cu in the
grain boundaries [14] and hénce the grain morphology can be revealed.

5. The Influence of Mg on the Composition of the Reacted Laver.

In previous work [11,12] scanning transmission electron microscopy was
used to study the concentration profile of Sn within NbBSn reacted
layers. The results showed a gradient of Sn from a Sn-rich value at the

bronze interface to a Sn—poor value at the Mb interface, with a band of
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nearly stoichiometric material near the center of the reacted layer.
The initial results of similar studies of Mg-bearing material are pre-

sented in Fig. VIII-17, The STEM analyses suggest that the Sn profile

within the Mg—-bearing layer is very flat relative to that in Mg—-free"

wire [11,12]. Qu#ntitative STEM analysis is difficult, and the results
presenfed in Fig. VIII-17 must be confirmed by further work befére they
can be accepted as trﬁe. vPreliminary results of Tc and ch measurements
show that the Tc midpoint of the Mg—doped and Mg-free wires are similar,
and that the ch increases slightly with Mg addition. However, the
increase of chis far too small :5 accounﬁ for any significant part of
the improvement in Jc. Therefore, it can be concluded that the effects
of Mg addition is mainly microstructural rather than simult;neously
affecting the intrimsic properties of Nbssn. The significant effect of

grain size on J_  at higher fields has been recently suggested by Suenaga

c
[14]. The decrease in grain size and the more uniform Sn distribution

by the Mg addition are responsible for the large increase in Jc at 15T.
D. SUMMARY

The research reported here confirms the original work of Tachikawa
and coworkers on the beneficial influence of Mg on the critical current
density of bronze-processed Nbssn. The results show that Mg may be used
to improve Jc in multifilamentary wire. The critical current density
improves significantly: at 10T, there is 100 to 200% increase from
adding 0.62% Mg to the bronze matrix. The next best improvement in Ic
is achieved for the 7.8% Sn—-bronze wire doped with 0.1% Mg. The Jc of

this small amount of Mg addition is only approximately 30% lower than
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the best. The increase of Jc is large enough to be technologically
interesting. Chemical'anaiysis'reveals.that the Mg segregates to the
reacted layer,'and resides principally in the bulk NbBSn' and it does
not affect the intrinsical properties of the Al5 phase in any signifi-
cani way. The microstructural analyses suggest that its principal
effect is to suppress-coarsening of the Nb3Sn graiﬁs and esfablish a
Pniformly‘fine-grained~layer. Preliminary da;a also suggests that Mg
decreases the minimumiNbssn grain size and improves the overall stoi-
chiometry of the reacted layer.

It should finally be recalled that, while the results obtaimed in
this work are technologically interesting, the samples u#ed had very
high bronze to Nb ratios (R). Since the increase in J. apparently
depends on the concentration of Mg in the reacted layer, and since
virtually all the lg accumulates there, it may prove difficult to
achieve comparéble results at lower R values without substantially
raising the Mg content of the bronze, or changing to an 'external
bronze’ process. However, by simultaneously adding with other elements
which has the effect of improving the intrinsic properties, e.g., the

ch, may be resulting a even higher Jc conductor. This program is now

under investigation.
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Table 1, Composition, nomenation, filament size (D), and bronze to Nb

ratio (R) of the bronze processed multifilamentary wires.

Composition (at%) Nomenation D ‘ R
bal. Cu

6.7 Sn 6700 | 11.4 14
6.7 Sn + 0.1 Mg 6710  13.4 10
6.7 Sn + 0.2 Mg 6720 10.9 L 15.3
6.7 Sn + 0.35 Mg 6735 | 10.7 15.9
6.7 Sn + 0.62 bg 6762 12.5 12
7.8 Sn 7800 8.3 27
7.8 Sn + 0.1 Mg 7810 12.1 12




Table 2. The heat treatment time, in day, and percent comversion of Nb
to Nb3Sn, in parenthesis, of wires at their most fuily reacted
state for Jc comparison

650°C 700°C 730°C 750°C 780°C
6700 20 (63) 20 (93) 12 (92) 8 (90) ’4 (90)
6710 14 (5) 499 2 (99) (95) 1 (99)
6720 8 (67) 8 (95) 2 (97) 1 (95) 0.5 (95)
6735 ) 8 (62) 10 (99) 3 (96) 1 (95) 0.75 (96)
6762 20 (62) 12 (95) 9.(99) 2 (94) 1.75 (99)

) 7800 8 (67) 8 (95) 4 (94) 2 (96) 2 (96)

7818 4 (68) 6 (95) 2 (98) 1 (98) 0.5 (97)
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IX. CONCLUSIONS

The main body of my thesis work is devoted to the understandihg.of

superconducting properties in terms of the micro-physical and chemical

states of high-field Al5-type materials. Higher critical current is

achieved through microstructural control which is based on the knowledge

of the relationships between properties, microstructures and processing. .

The Al5 materials under investigation are divisible into two parts: the.

V3Ga and Nb3A1 phases formed by a direct-precipitation process, and the

multifilamentary Nb3;Sn conductors formed by the bronze-process. The

microstructures can be related to the processes and heat tteatménfs
through the apparent mechanism; of the reaction which form the AiS
phases. These mechanisms are inferred from the results of high resoiu—
tion studies of the microstructures. As current understanding suggests
it should, the critical éurrent varies with the microstructure, specifi-
cally with grain size and stoichiometry.

The theories of superconductivity, flux pinning, and metallurgy of
AlS5 conductors are critically reviewed. The advantages and disadvan-
tages of various processing methods were discussed based on knowlédse of
metallurgical principles and microstructures, A mathematical model for
calculating the net free energy increase of 2 superconducting body by
the passage of an external electric current is proposed, based on the
increase in kinetic energy of the electrons. A new interpretation of
inductive Tc measurement and ch estimation was also discussed. These

results can be sumnarized as follows.
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A, THEEOLETICAL CONSIDLRATION OF FRELE IZNERGY

The change in the internal emergy of a superconducting pody by tle

passage of a supercurrent has not been understood, except estimated by a .

phenomenological two-fluid model. However, by using tke BCS microscopic
tkeory and a éuantum mechanics description of electrons in momentun
space, a mechanistic treatment can be found.-'This model recuires know-
ledge of the Fermi surface, density of state, population énd energy gap
to calculate the total emergy change of tke electrons. The work done by
tﬂe outside environment and hence the free eneréy change can pe calcu-
lated by the kinetic emergy of electrons and the density of Cooper
pairs. The goat of the calculation is to express the intensive and

extensive thermodynamical variables by measurable physical gquantities.
B. TIL DILECT PRLCIPITATD V3Ga and NbzSn

Superconducting V3Ga and ﬁbBAl were nmade by quenching sﬁpersatu—
rated solutions, deforrmation, aund then precipitation of the Al5 phase by
aging“treatmcnt. The critical current characteristics of the rrocduct
materials cdepend boti on the inherent properties of the Al5 phase anc on
the details of the precipitation process, which deterriines the grain
size, continuity, volume fraction and composition of precipitates.
These metallurgiczl paraneters were examined to study the critical
current characteristics. The lattice correspondence between tae AlS
crystals and LDCC matrix was found to follow thke X-S relationship: tie
closed packed planes and directions of the prccipitates arec parallecl to

thosc of the matrix. The lattice correspondence is shown in iFig. IX-1.
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Al5 precipitates preferentially nucleate on the p;ior-deformation BCC
.grain boundaries and the dislocation cell walls. The cucleation of
Nb3A1 precipitates is more homogeneous than that of VsGa. The VsGa
precipitates grow into elongated grains which Lave their habit planes
coincident with the orientation télationship, wﬁile the Nb3A1 precipi-
-tates are equiaxial in shape. An typical example is shown in Fig. IX-Z2,
liowever, in both cases, thin films of BCC phase between two adjacent AlS5
grains have high stability against spheroidization. These films of
normal metal may provide part of the current—-carrying capacity tkroughk a
surface pinning mechanism. Since the A15 grains in a cluster usually
have an identical orientation, the Al5 grain boundary pinning mechanism
will be relatively weak (the effective grain size is larger than the
average of individual grains). Lowever, the normal-state films lower
the stability of the eonductors. hé formation and growth of AlS preci-
pitates have been shown to be controlled by the overall composition,
prior deformation, and heat treatment. The resultant microsfructure and

chemical composition then determines the superconducting properties.
C. CONVENTIONAL LERONZE PROCESSED NbSSn MULTIFILAMENTARY WIKD

Microscopic analyses appear to demonstrate a sinple and necessary
connection between the heat treatment and the critical current characte-—
ristic of bronze-process multifilamentary Nbssn superconducting wire.
Cotlk the physical and the chemical state of the Al15 layer tkat forns
around the Nb filament determine its intrinsic superconducting proper-—
ties. The most striking physical feature of the reacted layer is its

tiiree=snell composite structure. The schematic representation of this

174



three—shell structure and the Sn concentration profile are illustrated

175

in Fig. IX-3., A mechanism to account for the formation of this struc-

ture is proposed which includes dislocation generation and polygoniza-
tion and grain coarsening. The polygonized dislocation cell walls in
the columnar grains are shown in Fig. IX-4.. The critical current dénsi—
ty is apparently determined by the areal fraction, grain size and compo-
sition of the central, fine—grained layer. The areal fraction and the
microstructure of the fine-grained shell depend on heat treatment.
Isothermal reaction at lower temperatures creates a fine grain size, but
yieids a low volume fraction of fine-grained material wﬁich has a rela-
tively poor composition. Isothermal reacfibn at high temperatures esta-
blishes a good composition profile, but yielas a large grain size and
low critical current, Isothermal aging at intermediate temperatures
gives the best combination of microstructural features and the highest
critical current. Both the microstructure and the critical current can
be improved further by double-aging treatménts that start the réaction
at 700°C and finish it at 730°C. This treatment produces a large areal
fraction of fine-grained material with a nearly constant composition,
and enhances the critical current dengity by approximately 50% at fields
between 10 and 15T. The Jc(H) characteristic of such a treatment is
shown in Fig. IX-5, where the best obtained Jc of isothermal aged

samples were also included for comparison.



D. BRONZE PROCESED MULTIFILAMENTARY Nbssn WIRES WITH.MAGNESIUH ADDITION

TO THE MATRIX

Magnesium addition to the bronze matrix increases the attainable
critical current density (100-300%) in bronze-processed multifilamentary
Nb3Sn wires at all fields tested (8-15T). An example of Jc at 10T of
the wite doped with 0.62% Mg and the Mg-free wires is shown in Fig. IX-
6. The iﬁcrease is large enough to be of technological interest. The
magnesium segregates almost completely to the Nbasn layer during the
reaction. Mg resides predominately within the AlS matrix, it is not a
strong grain boundary surfactant. The most obvious effeét of the kg
addition is to retard grain coarsening during growth of the AlS5 layer,
yielding a uniformly fine-grained product. The peripheral surfaces of
filaments without }g addition is shown in v‘Fig. IX-7. This effect
accounts for much (if not most) of the improvement in critical current
density. Preliminary experimental results also suggest that Mg
decreases the minimum Al5 grain size, and that it also improves the Sn
distribution within the reacted layer to establish a more uvniformly

stoichiometric phase.
E. INDUCTIVE Tc AND EXTRAPOLATED ch MEASUREMENTS

The detailed behavior of the inductive Tc measurement and the upper
critical field by Kramer’s extrapolation have been exarmiined. Eoth of
the measurements were found to be rlatively independent of the composi-

tion profile in the Nb3Sn layer due to the geometry and the intrinsiec

nature of the bronze process, These measurements reflect the average
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_properties of a small volume of the superconducting phase, and were
determined by the oscillating field amplitude of the inductive appara-
tus, and the sensitivity of the critical current measuremeﬁt. There-
foré, the results of tﬁese measurements cannot be directly related to

the composition profiles of the bronze-processed Nb3Sn layer.
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Fig. I-2. The J (H) characteristics of commercially available type-II
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Fig. II-2. The Fermi—-surface of a superconductor with a net total momen-
tum P/2 due to current flow. The shell of superconducting

state has the width of (2mA) 1/2 above the Fermi momentum Pp.
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The calculation of total energy change of a superconductor
with an external currentp potential energy (pairing and
depairing of Cooper pairs) remains constant and the net
energy increase corresponding to the increase of kinetic

energy of regions IV and V.
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Fig, IV-6. Schematic diagrams for (1) the internal bronze and (2) the

external bronze proceses for multifilamentary Nb3Sn wires.
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Fig. IV-7. Schematic diagrams for modified bronze processes: (3) the

internal tin diffusion, (4a) the internal bronze tubing, and
(4b) the internal tin-Nb tubing processes. The dotted and

the shaded areas represent the bronze and Sn—-Cu alloys,

respectively.
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Fig. IV-8, Schematic diagrams for modification of bronze processes: (5)

ECN powder process, and (6) modified Jelly—Roll process.
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Ga deformed 75% and aged at 700°C for 1 day.
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Fig. VI-3. Critical field at 4.2K versus aging time for V-15.5 at.% Ga

and V-18 at.% Ga samples.
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Fig. VI-4. Critical field at 4.2K versus aging time for Nb-17.7 at.% Al

and Nb-18.8 at.% Al specimens.



=202~

4
10 | I I | | l T
V-15.5at. % Ga
90 % Deformation at 700 °C
] 700°C Aging

Overall Jg
(Amp/cmz)
2
10 —
24 hrs
10 I 1 1 1 | | l
0 20 40 60 80 100 120 140 160

H (KG)
XBL805-5104

Fig. VI-5. Critical current versus applied magnetic field for V-15.5

at.% Ga samples with different aging times.
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Fig. VI-6. Critical current characteristics, J (H), of V-18.0 at.% Ga

with different aging times.
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Fig. VI-7. Critical current characteristics, Jc(H), of Nb-17.7 at.% Al

with different aging times.
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XBB 800-13513

Fig. VI-8. Transmission electron micrograph (TEM) of as—deformed V-15.6

at% Ga specimen.
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XBB 823-2681

Fig. VI-9. TEM micrograph of dislocation cell wall structure of V-15.6

at.% Ga sample aged at 700°C for 1 day.
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XBB 800-13511

Fig. VI-10. TEM micrograph of dislocation cell wall structure of V-15.6

at.% Ga sample aged at 700°C for 2 days.



XBB 800-13516

Fig. VI-11. TEM dark-field micrograph of dislocation cell wall structure

of V-18 at.% Ga sample aged at 700°C for 1 day.
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-14547A

XBB 800

Fig. VI-12,

TEM micrograph of dislocation subgrain boundaries of Nb-17.8

at.% Al sample aged at 750°C for 12 hours.
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XBB 800-2680

Fig. VI-13. TEM micrograph showing a V3Ga precipitate at the intersec-
tion of prior—deformation grain boundaries of sample aged at

700°C for 1 day.
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XBB 800-14542A
Fig. VI-14. TEM micrograph and the corresponding diffraction pattern

(insert) of V-15.6 at.% Ga sample aged at 700°C for 48
hours. The in-grown dislocation was clearly visible at the

center of the micrograph.
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XBB 800-13517

Fig. VI-15. TEM micrograph of V-15.6 at% Ga sample aged at 700°C for 69

hours.
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XBB 800-14550A
Fig. VI-16. Another example of TEM micrograph of the same specimen as

that of VI-15.
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30004

XBB 800-13514
Fig. VI-17. TEM micrograph of V-15.6 at.% Ga sample aged at 700°C for

4.5 days. Regions A and B are Al5 and BCC phases,

respectively.
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XBB 800-13519
Fig. VI-18. Another TEM example of the same condition specimen as VI-17.

Notice the elongated shape of Al5 precipitates.
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XBB 800-13515
Fig. VI-19. TEM micrograph and the corresponding diffraction pattern of

Al5 precipitates on dislocation cell walls of the samﬁle

aged at 700°C for 4.5 days.



Fig. VI-20. TEM micrograph of V-15.6 at% Ga aged at 700°C for 7 days.

20004,

XBB 800-14545A
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XBB 800-13524

Fig. VI-21. TEM micrograph and the corresponding diffraction pattern of

sample aged for 11.5 days.



Fig. VI-22. TEM micrograph and the corresponding diffraction pattern of

A15 (011) zone axis showing the Al5 precipitates having

similar orientation. The sample was aged at 700°C for 11.5

days.
XBB 800-13522
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XBB 800-13521
Fig. VI-23, Dark—field micrograph of V3Ga precipitates showing stable

BCC films between Al5 phase. The sample was heat treated at

700°C for 11.5 days.
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XBB 800-13525
Fig. VI-24. TEM micrograph and the corresponding diffraction pattern of

V-18.0 at.% Ga aged at 700°C for 6 hours.
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XBB 800-14543A
Fig. VI-25. TEM micrograph showing the V3Ga precipitates of samples aged

for 12 hours.



Fig. VI-26. TEM micrograph showing the V,Ga precipitates and the stable
: 3=

BCC films of V-18 at.% Ga sample aged at 700°C for 24 hours.
XBB 800-14548A

~ECC™



Fig. VI-27.

TEM micrograph and the corresponding diffraction pattern

showing the coalescence of V3Ga precipitation and the
spheroidization of BCC phase of V-18 at.% Ga sample aged at

700°C for 48 hours. XBB 800-13523

i AA



Fig. VI-28. TEM micrograph of Nb—18 at.% Al sample aged at 750°C for 3
hours. The Nb3A1 precipitates nucleated preferentially on

the sub—-grain boundaries.

XBB 800-2119



Fig. VI-29.

XBB 800-13536
TEM micrograph and the corresponding diffraction pattern of

Nb—-18 at.% Al sample aged at 750°C for 3 hours.
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XBB 800-13537
Fig. VI-30. TEM micrograph and the corresponding diffraction pattern of

Nb-18 at.% Al sample aged at 750°C for 6 hours.



4

Fig. VI-31. TEM micrograph and the corresponding diffractibn pattern of
sample aged at 750°C for 12 hours. Notice that the precipi-

tates showing complex bending contours indicate the strain

of Al5 phase. XBB 800-13541

-8¢C—
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Fig. VI-32. TEM micrograph of Nb-18 at.% Al sample aged at 750°C for 12

hours.
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Fig. VI-33, Grain size versus aging time for V-15.6 at.% Ga samples aged

at 700°c,
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Fig. VI-34. Grain size versus aging time for V-18.0 at.% Ga samples aged

at 700°cC.
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Fig. VI-35. Grain size versus aging time for Nb-18 at.% Al samples aged

at 750°cC.



Fig. VI-36(a) ' XBB 837-5993

Fig. VI-36. TEM micrograph (a) and the corresponding convergent beam
electron diffraction pattern (b) of V-15.6 at.% Ga sample

aged at 700°C for 4.5 days.
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111 AlS

Fig. VI-36(b) XBB 800-14820
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Fig. VI-37(a) XBB 800-14543A

Fig. VI-37. (a) TEM micrograph of V-18 at.% Ga deformed 90% and aged at
700°C for 12 hours. Regions A and B are Al5 and BCC phases,
respectively. (b) The corresponding convergent beam elec—

tron diffraction pattern. (c¢c) Index pattern of (b).
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Fig. VI-37(b)

XBB 800-14821
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o XBB 800-13538A

Fig. VI-38. (a) TEM micrograph of Nb-18 at.% Al deformed 99% and aged
at 750°C for 3 hours. (b) The corresponding convergent

beam electron diffraction pattern.
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Fig. VI-38 (b) XBB 811-796
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XBB 823-2690

Fig. VI-39. TEM micrograph of the annealed V-18 at.% Ga sample aged at
700°C for 2 days. The crystallographic orientation of

precipitates’ habit plane is shown im the figure.
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V—-—18Ga
Homog,
700°C /2D

XBB 823-2695A
Fig. VI-40. (a) Bright—-field TEM micrograph, (b) dark-field of BCC

reflection, and (¢) the corresponding diffraction pattern

of the annealed V-18 at.% Ga aged at 700°C for 2 days.
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500 m

XBB 823-2685

Fig. VI-41. TEM micrograph of annealed V-18 at.% Ga sample aged at 700°C

for 4 days.
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Fig. VI-42(a) XBB 823-2687

Fig. VI-42. (a) Bright—-field TEM micrograph, (b) dark-field of Al5
reflection, and (¢) the corresponding diffraction pattern,

of annealed V-18 at.% Ga sample aged at 700°C for 4 days.
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Fig. VI-42(b) XBB 823=2686



-245~

Fig. VI-42(c) XBB 823-2688
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XBB 823-2689

Fig. VI-43. Lattice image of a precipitated VBGa in the annealed V-18
at% Ga sample aged at 700°C for 4 days.
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V—15.6%Ga, 75%Def., 700°C/ 1D

Fig. VI-44. Scanning electron micrographs of V-15.6 at.% Ga deformed 75%
and aged at 700°C for 1 day showing the heterogeneous nature

of V3Ga precipitation.
XBB 836-5391



O Ga (Al)
® V (Nb)
® BCC site

XBL 812-5194

Fig. VI-45. The superimposed conventional unit cells of BCC and Al5

structures with the parallel planes (heavy lines) and direc-

tion (large dashed line) indicated.
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Fig. VII-1. A scanning electron micrograph of the cross section of a

typical multifilamentary Nb3Sn wire sample.
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Fig., VII-2. A scanning electron micrograph showing the reacted Al5 layer
around the filaments. The sample was heat treated at 700°C

for 6 days.
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Fig. VII-3. The critical current characteristics, .Tc(H), for samples

reacted at 650°C for 4, 8, and 16 days.
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Fig. VII-4. The critical current characteristic, .Tc(H), for samples

reacted at 700°C for 2, 6, and 8 days.
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Fig. VII-5. The critical current characteristic, JC(H). for samples that

were isothermally aged to essentially complete reaction at

650, 700, 730 and 800°C.
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Fig. VII-6. The inductive superconducting transition temperature, Tc' as

a function of aging time for samples that were isothermally

reacted at 650, 730 and 800°C.
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Fig. VII-7. A scanning electron micrograph showing the core configura-
tion and Ta diffusion barrier which constrains the expansion

of the bronze matrix, The sample was heat treated at 730°C

for 2 days.
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Fig. VII-8. The average Al5 layer thickness as a function of aging time
for samples that were reacted isothermally at 650, 700, 730

and 800°C.
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Fig. VII-9. Schematic representation of the overall morphology of a
reacted Al5 layer (a) with an overlay showing an idealized

Sn composition profile through the layer (b).
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XBB 818-7133

Fig. VII-10. Transmission electron micrograph of the columnar Al5 grains

near the Nb core of ti,. :ample aged at 730°C for 2 days.
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Fig. VII-11(a) XBB 822-1159

Fig. VII-11.

The selected area diffraction pattern (a) and the corres—
ponding bright field micrograph (b) showing the columnar
nature of the Al5 grains near the Nb interface. The sample

was aged at 750°C for 2 days.
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XBB 818-7140

Fig. VII-11(b)
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XBB 824-4088

Fig. VII-12, Transmission electron micrograph of the Al5 grains within
the fine—grained and coarse—grained shells in the reacted

layer of the sample aged at 700°C for 8 days.
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XBB 818-7138

Fig. VII-13. Transmission electron micrograph of the fine—grained region.
and large—-coarsened grains of the reacted layer for the

sample aged at 730°C for 2 days.
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a. 25V 18.KX ) 5nm
650°C/ 1 6DAYS

b. 25KV 18.7 KX 835 nm
700°C/ 6DAYS XBB 831-226

Fig. VII-14., Scanning electron micrographs showing the fracture surfaces
of broken filaments that had been reacted at (a) 650°C for
16 days and (b) 700°C for 6 days. Note that the fine,
equiaxed grains in the layer center are not obvious on the

fracture surface.
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Fig. VII-15.

XBB 824-4087

A transmission electron micrograph of a sample aged at
750°C for 2 days, showing the columnar and fine—grained
shells. Note that the grain boundaries in the fine—grained

shell are primarily low angle boundaries.
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Fig. VII-16. The areal fraction of the fine—grained shell, relative to
the original cross section of the Nb filament, as a
function of the aging temperature for wires that were aged

to essentially complete reaction.
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XBB 824-4085

Fig. VII-18. A high resolution transmission electron micrograph of AlS
grain morphology near the AlS core. The generation of
Frank-Reed type dislocations were evident (arrows). The

sample was reacted at 650°C for 16 days.
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XBB 824-4086

Fig. VII-19. A transmission electron micrograph under a suitable dif-
fraction condition showing the dislocation pile—ups in the

columnar grains for sample reacted at 700°C for 8 days.
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XBB 825-4151

Fig. VII-20. A high resolution transmission electron micrograph showing

\

dislocation pileups in the columnar grains. The sample was

isothermally aged at 700°C for 6 days.
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Fig. VII-21. The Sn concentration profile across the reacted layer, as

determined by STEM/EDXS analysis for samples aged isother-—

mally at 700°C for 2 and 8 days.
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Fig. VII-22. The Sn concentration profile across the reacted layer, as
determined by STEM/EDXS analysis for samples reacted iso—
thermally to near completion at temperatures in the range

650 to 800°cC.
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Fig. VII-23., A schematic representation of (a) the grain structure, and

(b) the tin concentration profile across the reacted Al5

layer.
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Fig. VII-24. Schematic heat treatment schedules to improve the micros-—

tructural state of Al5 layers.
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Fig. VII-25. The average thickness of the Al5 layer as a function of
aging time. The solid lines are for isothermal aging at
650 and 700°C. The dotted lines continue the curves for

the temperature and time of double aging.
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The areal fraction of fine equiaxed grains in the reacted
layers of the doubly aged specimens, relative to the origi-—
nal cross section of the Nb filament. The comparable data

for singly aged specimens is reproduced from Figure 11.
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XBB 822-1157

Fig. VII-27. A transmission electron micrograph of the fine—-grained
shell within a sample that was doubly aged at 700°C for 6
days plus 730°C for 1 day. Examples of dislocation pileups

and low angle grain boundaries are indicated by arrows.
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Fig. VII-28. The fractographs of the reacted Al5 layer for samples heat
treated at (a) 650°C, 14 days + 730°9C, 2 days, and (b)

800°C for 2 days.
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Fig. VII-29, The Sn concentration profiles, as determined by STEM/EDXS

analysis, for three doubly aged specimens.
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Fig. VII-30. The Jc(H) characteristic of double—aged specimens starting

with 650°C and followed by various higher temperature

aging.
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Fig. VII-31. The JC(H) characteristic of several double-aged specimens

with 700°C as the starting heat treatment temperatures.
The J_(H) of the 700°, 6 days sample is also included,

representing the best obtained by isothermal aging.
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Fig. VII-32. The critical current characteristic, .Tc(H), for a sample
aged at 700°C/4 days + 730°C/2 days. J.(H) is compared to
those attained by the best isothermal treatments: 700°C/6

days and 730°C/2 days.
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Fig. VII-33. The characteristic of volume pinning force, Jc X H, versus
the reduced magnetic field, h = H/HCZ' for several doubly

aged and isothermal treated specimens.
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Fig. VIIf-l. Sections of two partly-reacted wires.
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Fig. VIII-2. Cross—sectional area of Nb3Sn phase versus aging time for

samples aged at 650°C.
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Fig. VIII-3. Cross—-sectional area of Nb3Sn phase versus aging time for

samples aged at 700°C.
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Fig. VIII-4. J_(H) for wires reacted at 730°C for 4 days.
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Fig. VIII-5. J_ at 10T versus the bronze-matrix composition and aging XBL82II-690I
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Fig. VIII-6. Jc(H) for wires reacted at 730°C to near fully reaction.
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Fig. VIII-7. Ic(IOT) versus aging temperature for various Mg concen-

trationsin 6.7% Sn-bronze at nearly fully reacted state.
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Fig. VIII-S8. Jc at 10T versus aging temperature for 0.1% Mg doped and

Mg—free wires with 7.8% Sn-bronze matrix,
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Fig. VIII-9. J'c at 10T versus aging temperature for 6.7 at.% Sn + 0.1%

Mg wire comparing to the Mg—free Sn bronze wires.



-292-
30 | | T | 1

15T

2 K =
L R 6762 ~

6700
ol | L | | |
650°C 700 730 750 780 Aging Temp.
~65 95 95 a9 95 % Reaction
XBL838-6149

Fig. VIII-10. Jc at 15T versus aging temperature for wires at thrie

mostly fully reacted state.
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Fig. VIII-11. Electron microprobe composition profile for Mg.
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Fig. VIII-12 Scanning electron fractographs showing the Mg effect on

the distribution of grain size for wires reacted at 750°C

for 2 days.
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Fig. VIII-13. Scanning electron fractographs showing the grain size

variations for wires reacted at 750°C for 1 day.
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Fig. VIII-14, SEM fractographs showing the grain size variation with Mg

addition for wires reacted at 780°C.
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Fig. VIII-15, Deep-etched scanning electron micrographs of filaments'
periphery for (a) unreacted and (b) 750°C, 1 day heat

treated wires.
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Fig. VIII-16. Deep—etched scanning electron micrographs of reacted fila-
ments periphery showing the outer layer grains sizes

variation.
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Fig. IX-1. The schematic representation of the orientation relationship

‘between BCC and Al5 crystal structure.
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Fig. IX-2. A typical TEM micrograph of the Direct-Precipitated V3Ga.
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Fig. IX-3. A schematic representation of the three—shell composite

structure of the Al15 layer formed by the Bronze—process.
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Fig. IX-4. The polygonization of dislocation wall structures in the

columnar grains near the residual Nb.
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Fig. IX-5. The .Tc(H) characteristics of a bronze-processed wire.
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The Jc at 10T of the 6762 wire as compared to the Mg—free

wires versus aging temperature,
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Fig. IX-7 The periperal surface of filaments without Mg addition
showing the outer large coarsened grains and the central

layer of the fine grains.
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