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A IIICROSTRUC"l1JKAL STUDY ON THE PROCESSING AND PROPERTIES 

OF BIGII-F'IEIJ) AlS SUPEllCONDUCTING IlATFJUAI-S 

ABSTRACT 

Superconducting properties of high-field A1S materials were studied 

in terms of the physical and chemical states of the A1S phases. Higher 

cri tical current is achieved through microstructural control. which is 

based on knowledge of the relationships between processing variables. 

microstructure. and the resultant properties. The A1S materials inves­

tigated include the V3Ga and Nb 3AI phases formed by a direct-precipita­

tion process, the multifilamentary Nb 3Sn formed by the bronze-process. 

and the bronze-processed Nb 3Sn with a Mg addition. 

The direct-precipitation process has been found to have an intrin­

sically inferior critical current and lower stability. due to the large 

effective grain size. off-stoichiometric composition. and the high 

stability of BCC films between A1S grains. For the bronze-processed 

Nb 3Sn mul t ifilamentary wire. microscopic exam ina tion reveals that the 

reacted layer consists of a three-shell composite structure. A mecha­

nism to account for the formation of this structure is proposed. The 

critical current density is apparently determin~d by the areal fraction, 

grain size and composition of the central, fine-grained layer. Isother­

mal aging at intermediate temperatures (700-730 oC) yields the best 

combination of microstructural features and the highest critical cur­

rent. Double-aging treatments that start at 7000 C and finish at 730 0 C 
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improve the microstructural state of the A15 layer, and enhance the 

critical current density by .approximately 50% at fields between 10 and 

1ST. Magnesium addition to the bronze matrix increases the attainable 

critical current density (100-300%) in bronze-processed multifilamentary 

Nb3Sn wires as compared to the Mg-free wire at the nearly fully reacted 

heat treatment conditions. The Mg segregates almost completeiy to the 

Nb3Sn layer. and resides predominately within the A15 matrix. The most 

obvious effect of the Mg addition is to retard grain coarsening during 

growth of the A15 layer. yielding a uniformly fine-grained A15 layer. 

The theories of superconductivity. flux pinning. and the metallur-

gical principles of A15 conductors are critically examined. A mathema-

tical model for calculating the free energy increase of a superconduc-

ting body by the passage of an external current is proposed. based on 

the increase in kinetic energy of the electrons. A new interpretation 

of inductive Tc measurement and Hc2 estimation is also discussed. 

Ph.D. Department of Materials 

Science and Mineral Eng. 

~ ,/.T. W. Morris. Jr. 

Chairman of Committee 
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I. IN'l'IlODUC'ITON 

Superconductivity, discovered by Kamerlingh Onnes in 1911 [1], is 

the complete loss of resistivity and the nearly perfect diamagnetism at 

some low, but finite, temperature. It is a property of the metallic 

state, in that all known superconductors are metallic under the condi­

tions that cause them to exhibit superconductivity.. This phenomena is 

not particularly rare as a quarter of the elements and over 1000 alloys 

and compounds are superconductors [2]. Metals that are not superconduc-

·tors are usually either good electrical conductors ~t normal tempera­

tures, such as the alkali and noble metals, or transition metals with 

strong magnetic moments. Superconductivity appears below a critical 

temperature, Tc' which is a characteristic of each material. Above Tc' 

superconductors behave exactly as normal metals, their resistivity de­

creases with decreasing temperature. At Tc' the resistivity drops 

sharply to zero and remains zero at all temperatures below Tc. Critical 

temperatures are of the order of a few degrees Kelvin--the element with 

the highest Tc is niobium (9.2K) and the highest known Tc is 23.4K for 

Nb3Ge. 

Almost immediately after the discovery of superconductivity, Onnes 

found that superconductivity was destroyed by the passage of a transport 

current density greater than a critical value r c ' or by the application 

of an ·external field greater than a critical value, Hc [4]. The r c ' Hc 

• A few nonmetallic materials can be made to superconduct, i.e .• under 

high pressure. The pressure, however, converts them to metals before 

they become superconducting. 
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and T c 0 f a par tic u 1 a r t1 ate ria 1 not 0 n 1 y de pen don e a c hot n e r but are 

also influenced by the metallurgical state of the material. 

The factors determining the metallurgical state of a superconuuctor 

are: composition, long-range-order parameter, state of strain, and 

microstructures. A closed volume within the critical surface in the J, 

r. and T three-dicensional space is the superconducting phase region. An 

example of A critical surface of a Nb-Ti alloy in the J, II and T t~ree-

dimensional space is shown in Fig. I-I. 

Modern high-field superconductors are capable of carrying high 

current without energy dissipation. Figure 1-2 shows the critical 

current densities J c versus applied magnetic field U at 4.2K for super-

con U u c tin g Nb 3 S nan d Nb T i a s com par e d wit h the nor tJ a 1 con c: u c tor ina 

conventional iron-core electromagnet. 

The high J c allows tte construction of highly compact machines, and 

the absence of energy loss reduces the necessity for internal coolin;;. 

~any large scale industrial applications of superconductivity have been 

proposed in the areas of high energy physics, thermonuclear fusion 

re ac tor, ma£netohydrodynam ic s, and energy storage, transforll:a t ion, and 

transI:Jission. 

Many factors will affect whether or not the above applications 

ultiwately prove feasible. Ilowever, the most important factor under-

lying any technological application is the understanding of the super-

conducting material and the optimization of its properties. 

In this work, high resolution microstructural analysis techniques 

were used successfully to study the correlations betweeu processing and 

~roperties of A15-type superconducting waterials (V3Ga, 



fabricated by the 'direct precipitation process' and the 'bronze pro­

c e s s'. The d irec t prec ip ita t ion proc e s s is a monol i thic me thod where 

the superconducting A1S phase (brittle in nature> is precipitated out in 

the relatively ductile BCC matrix. Microstructural analyses revealed 

the formation mechanism of the A1S phase: the nucleation is assisted by 

lattice defects that can be controlled by prior deformation~ the growth 

of A1S grains follows a usual grain growth mechanism, and the morphology 

of the microstructure varies with different binary systems, composition, 

and pr ior de forma t ion. The re su 1 t ing sup erc onduc t ing prope rt ie s are 

presented and correlated with microstructural observation. 

The most CO!Dmon method for produc ing high-field Nb 3 Sn supercon-

ducting wires is the "internal bronze" process. In this method, 

niobium rods are inserted into a Cu-Sn bronze billet and drawn into a 

fine, multifilamentary wire. The wire is then heat treated to form the 

A1S superconducting phase of Nb 3Sn through a diffusion reaction at the 

niobium-bronze interface. This work was undertaken to characterize the 

microstructure of a typical wire with a fixed internal geometry, to 

establish a general connection between the ~icrostructure and the heat 

treatment, and to identify and correlate the microstructure parameters 

determining the superconductive properties. This work led to an effort 

to design heat treatments that would improve the microstructural state 

of the A1S layer so as to enhance the critical current characteristics. 

The success of the modification in heat treatment has obvious engi­

neering implications, but it also gives credence to the qualitative 

relations between processing, microstructure and properties that emerge 

from the characterization studies. 
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A further improvement of the current carrying capacity of a bronze­

route wire is of great importance. From the undcrstanding of the corre­

lations betwcen processing, microstructure and properties, it is hoped 

. that the microstructural state of the A15 layer and, hence, tte criti­

cal current could be improve~ by the addition of a soall aLlount of a 

ternary element into the bronze matrix, Magnesium was selected for 

this purpose for reasons that will be given. This led to an effort to 

fabricate multifilamentary wire on a laboratory scale for the/fundamen­

tal studies. The wires with various concentrations of Sn and ~g in the 

bronze matrix containing 133, 8-13j.lrJ dial:1eter, niobium filaments wt:re 

successfully fabricated by swaging and drawing ·processes. IHcrostruc-

tural and ~icrochemical analyses revealed that tLC magnesium segregates 

into the reacted A15 layer and retards grain coarsening durinG growth of 

the '\15 layer, yie Id ing a un iforely fine-gra ined produc t. TIle reac t ion 

rate of the A15 phase forlllation is significantly altered froo wire to 

wire by the addition of big and tee small va.riation in the processing. 

Therefore, the comparison of the effect of 1:1& addition on the critical 

current density is madc by cooparing the J c of sauples at their nearly 

fully reacted conditions. The critical current densities of the 

magnesiuo-containing wires were enhanced compared with the magnesium-

free wires. These results are presented and discussed in Chapter VIII. 

In the next chapter, the fundamental theory of superconductivity is 

reviewed, and the principles of yarious property measureocnt ~ethods are 

discusse~. Particular attention will be given to the frec energy 

describing the superconducting to nor~al transition, end a codel of 

c~lculat in::; the increa~e of free energy oy tile passage of electric:d 

cur r c r. tis j, r 0 ,) 0 sed. C 1:. a ~ t e r I I I con c c n t rat c s 0 Xl t II (! t n e 0 r y 0 f flux 
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pinning and the metallurgical parameters influencing superconducting 

properties. The metallurgy of AlS superconductors and various fabrica­

tion techniques to produce AlS superconductors and their advantages or 

drawbacks are discussed in Chapter IV. The details of experimental 

procedures are presented in Chapter V. The results and discussions on 

the microstructures and properties of V3Ga and Nb3Al precipitates in BCC 

matrixes are given in Chapter VI. In Chapter VII. the study of the 

influence of heat treatment on the structure and properties of a bronze­

processed Nb3Sn multifilamentary wire is presented. The following chap­

ter discusses the influence of magnesium addition to the bronze on the 

critical current of bronze-processed Nb3Sn multifilamentary wire. / The 

conclusions of this work are given in the final chapter. 
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II. FUNDAWENTAL PHENOHENA OF SUPERCONDUCTIVITY 

In this chapter the fundamental phenomena of superconductivity are 

presented. Tile microscopic theory (DCS theory) and thermodynamics are 

first reviewed, followed by the phenomenological descriptions of super-

conductivity. The reader who is familiar witt. superconductivity [lay 

proceed directly to section II.A.2 where tIle thern;odynamic variables ane: 

principles of properties measurement are discussed. 

A. THEOn OF SUPE:~CotiljUCTIVITY 

1. r'iicroscopic theory. The occurrence of superconuuctivity in bulK 

metals is mar~ed by: (1) the disappearance of resistivity (P n > 0), an':: 

(2) a near perfect diamagnetis~ (x h ; -1). (3) The normal to supercon-

ducting transition is a second order phase transforll!ation, and (4) the 

transition temperature Tc depends upon the mass of the positive ion: 

r. rna = constant (1) 

where a is a constant on the order of 1/2 and depends on the material. 

TLese four fundamental properties characterized the superconducting 

phase. Bardeen, Cooper and Schrieffer [1] suggested a microscopic 

theory of superconductivity that can describe all tte above I:lentioneJ 

properties known as the ECS theory. It was shown ttat a net attractive 

potential can occur between two electrons with their momenta sligttly 

g rea t e r t nan the Fer DJ i sur f ace due t 0 a n e 1 e c t ron - p 11 0 non i n t era c t ion. 

Tn c tot ale n e r bY 0 i e 1 e c t r O:l S can be Ii e c rea s e 0 i 1 the U e c rea sci 11 t I: e 

potent ini energy is greater than the iucrease in the ~inct ic encr;y. 



Tld sis po s sib 1 e for p air e d n I 0 c h s tat e s w her eon eel e c t ron i sin the 

kt~ state and the second in the -kth state. These two electrons are 

bound together through the lattice disturbance (phonon) produced by each 

other. Two paired electrons in this state are known as the Cooper pair 

[3]. The distance over which this coupling occurs is of the order of 

the coherence length. Any scattering process will only cause an inter-

change of momentum between the paired electrons and the total momentum 

is conserved. The result of this interaction is the loss of electricul 

resistivity. 

Using the uncertainty principle. Pippard [2] argued that the size 

of a bound pair is not less than about hVf/~b' where the v f is the Fer~i 

velocity. This binding energy. Eb • turns out to be on tbe order of 

kbTc' The BCS theory supplies the proportionality constant anG defines 

tLe spatial extenG of a Cooper pair 0)' the coherence length, ~o' w~ere 

7iV 
/: ::::: 0.18---' 
"" k T t> c 

(2) 

This distance is ~uch larger than the interelectron spacing and the 

Cooper pairs are strongly overlap. 

The success of the ECS theo_ry is that it explains how the proper-

ties of superelectrons arise from first principles and a microscopic 

view. 

2. Tilermodynam ic s of Superconduc t iv i tv. Although the free energy 

dens i ty u 
"'n of a metal in the normal state is independent of the strength 

lia of tl,e applied magnetic field. in the superconciucting state the 

application of a magnetic fielti raises the free energy density Gs of tile 

The critical field!: is that field c 
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strength which ",ould be required to raise the, free energy of the su!=.er-

conducting state above that of the norm~l state; The difference in free 

energy density between the normal anJ superconducting states is, 

By using the first law of thermodynamics [4]. the difference in entropy 

per unit volume is: 

(4) 

since ha does not depend on T. The critical field always decreases with 

increasing temperature. and the right hand side of this equation must oe 

positive. Tnerefore, the superconducting state has a higher degree of 

order than the nor~al state. This is in agreecent witn the DeS micro-

scopic description of superconductivity [1] according to which the 

electrons in a superconductor condense into a highly correlated system 

of electron pairs. 

As a consequence of thermodynam ic laws. if a superconduc t ing ea te-

rial is placed in an external magnetic field. the magnetic field will be 

excluded froc the body of the superconductor. However. the supercon-

ducting and normal phases may coexist under appropriate conditions. For 

Type-I superconductors the interfacial energy between normal ane: SlOper-

conducting phases is positive and the co-existence can only occur for 

special sample geocetry in which there is a non-zero decagnetization 

coefficient. On the other hand. Type-II superconductors have a ncgativc 

interfacial enersy bet~een nor~al anJ su~ercocductin~ re&ion. 
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Therefore, a spontaneous decomposition into normal and superconducting 

regions will result with an external field greater than a certain 

s t r eng t h, Il c 1 • T his dec 0 m p 0 sit ion w ill Y i e 1 d the lowes t f r e e ,e n erg y 

when the normal region is a regular array of long rods e~ch containing a 

flu x qua n tum • The rod s are call e d v 0 r tic e s 0 r flu.l: 0 ids a s are suI t 0 f 

the supercurrents surrounding them, and the resular array of the 

flu.l:oids are known as the flux-line-lattice (FLL). A FLL is depicted in 

Fig. 11.1. Notice the directions of surface and vortex supercurrent. 

The net macroscopic effect is that the sample exhibits a non-perfect 

diamagnetism (-1 < .l: m < 0). When the external field increases, the 

lattice spacing between the vortices decreases. Eventually at a criti-

cal field strength, Hc2 the vertices overlap and superconductivity is 

destroyed. 

3. The PhenomenoloGical Theories of T}7e I Superconductors. Ty~e I 

superconductors typically have critical fiel~ below 0.1 tesla. The 

Londons [5] proposerl a set of equations to describe the infinite con~uc-

tivity and near perfect diamagnetisc of this state: 

(5) 

and 

A~" x J =-H (6) 

. ·2 / . 2 1 . d 1 . 11 ., t' WHere A = I;l ;.tonse , t ~e penetrat10n ept;, tYPlca Y 1n tl:e range 0 

500 angstrom. The penetration depth aescriL>es the depth of r::ar;netic 



field decay into the superconductor. As a result of this penetration, 

even Type I superconductors are not perfectly diamagnetic. 

The Ginzburg-Landau theory [61 is an alternative to the London 

theory. To an extent, it is also a phenomenological theory in the sense 

that it makes certain assumptions whose justification is that they 

correctly describe the phase transition in zero field and T near Tc' 

But unlike the London theory it uses quantum mechanics to predict the 

effect of a magnetic field. The first assumption of the theory is t1.at 

the behavior of the supercon~ucting electrons may be described by an 

,rr I 11(-' 12 'effective wave function' ~, which has the significance that T 

is equal to the density of superconducting electrons. It is tilen 

assumed that the· difference in free energy density can be described by a 

power series in 1 tfr 12. After minimizing the free energy with respect 

to 1 1fT 12 and the vector potential, A, the London equations were 

derive~ with a new penetration depth, 

(7) 

the penetration depth is allowed to vary spatially through 1 ~(x) 12. 

The consequences of the Ginzburg-Landau theory is that the penetra-

tion depth not only is field-dependent but also thickness-dependent. It 

also correctly predicts the change frol:l first to second order transi-

tions with decreasing sample thickness. 

4. Type-II Superconductors. The Ginzburb-Landau theory leads 

el:plicitly to the concept of a surface energy between the norn.al and 

superconducting region. This interfacial energy is required by the fact 

that tilc wavc functions can only vary over a finite distance. In ti.c 

theory, a dimensionless parameter is introduce~: 

11 



12 • 
(8) 

• 
The crossover frofu positive to negative surface energy was found to 

occur for kappa equal to 1/(2°·5>. Abrikosov [7] showeti that for kappa 

greater than 1/(2°.5 ) the negative surface energy forces the flux sur-

rounding normal regions to subdivide until each region contains a single 

quantum of flux. lie went on to demonstrate that these fluxoids form a 

regular lattice with the wave function going to zero at lattice points. 

These materials are defined as T}~e II superconductors. 

For all superconducting materials, Type I or Type II, the area 

under the reversible IDagnetization curve corresponds to the condensation 

energy, 

(9) 

Equation 9 defines the themodynamic critical field, Hc' for a Type II 

superconductor. The upper and lower critical fields can be related to 

the thermodynamic field using the Ginzburg-Landau parameter. K. [7]: 

(10) 

and 

(II) 

K is related to Pn , the normal state resistivity, an!l y, the temper-

ature coefficient of the electronic specific heat by the relationship: 
I 

K = KlI + 7.Sx 10-' i' 1 p" 
(12) 

is an intriniic Qatcrials constant. 



D. THERMODYNAi.aC VARIABLES AND PRIlJCIPLES OF PROPEnTi ;.iEASURF.J.iENTS. 

1. The Gibbs Free Energy of an Electro-!iagnetic Body. The work done 

by an applied magnetic field, H, to produce a change of magnetic co~ent, 

dM, of a magnetic material can be described by: 

(3) 

where ~o is the magnetic permeebility of free space. 

By the same analogy, the work done by an applied electric field, E, 

to produce ~ change of polarization Pe of a dielectric material is: 

(14) 

where &0 is the electric permeability of free space. 

The Gibbs free energy of a body in the presence of electric a~d 

magnetic field is [8J 

G - U - TS + P V - IJ. 0 HM - E" EP .. (I5) 

Small changes in the conditions will produce a change in G given by 

dG = dU - TdS - SdT + PdV + VdP -1J."HdM -1J."MdH 

- Ell EdP .. - E"P .. dE 

(16) 

If the tel:lperature an(! pressure are kept constant (dT = ciP = 0). we have 

dG = dU - TdS + PdV - IJ."HdM -1J."MdH 

- E"EdP, - E"P, dE 

(I7) 
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From the first law of thermodynamics. 

dU = dQ - dW = TdS - PdV + lLoHdM + E"EdP" (8) 

as a result of equations 13 and 14. Therefore. 

(9) 

anci the difference in free energy of a body when it is magnetized and 

polarized by an electrical and magnetic field is: 

H £ 

G(H,E) - Go = -lLof MdH - Eof PedE (20) 

" o 

If we reuove the conditions of constant te&lperature and pressure. 

i.e .• dT and dP not zero. then: 

dG = - SdT + VdP -1L"MdH - E"PcdE (21) 

This change of free energy of 8 dielectric and oagnetic body is 

described in equation 21. For a superconducting body. nowever. the last 

t e r I:! - I; P dE is z e r o. Th i sis be c au set he a b iii t y top 0 I a r i z e 0 y aD. o e 

external electric field is zero. Therefore. a different thermodynamic 

work function has to be found to describe the increase in internal 

energy by the passage of electric current. 

2. The Increase of Internal Energy. The work done by a passage of 

external current. i.e .• the increase in the internal er.er;y. of a 

14 



superconducting body is a very complicated one. In a dielectric cate-

rial. where the applied electric field, E, causes a polarization, P e , 

the work done or the incr~ase in internal energy can be described by 

&oPeE. However, by the passage of an electric current, the internal 

energy of a superconducting body increases, even if there is no electric 

field inside the body and the &QPeE terlll is zero. In the following, I 

will first describe the work done by an external current using a simple 

two fluid model [9]. Then, in order to discuss a deeper insight of the 

physical meaning, a quantum mechanics treat::Jent will be pointed out. 

The superconducting to normal transition critical current can then be 

discussed. 

In the two-fluid mouel, a superconductor can be regarded as consis-

ting of two interpenetrating electronic fluids, the normal electrons and 

superelectrons with densities nX! and n s ' respectively. At the ground 

state, tJ:.e distribution of electrons in momentum space is isotropic, 

i.e., there are as cany electrons travelling one way as the other. If 

an external current, I, is applied to the superconducting body, then 

each Cooper pair will have a resultant mOl:lentuc, p. which is the sar:le 

for all pairs. And an additional kinetic energy as compared with the 

ground state internal energy: n s p 2 '8m will be observed. Therefore, the 

work done by the external current is 

(22) 

wLerc m is the effective mass of the electron. The current density of 

the body is related to the net comentulll: 
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therefore. 

P 
J = ens 

2m 

m J2 WE :::::--
2ens 

(23) 

(24) 

Also. from the sinlple two fluid model. the first approxication of 

stored energy (or work) can be obtained. it should be noted that equa-

tion 24 is not a therClodynamic work function. The real thermod}~amic 

work function should be able to separate explicitly by the product of an 

intensive and an extensive variable. However. equation 24 yields a 

first approximation of the value of a thermodynamic work fuction. We' 

Tne change of Gibbs free energy of a sUJ.erconducting body. equation 24. 

can be rewritten as: 

dG = - sdT + VdP - JJ."MdH - dWE 
(25) 

A more rigorous treatment can be derived from the microscopic 

theory. Here. only some physical meaning an~ the line of procedure will 

be arguec!. The mathemat ic derivat ion is st ill in progress. in the hope 

that the intensive and extensive variables can be found and correlatec 

with the properties. 

In a simplest consideration. the ground state of a superconducting 

body can be visualized in momentum space as depicted in Fig. 11.2. 

there is an empty (unoccupied) shell of states below the Fenli surface. 

anJ an occupied shell of states above the fermi surface P f . The wi';th 
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of the band is (4m.1)O.S, where i:. is the half of ncs energy gap. Below 

the Fermi surface are the normal electrons and, above the Fermi surface, 

are the superelectrons. The passage of an electric current I is e~uiva-

lent to a shift of momentum space by an amount P/2. This situation is 

also depicted in Figure 11-3. In this case, the states which make up 

the pair wavefunction have momenta of the for~ 

ins tea d 0 f (P it, - Pit) . The e 1 e c t ron p air s are s till a b 1 e tot a k epa r t 

in a large nuober of scattering processes which conserve the total 

mOtler-tutl: 

(26) 

Therefore, no resistance occurs. The theoretical limit of P before the 

Cooper pairs start to depair into quasi-particles can be obtaineu fro~ 

the energy consideration of Fig. 11.3. The decrease in kinetic energy 

by depairing into quasi-particles has a higher tendency for the Cooper 

pairs with their total mocentum in the opposite direction of P. It will 

be energetically favorable for the pair to split up if 

2mil 
Pm", > P 

I 

Tj~is is tilC tdcorctical transitioLt I:1oI:1enlu::;. 

(27) 
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To obtain the incre~se of kinetic energy at certain I p I < Pmax ' it 

i s P 0 s sib let 0 c a I cui ate and c 0 III par e (a tie a s t for the sill: pie s t cas e ) 

• the total energy of the excited and ground states. Figure 11.3 shows 

how such a task can be fulfilled. In region 1. the electrons have the 

same states and th~re is no energy change. Region II was the supercon-

ducting states and becoces the normal state at the excited state, and 

tte reverse is true for the correspondent region II. Therefore, the 

nu~ber of Cooper pairs bondings remain unchanged and there is no change 

in kinetic energy either. The internal energy of the states in region 

III has no change. All the increase in total energy coces from region 

IV. The total energy change is the sum of kinetic energy increase of 

electrons and the potential energy decrease due to the decrease of 

Cooper pair density. The density of Cooper pair is a function of conden-

satioe energy, .1, which decreases with increaing current ciensity. To 

solve the problem of total energy change bya passage of external cur-

rent is a complicated one, involving the knowledge of density of states, 

electron distribution function, energy gap, and their dependence with 

temperature and net momentum, etc. Perhaps it is not even analytically 

solvable. This question is still in pursuit. 

3. Phase Transition and the Derivatives of Free Energy. The corn:al 

to superconuucting transition is characterized by both the first- and 

second-order phase transition. In the absence of applied cagnetic 

field, the transition is a second-order one: the partial derivatives of 

G with respect to the extensive variables are continuous but not the 

second derivative. In an applied magnetic field, the transition is 

first-order: both the first anc! second partial derivatives of G are 

discontinuous. The intensive variables are defined in equation 21 



including S, V, :,r: and the extensive variables are T, P, and B. There 

should be two more variables describing dW e , we can designate them to be 

Xe and Yeo Where Y.e is the extensive variable anci Ye is the inter.sive 

variable. 

Then, 

dG = -SdT + VdP-J.L" MdH- YEdXE 

= l:Y,dX, , 

And by the 1st and 2nd laws of ther~odynamics, 

(28) 

(29) 

(30) 

Since the first-order transition is characterized by the continuity of 

the first derivatives of the free energy, in the absence of a magnetic 

field, all the intensive variables are continuous, i.e., 

(31) 

The second derivatives of free energy with respect to e~tensive 

var iables ( X. ) are uiscont inuous: 
1 

(32) 

19 



20 

These quantities can be correlated to physically measurable quantities: 

(33a) 

(33b) 

and 

(33C) 

where C is the specific heat: V is the vOlUtle of the body: kappa is the 

compressibility, xh is the m~gnetic susceptibiiity and ~o is the magne-

tic permeability of free space (all the partial differentiations here 

are unGer the condition such that all other extensive variables are 

constant). The electric work function is not described here because of 

the lack of a simple analyt ical solution. However, the SaI:le ther!:Jody-

namic equations are still valid. It can be visualized that the resisti-

vity has to be one of several measurable quantities in which the mutual 

product represents a higher order derivative of free energy. The sharp 

decrease to zero of resistivity when the body is undergoing norLlal to 

superconducting transition provides the discontinuity of the derivative 

of the free energy. However, if the resistivity is a function in the 

second derivative of free energy, then the first derivative has to be 

constant. Fro~ the derivation of the increase of the internal energy by 

a net l::ot;entul:l. P in B.2., this can not be the casco Therefore. the 



resistivity must be expressed by (or be one of the functions) a higher 

oruer derivative of free energy. 

4. Measurements of Superconducting Property. In the last section. I 

have correlated the physically measurable quantities to the free energy 

of a superconductting body. This is driven by the belief that any 

external macroscopic measurement of the physical property at phase 

transtion is a thermodynamic one. and the physical quantity measured can 

bee x pre sse d by the f r e e en erg y 0 r its de r i vat i v e . Th e m 0 s t s t r a i g h t 

forward and accurate measurements are those involving a discontinuity in 

the thermodynamical quant'ity at transition. In this section. various 

superconducitng properties measurements are described in light of the 

thermodynamical variables. 

a. Inductive transition temperature measurement. The principle of 

the measurecent is based on equation 33c. the second derivative of free 

energy with respect to applied magnetic fijeld is discontinuous at the 

transition. This discontinuity is represented by xI/flo. The 1l1agne t ic 

susceptibility of the normal state is close to zero (paramagnetism) and 

is close to -1 for the superconducting state (diamagnetism). The 

general experimental setup is that a small ripple field with strength of 

a few kG is applied to the sample with a slowly varying ter.:perature. 

The induction signal was then picked up by an inductive coil surroun~in£ 

the sample. The small strength of the magnetic field prevents the 

disturbance of the transition temperature and monitors tLe change in tte 

slo!) of the :.:-1: curve close to the transition teruperature in the absence 

of tLe Itagnetic field. 

then a sample consists of su~erconducting ~hases with aiffcrcnt 

transition tct:peratures. the inuuctive sigual will have a g,r:l.uual ri:;e 
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with decreasing temperature. Instead of a sharp rise for sampl~s that 

have only one phase with homogeneous Tc. Theoretically. this g.radual 

• rise of the inductive signal corresponds directly to the v6lume of the 

superconducting phase with varying Tc' lJowever. in the real situation, 

this correspondence also depends upon the geo~etry and shielding effect. 

as well as the volume fractions. It is not a simple function to decon-

volute and there is a lot of misinterpretation in the literature on the 

inductive measure~ent. This point will be discussed along with the • 
experimental observations for different superconductingphase geome-

tries in Chapters VI and VII. 

b. Specific Heat Measurement. Much of the understanding of super-

conductors has been derived froc measurements of their specific heat 

[10-12]. The principle of the specific heat measurel:1ent is based on 

equation 33a. In this measurement, joule heat is I:Ieasured directly by 

using a differential ther~o analy~er with respect to the change in 

temperature. At transition, there is a sudden jUI:lP on the specific 

heat: 

(34) 

This is known as Rutgers' formula. By I:Ieasuring the change in specific 

heat and the transition temperature, the slope of the critical field at 

Tc ca~ be obtained and vice versa. 

For a cody which consists of several Jifferer.t Tc sUl,ercoruluctors, 

the s~ecific beat l:1eas~rement can yielJ the infor~ation aoo~t t~c volu~c 



fraction of each phase. The limitation of the method is much less than 

the inductive measuiecent, since there are no cocplex magnetic flux 

ll!ovex;-,ent and geometry restrictions. The specific heat for each dif-

feren t phase is simply addi t ive regardless of the geometry. However, 

the quantitative information is still difficult to obtain due to the 

high requirement of sensitivity and deconvolution of data. 

c. Resistivity Measurement. The principle of the resistivity mea-

sureu:ent is simple: the resistivity is finite at normal state and zero 

at superconducting state. This property, however, is not straight 

forward in free energy consideration because it is a high order deriva­

tive of free energy as discussed in the previous section. The measure­

went is done by either passing a current and observing the voltage drop 

in a condition that all other extensive variables are kept constant or 

observing the voltage dro~ of a very small current while changing 

teLl per at u r e . Th e I!l a j 0 r d iff i cuI t y 0 f t his III e a sur e c e I:. tis t hat, ill a 

Type II superconductor, the current transfer anc flux flow-incuced 

voltage is quite different for different field strengths, superconuuc­

ting phase geoliletry, IlnG expericental setup [13-14]. These points will 

be discussed in the following chapters. 
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III. THEORY OF FLUX PINNING 

Many prop.rti~s ~f superconductors are sensitive to changes in the 

microstructUre bf these materials but none are quite as se~sitive as the 

critical current density J c ' Increases in J c of two or three order of 

magnitude are possible as a result of thermocechanical treatments in 

ductile superconductors and refinement of grain size in brittle oate­

rials. 

Th e con n e c t ion bet wee nth e m i c r 0 s t r u c t u rea n d J cis t h r 0 ugh the 

immobilization of the flux line lattice (FLL) by lattice defects. a 

phenomenon known as flux pinning. This phenomenon was first recognized 

by Livingston and Schadler in 1964 [1]. They found that flux pinning is 

responsible for·the exi'stence of J c and irreversible magnetization. It 

can be regarded as the heart and soul of most applications of supercon­

ductivity. In tunnel junction applications. however. pinning is det­

ricental. In this chapter. the theory of flux pinning is reviewed. with 

special attention given to applications of knowled&e to high-field. high 

current superconductors. 

A. IRREVERSIBLE PROPEP.TIES OF TYPE II SUPERCONDUCTOr-S. 

For a Type I superconductor. the critical current is found empiri­

cally to be the current which just produces the critical field at the 

surface of the superconductor. which is known as the Silsbee hypothesis 

[2]. The critical currents of Type II superconductors below IIc! satisfy 

the Silsbee hypothesis. but above lic! they are much lower than woulci be 

expected by inserting Dc2 to the Silsbee rule. and the variation with an 

applied field can be quite cowplicated. 
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Flux lines in the mixed state of Type II superconductor experience 

a Lorentz force, FL when a current flows in the superconductor, and can 

be described by: 

FL = JxB (301) 

where ~ is the current density and B is the flux density or magnetic 

field induction. Unless otherwise prevented, the flux lines will move 

in the direction of this force and, in so doing, induce an electric 

field, E = V x B, where V is the velocity of flux lines. 

The J c is usually defined as .the current density which just 

produces a detectable voltage across the specimen (e.g. lllv/cm), and is 

therefore that current which first causes the flux line to flow. If 

there is no hindrance to the motion of flux linoes, then the J c above Hc 

is zero and the superconductor is reversible. It is possible to pin 

flux lines and prevent them from moving by interaction with microstruc­

tural features of the material, and a pinning force, Fp is exerted on 

the flux lines that opposes FL. The J c is then determined by the magni­

tude of the pinning force: 

(302) 

When flux is pinned, it is reluctant to enter the specimen in an 

increasing field, and when the flux does penetrate, it does so slowly 

and penetration is not complete until the applied field is equal to Hc . 

On reducing the field, the flux is reluctant to leave the specimen and 

there is remanent flux when the external field is zero. Reversal of the 
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field causes the speciruen to describe a cOtlplete lUagnetizatiol~ hyste­

resis loop. The area of the loop is greater the stronger the flux 

pinning, and may be related to the critical current density of the 

material directly. Figure 1II-1(a) shows the schematic !!-H curves for 

the sace material with different levels of flux pinning. The corre­

spond ing J c (ID charac teri st ics are shown in Fig. III-1(b). 

Pinning is due to crystal lattice defects, such as dislocations, 

impurities, precipitates, voids, dislocation cell walls and grain boun­

daries. Strohg pinning materials are cetallursically dirty a~d, by 

analogy with mechanically strong or magnetically hard materials, ir-

reversible superconductors are called hard superconductors. The criti-

cal current is not a property of a particular cocposition but of:a 

particular sample of superconductor and is strongly influenced by the 

sam pie's met all u r g i c a I his tor y • Jus t a s for :r. e c ha n i cal s t r eng t t , its 

value cannot be predicte~ with any accuracy. 

The cOClplexity can be illustrated by appealing to the analogous 

problem of Clechanical strengthening by a hard particle dispersion in a 

ductile metal. The corresponding problem there is to co~pute the nUClber 

of particles contacted by a dislocation line. For weak particles the 

answer depends both on the strength of the particle and on the rigidity 

of the dislocation line. As in the dispersion-strengthening exacple, we 

need to know the nUClber of pins that fully contribute their fp to Fb and 

the flux pinning answer will also depend on both tlle strength of the 

elementary interaction, fp' and on the rigidity of the FLL. Unlike the 

dislocation case, however, the 'rigidity' is strongly dependent upon 

temperature and magnetic field as is the elementary force f p' 
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Many e~pirical expressions have been proposed to describe the 

relation between Fp and D. A milestone in the phenocenolo&y of flux 

pin n i n g was the pap e r b y Fie t zan u \\' ebb [3]. For a n u m b e r 0 f ~;b - bas e d 

alloys that had been heavily cold worked. they found the pinnini; force 

density appeared to obey a scaling law of the for~ 

0.3) 

where f(h) is a function only of the reduced magnetic field h = li/H c2 . 

Fro m e qua t i on 3. i t c an b e s e en t hat at 1 e a s t for t he s e ma t e ria Is. one 

could measure Fp and thus f(h) at one temperature. and then immediately 

be able to predict Fp at other temperatures simply by scaling the 

res u Its [n c 2 (T») 2.5. 

B. THEORIES OF FLUX PINNI1JG. 

1. Specific pinning forces. Any theory of flux pinning consists of 

two parts. the local interaction between one flux line and one pinning 

center. anG the sumLlat ion of this local force over the ent ire latt ice. 

These two factors are not necessarily independent and further complica-

tions are introduced by their dependence upon the type of pinning center 

and the possibility of their changing with the field. temperature. scale 

of the microstructure. and the presence of ~ore than one tJ~e of pinning 

center in any given sacple. Experiments carried out on model systems. 

such as pure niobium (4). niobiutl alloys [3] and precipitations in 

vanadium (5). may give results that are not uirectly applicable to the 

high K caterials of practical interest (6). 
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Flux lines interact with pinning centers because the superconduct-

ing properties of the latter differ froc those of the bulk of the 

superconductor. The strength of the interaction is related to the 

magnitude of this difference. 

Three types of pinning interaction can be r~cognized: elastic, 

core, and magnetic [7], since the core of a fluxoid is characterized by 

a different atomic volume. from that of the superconducting matrix 

-, 
(-10 ), a fluxoid behaves like an elastic inclusion and gives rise to 

a permanent elastic stress field. This stress field, in turn, interacts 

with the dilation associat~d with lattice defects (first-order interac-

tion) [8-111. Furthermore, since the fluxoid core and matrix are 

characterized by dissimilar elastic moduli, the fluxoid behaves like an 

elastic inr.oClogeneity and displays an induced stress field that also 

interacts with the defects (second-order interaction) [10-141. 

According to linear elasticity theory, these two interactions can De 

analyzed independently [15-17]. rue first-order interaction is bel ieveo 

to predominate over the second-order interaction. 

The core interaction results froti} a local change in the supercon-

ducting condensation energy at the pinning center. The normal core of 

the flux line represents a volume, 7T~2 per unit length, of energy per 

unit VOIUtle -1/21.l0Hc2. If the pinning center is a normal particle or 

void of diameters a > ~, then the pinning force is [20]: 

(3.4) 

* SuperconductinG transition is a first-or~er one in the presence of il. 
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Campbell and Evetts [6] considered that at higb fields, the avail-

able con<iensation energy goes down as (1-b), where b is the induced 

• field divided by the llc2' Also, the length of the interacting flux line 

cont inuously decreases froI:l a to 0 as the flux line moves away fror.l a 

diameter of a defect, and the pinning force becomes: 

(3.5) 

If the diameter a < ~, then 

f =.!." H21~1(1-b) (3.6) 
I' 2 r-(l ( e 

wllere V is the volume of the center. However, because of the sDlal1 

size, the center must be considered as being capable of producing only a 

sl:lall fluctuation in the superconducting properties. Expressing this 

fluctuation in the Ginzburg-Landau free e~ergy [6] it is founQ: 

1 , BHc2 V ( ). f = -fJ. H"--- I-b 
I' 2"'Hc2e 

(3.7) 

An identical result is found if the center itself represents a 

small change in superconuucting properties, for exaI:lple, as would be 

producec oy a change in K due to a local variation in normal-state 

resistivity. Substituting for lic in terms and "c2' gives for the 

pinninr; forc\.: 



1 2 ~K V 
f = lJ -H 2- -(I-b) 

" '-0 4 c K3 ~ 
(3.8a) 

for small (a < ~) centers, and 

(3.8b) 

for spherical centers (a > - ~), and 

(J.8e) 

for large centers. 

If the center is lar~er ttan the inter-flux-line spacing d ( = 1.07 

~0/B)1/2), where <Pi) is a magnetic quantu1:l, then the center will 

contain a volume of the flux-line lattice, and it is necessary to con-

sider magnet ic and int er-flux-l ine interac t ions in addit ion to the core 

interaction. By considering the Gibbs function in r.1ixed state and the 

variation of the order parameter, the pinning force per unit length of 

flux line for a normal center or void is [21,22]: 

(3.9) 

Tbe magnetic interaction occurs when the pinning center is even 

larger, large enoubh that its dimensions exceec tie superconJucting 

penetration depth, A.. This distance is the range over which the 
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induction can vary appreciably, and only in a region of diI:Jensions »)., 

can an equilibrium induction be es~ablished. If the pinning center is a 

normal precipitate, the pinning force is derived by Campbell et a1. 

[23] : 

0.10) 

If the pinning center is a region that can be characterized as 

having a value of f( slightly different from that of the main body of 

the superconductor, the pinnin& force is obtained oy differentiating 

equation 10 with respect to [24] : 

0.11) 

This function goes to zero and changes sign at II = 1/2 IIc2' leading to a 

minimum in the pinning force versus the £ curve. This means that flux 

prefers to be in high- K re&ions at low fields and in the lo'VI- K 

regions at high fields. 

2. SUE:l:ation of specific pinning forces. The secon~ step toward 

the understanding of materials behavior and the verificatiou of t~e 

theory is to decide how these individual forces are to be surunled over 

tile whole FLL. It is rio s t s t rig h t for war u to s i 141 ply au JaIl 0 f the 

inwividual interactions. Th i s ru e tho Cas s u r.J cst hat t 1> e f 1 u xli n e sac t 
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individually and ignores any inter-flux-line forces. The alternative 

approach, due to Labusch [25], is to assume that the priltary forces 

produce local elastic distortions of the FLL. The flux lines undergo 

limited displacement and cannot take up positioIls of zr.inimum energy. 

The total pinning force is related to the dissipation of the stored 

~ 

energy in the lattice, and is proportional to nvfp IC, where nv is the 

density of pinning sites per unit volume and C is some appropriate 

lattice elastic constant. In practice, all traces of simplicity are 

lost in this summation step. Kramer [26] studied the summation curves 

for voids and dislocation loops in irradiated superconductors, and found 

that these curves fall between the t~o extremes of the direct-summation 

and the statistical theory of Labusch [25]. The current status of the 

theory, its limitations, and the uncertainty about the values of the 

elastic constants are discussed by Kramer [26-28J. 

Much of the experimental evidence on samples with strong flux 

pinning supports the direct sum~ation approach [29]. The total pinning 

force per unit volume for point pins, describe~ by equations 4-8, is 

given by 

0.12) 

If the average distance between pinning sites, L, is greater than the 

inter-flux-line spacin& d, then all pins are occupied by flux lines and 

nv - 1/L3. If L < d, then not all pins intercept the flux lines at any 

one t i l:I e, and nv - B I (L X cp 0) • For 1 a r l:; e pin s, des c rib cd bye qua t ion s 

9-11, the interaction occurs at the interfncc between pins and ~atrix, 



(3.13) 

where Sv is the surface area per unit volume perpendicular to the direc­

tion of motion of the flux lines. 

Another significant advancement of the theory of flux pinning was 

suggested by Kracer [30]. He has shown that the ultimate pinning force 

that can be exerted must correspond to the shear strength of the FLL. 

As the Lorentz force becomes equal to the lattice shear strengtn, 

reg i on s 0 f the F LL t hat are 1 e s sst ron g 1 y p i nne d will s he a r pas t m or e 

strongly pinned regions. The lattice shear strength, at high fields, is 

proportional to h 1 / 2 (1 - h)2, going to zero at Hc2 (h=l>, as depicted 

schemat ically in Fig. 111-2. At lower fields, flux motioc occurs pri­

uarily by unpinning of line pins. As the pinning strength increases, 

the peak in Fp = Ic B should occur at lower fields. Such a trend, found 

for many materials is not universal. If the pinning sites are isotro-

pic, it is not easy to undersiand why, on the average, anyone region of 

the FLL should be less strongly pinned than any other, though statisti­

cal fluctuations could become appreciable over sufficiently small 

There would appear to be no single universal theory of flux pin­

ning. The theory appropriate to a particular material will depend upon 

the microstructure, i.e., the nature of the flux-pinning center, its 

size, and its distribution. However, the present theory does rroviJe 

guidelines to inter~ret t~e behavior of materials and to cievelop ~e'ho~s 

to enhance their current-carrying capacity. 
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C. PINNHJG MEClIANISr; OF FLUX LINES BY GRAIN BOUNDARIES. 

The critical current in brittle A15. Type II superconductors. which 

is the main interest of this study. has frequently been found propor­

tional to the inverse of the mean grain size [31-39]. Until recently. 

pinning by grain boundaries and dislocation cell walls was poorly unuer­

stood principally because the mechanism for fp was uncertain. For 

example, there are at least three possible interaction mechanisllIs be­

tween a grain boundary and the FLL. These are: 

(1). The interaction between grain boundary strain fields and the 

stress field of the FLL [40]. 

(2). The interact ion between the gra in boundary and tLe FLL due to 

the anisotropy of the upper critical field uc2 (crystalline anisotropic 

interactioc) • 

(3), The interaction between the grain boundary and the FLL uue to 

the electron scattering froc the boucdary (electron scattering 

int erac t iOIl) . 

The stress field interaction bas recently bcen shown to vanish for 

high-angle grain boundaries [11. The Illagnitude of the crystal aniso­

tropy contribution can be estimated from Equation 7. Since the magni­

tude of the Dc2 anisotropy is decreased as the icpurity content of the 

materials is increased [41]. one expects the anisotropy interaction to 

dccrease with the impurity parameter c = 0.88~0/L where 1 is the elec~ 

tron mean free path. 

The experimental tests of these ideas have been aided significantly 

by the developl:lcnt of teci~lliG.ues to tleasure flux pinning frolf, siIigle 

gr.in Doulld&ries ill bi-crystals. thus elioinatin~ the su~cation vro~lel:l. 
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The elegant work of Das Gupta et a1. [4] on niobiutl bi-crystals used the 

fa c t t hat f p for any p I a n a r de f e c tis s t ron g 1 y d c c rea sed VI hen the F LL 

makes a small angle to the plane of defcct. By measuring the anisotropy 

of Fp with respect to the magnctic inouction. they were able to isolate 

the specific pinning force from sing~e. sy~metric. high-angle tilt 

boundar ie s. Such boundaries should have negligible stress and anisotro-

py interactions. The results gave the specific pinning force on the 

% 
order of 100N/m • rather strong pinning. which cust be attributed to the 

electron-scattering mechanism. 

The electron-scattering mechanism by the grain boundary was first 

mentioned by Van Gurp [32] who suggested that at the boundary and the 

region of adjacent material. will have a shorter electron mean free 

path. and its value of will be higher than that of the grain 

int er ior. It might be thought that the width of the grain boundary. -3 

atomic spacings or 10 angstron;s. woulti be too small in cOlliparisoll with 

the coherence length ~ (1 - 40 angstroms in A15 I:laterials) to have any 

effect. However. the effect of scattering from a grain bounuary will 

persist over a distance in the order of nor~al electron ~ean free path 

froI: the boundary. The cost important theoretical advance has been a 

paper by Zerweck [42] in which he developed the model for the electron 

scattering from the grain boundary. A similar. but m~c;fied model. was 

developed later by Yatter[43] and Kraoer [28]. The assumptions of their 

treatment are as follows: 

(1). Electrons are scattered with a probability. p. by the bounciry. 

[or randoc high anele grain boundaries. P is close to 1 [44]. 



( 2 ). Us i n g. t his f act. the e I e c t ron t:t e a n f r e epa t his COm put e Ii a t 

va-rious points from the grain boundary using a sinlple geon.;etrical aver-

ag ing mode 1. 

(3). Assuming a local relation between the Ginzburg-Landau parame-

ter. K . and 1. the increase in K is computed at various posi-

tions from the boundary. For high purity n;aterials. the increase in 

K is sllull but extends far from theboundry. whereas for lower 

purity materials. the K change is larg~ and core localized. 

At high magnetic induction. b. the resulting fp is estimated [43] 

to be: 

0.14) 

where gl is the shortest reciprocal lattic~ vector of the FLL and 

f:l K ( g 1 ) / K. ( g 1) i s the 0 n e - d i c; ens ion a I F 0 uri e r t r a r. s f 0 rll; 0 f the 

relative change in as a function of distance from the graiL 

boundary. It was found that fp is a strong function of a. the icpurity 

par ace t e r. in cr e a sin g rap i d I y a t Iowa. Th e Z e r we c k mod e I pre d i c t s a 

caxicum at a-I. and a subsequently slow decrease for higher a's. while 

the revised version of Yatter and Kracer model puts the lllaximuc at a 

much higher than a = Ie. 

The physical insight into why the electron scattering mechanism is 

not an important pinning effect for point or line pins can be un~erstood 

as follows: 

The decrease in I occurs primarily from tLe truncatior. by the plane 

of a spnerical region witr. a radius equal to 1. Since point or liue 

pins do not cast appreciaole 'shauows', they lio Dot perturb either I or 
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KAPPA locally. and thus do not give rise to an appreciable e1ectron-

scattering interaction. 

The structure of a dislocation cell wall prolluced by severe plastic 

deformation and followed by interJ:lediate annealinl; of metals anti alloys 

usually consists of a very high density of dislocations. Its electron­

scattering properties. therefore. should not be D:uch different froll; a 

high-angle grain bou~dary. The idea from the Zerweck model tha~ an 

isolated dislocation should produce a negligible local change in K 
may well account for the earlier observations that only sn:all increases 

in flux pinning were produced by plastic defor~ation until plastic 

strains at which the c~ll wall structure begins to form is exceeded. or 

followed by annealing processes where the cell walls are polygonized 

[45.46] . 

An 0 the r in·, p 0 r tan t pre d i c t ion 0 f t his If, ci del is t hat e 'i u ili'o r i u I:l 

1:10nolayer segregation of solute atoa;s to the boundary shoula proJuce 

1 itt 1 e i fan y c han g e i n f p . Th i sis b e c au s e. i f t 11 esc a t t e r in b pro b -

ability. p. is already close to 1. adding solute aton;s to the plane of 

t 11 e b 0 u n Ii a r y can dol itt 1 e toe n han c e i t. Yet t e. r [ 4 3 J. i n e x r e rio: e n t s 

where he allowed Pd or Tl to diffuse down the boundaries in the columnar 

grain structure of a Pd-Ei film. has confin.ed this prediction in that 

appreciable changes in the fp occur only when solute atoms have time to 

diffuse a distance approximately ~ from the bounuary. 

As shown by Abrikosov [47]. the factor < qr / 1 tV 12 ) decre~ses 

linearly to zero wLen the J:lean flux density approaches Ec2 . Thus. it is 

expected that the elementary pinning force is independent of the applied 

field for low aud mediu~ fields. anJ decreases linearly to zero near ttc 

U iJ i.' c r c r i tic a 1 fie 1 d. COL) i> in i n g the res U 1 t S 0 fDa s G u P t;: eta 1. [4 ) 
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with the magnetization data of Finnemore et a1. [48], it has been shown 

[42] that Fp indeed is approximately constant for inuuctions ~o H < D.2T 

and decreases for higher fields. Th us. the dec rea s e 0 f f p wit h 

increasing applied field in Fig. 111-2 can be alternatively described. 

The importance of the boundary structure within a high-angle boun-

daries not yet been quantitatively assessed. but it would seem likely 

that special boundaries such as high-coincidence site boundaries (e.g. 

twin boundaries) would scatter electrons less strongly and have a smal-

ler fp since the good fit at such boundaries would reduce the density of 

defects in the boundary. In support of such a role. a comparison of a 

niobium bicrystal boundary. which is nearly a symmetric twin orien-

tation. with a symmetric random high-angle boundary (with negligible 

crystal anisotropy contribution) reveals that the inferred fp fro~ the 

twin is about half that of the random boundary: 

Given these discussions. it see~s likely that the electron-scatter-

ing mechanism in alloy superconductors is the most important grain 

boundary and cell-waIl-pinning mechanism. Since A15 co~pounds are often 

in the clean lin:it. the Ec2 anisotropy cay playa n::ore important role 

there [491. From the evidence in niobium. it would appear descirble to 

atter.lpt to produce 'dirty' A15 cocpounl.is (without reducing Tc and ric' 

riot only would this increase fp for the grain boundary. but it would 

also increase F at high fields bv increasing IT ~. P J c~ 
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IV. JmTALLURGY OF AlS CONlUCTORS 

A. I~TP.ODUCTION. 

A large number of A15 intermetallic compounds are superconducting 

[1], but only a few (listed in Table IV.!) having critical temperature 

above -15K and critical field above 20 tesla are of practical interest. 

Also, in the present context a superconductor is practical only if it 

can be fabricated in long continuous, flexible lengths with a multifi-

lamentary geometry. Because all A15 compounds are brittle, the prepara-

tion of useful conductors requires special techniques. The'crystal 

structure of the A15 phase is shown in Fig. IV-I. 

Due to the inherent brittle nature of these compounds, the "winci-

ana-react" method is the most practical way of producing magnets. In 

this method, the conductor is first wound into a coil and then conv~rted 

to A15 phase by heat treatment of the entire coil. A favorable configu-

ration of the conductor will be in a multifilamentary geometry (whet~er 

it has continuous or discontinuous filarJents). This will control the 

diffusion reaction to yield the maximum attainable A15 volume and mini-

mize the grain size. Another advantage of multifilamentary geometry is 

that the superconducting A15 phase can be more easily stablized ~y 

copper against flux jumps and quenches. 

llistorically, ~unzIer et a1. [2] made the first successful attetJpt 

in 1961 to construct a magnet using an A15 material. They packed a 

mixture of Nb and Sn pO'-Iders in a Nb tube and then mechanically elon-

bated .the tube, coiled jt into a l:1agnet anll heat treatcu it to pro~uce 

N b 3 S n . An ext ens ion 0 f t his tee h n i que waS t 0 use fin e t!b f i I a f.l e II t s 



coated with Sn [3,41. The severe limitations of Kunzler's' approach are 

the low overall critical current density and l~ck of,st~bil~ty. 

A large number of processing methods for A15 conductors has been 

reported. However, the most significant advance in the technology is 

the successful development of a method for fabricating Nb 3Sn [5,6] and 

V3Ga [7] conductors which relies on the fact that these A15 compounds 

can be forme9 at the interface of Nb(V) and Cu-Sn(Ga) bronze at elevated 

temperatures. This processing method is generally known as the "bronze 

process". In this chapter the thermodynamic stability of A15 compounds 

is discussed and various processing methods are reviewed, with special 

attention to the metallurgical principles of the bronze process and 

direct precipitation process. Current status of processes and their 

advantages and disadvantages as compared with the conventional bronze 

process are discussed. 

B. STABILITY OF AI5 COMPOUNDS. 

Of the many known superconducting AIS compounds~ only two, V3Ga and 

Nb 3Sn have as yet been developed as commercial conductors. Three binary 

compounds, Nb 3Al, Nb 3 Ga, and Nb 3 Ge, and one ternary compound, Nb 3 (AI, 

Ge), have higher values of Tc and Hc2 than do Nb 3 Sn and V3 Ga (See Table 

IV-I) but none of these has yet been successfully developed into a 

com mer cia 1 con d u c tor. Th ere a son for t his fail u rei s t hat the 1 a t t e r 

compounds have not be produced either by reacting solid Nb with the' 

appropriate liquid or by a solid state diffusion between Nb and an 

appropria te bronze. 
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In the Nb-Sn and V-Ga binary system the A15 compounds are the only 

stable ones above 930 and 1300 0 C [8], respectively. The Nb-Sn binary 

phase diagram is shown in Fig. IV-2. This high temperature thermody­

namic stability permits direct compound formation by heat treatment of 

elemental diffusion couples. For example, reaction of Sn-dipped Nb tape 

above 930 0 C results in Nb 3 Sn formation at the Nb-Sn interface. Sn­

coated Nb heat treated at temperatures less than 930°C produces a spec­

trum of interfac ial compounds, including Nb 3 Sn, Nb 6 Sn5' and NbSn2 [9], 

as demanded by thermodynamic law. Heat tre.atment of V-Ga couples bel.ow 

13000 C produces V3 Ga2 and VGa2 [10]. The presence of these undesirable 

compo~nds restricts A15 compound formation (the A15.layer will be very 

irregular) by consuming the available Sn or Ga, thereby degrading the 

superconducting properties. Furthermore, the requirement of a high 

temperature heat treatment inhibits control of the microstructure in­

cluding, for example, grain size and long range order parameters. Thus, 

control over structure-sensitive superconducting properties such as cri­

tical current density is also inhibited. 

The reason why stoichiometric, high-Tc Nb 3Al, Nb 3 Ga and Nb 3 Ge are 

not formed by direct reaction between constituent elements is related to 

their relative stability compared with competing compounds in the res­

pective phase systems. In each case, one or more solute-rich compound 

is more stable, having higher melting point and is therefore inherently 

preferred. The stability of A15 type phases has been reviewed by 

Harsough [11]. The competing phases are b.c.c. and a phases [12,13]. 

The stability of the A15 phase is found empirically to be influenced by 

several factors: (1) the atomic size ratio, (2) e/a ratio, (3) density 

of state near the Fermi surface N(o), and (4) thermodynamic factors. It 
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is suggested that the A15 type A3B compounds is favored when the radius 

of the B atom is within 8% of the A radius and the range in e/a (total 

electrons/atom outside a closed shell) is about 4.0 to 7.0, as compared 

with whichever b.c,c. occurs in the range of 3.5 to 6.5 and (15.6 to 7.7 

e/a [13], It also appears that an A15 phase is favored at compositions 

which maximize N(O)' 

Stability of competing phases as temperature increases is deter­

mined by the balance between enthalpy and entropy. A15 phase is marked 

by its closed-packed crystal structure and high degree of order (14), 

therefore the entropy is low. Structures with high entropy, such as 

b.c.c. and (1, are favored over AIS at high temperatures. However, AIS 

phases with the highest bond strength (enthalpy) are stable enough to 

melt congruently. 

The ability or inability of the bronze process to produce sing1e­

phase A15 compounds can only be understood by reference to the relevant 

Nb-Cu-X ternary phase diagram. Formation of phases by diffusion between 

elements or other phases is governed by thermodynamic considerations. 

In mul t ic omponen t sys tem s, d iffus ion follows the two-phase tie-lines 

[15]. Except when two-phase interfacial energy becomes very low, then a 

two phase mixture will result [161. Of the phases that can form, in a 

ternary diffusion couple, the ones most likely to form are those with 

the highest relative thermodynamic stability [16]. This tends to ensure 

that the more stable phases are most likely to be encountered on the 

diffusion path. 

Three types of phase diagrams appropriate to the formation of 

superconducting A15 compounds by the bronze process may be recognized 

[17] as following. 
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(1) Those in which the A15 phase is the relevant stable phase. 

other than the terminal Nb(V) and Cu-based solid solutions. Fig. IV-3 

is an estimate of the 700 0 C section of Cu-Sn-Nb isotherm deduced from 

the 11000 C section reported by Hopkins et al. [18]. This diagram shows 

that the diffusion path from the Cu-Sn solid solution to the" Nb terminal 

element passes through the A15 Nb 3 Sn phase field. The V-Cu-Ga phase 

diagram should be similar to that of Nb-Cu-Sn [19] and V3Ga is formed 

with the same readiness as Nb 3Sn. 

(2) Those in which the most stable phase is one in the Nb(V)-X 

binary. with a leaner content of Nb(V) than the A15 phase. There is no 

direct tie-line to the A15 phase from the Cu solid solution phase field. 

and the A15 may not lie on the direct tie-line route from the most 

stable phase to the Nb solid solution. An example of this type is the 

Nb-Ge-Cu diagram. an estimated section of which is shown in Fig. IV-4a. 

There are. in fact. two stable phases: NbSGe3 and Nb3Ge2' Two possible 

diffusion paths are indicated. depending upon the initial concentration 

of bronze. In both cases the resultant reacted layer is found to be 

(3) In the t h i r d t yp e 0 f s y s t em. the m 0 s t s tab 1 e ph a s e i san e w • 

ternary phase that bears no relation to. and whose existence cannot be 

predicted from the constituent binary systems. The example here is Nb-

I 

AI-Cu [20]. An estimated 10000 C isothermal section is shown in Figure 

IV-5. Two ternary compounds CHI phase and a Laves phase Nb(AlxCu1_x)2 

[16]. block the diffusion path between Cu-AI bronze and the Nb-Al solid 

solution. Which one of these actually forms will depe~d on the starting 

bronze composition. 
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The forthgoing explains why Nb3Ge and Nb 3Al cannot be formed by the 

bronze process. The Nb 3Ga ternary diagram has not been investigated. 

but it is probably of a type intermediate between (a) and (c) [17]. An 

attempt to form Nb 3 (Al.Ge) by diffusion between pure Nb and Cu(A1.Ge) 

ternary bronzes produced only Nb3Ge2 [16]. 

The isothermal section of V-Cu-Si system is estimated by Livingston 

[21] and is depicted in Figure IV-4b. It was found that V3Si and VSSi3 

are normally observed in bronze diffusion couples heat treated at 

-7000 C. After initial compound formation by an appropriate heat treat­

ment. Livingston diluted Si in the bronze by cladding the samples with 

pure Cu. The resulting alloy was thus depleted in Si content and 

reduced the thermodynamic activity of Si accordingly. This has an. 

effect of reducing the volume fraction of the S:3 phase while increasing 

the layer thickness of the 3:1 A15 phase. This approach to AIS compound 

formation should also work in some other systems. In the Nb-Cu-Ga 

system. this attempt was found to be futil~ because the kinetic factors 

inhibited layer growth when the Ga concentration of the bronze was 

lowered [221-

In summary. it appears that the six high-Tc AIS compounds can be 

listed according to decreasing stability as Nb 3Sn. V3Ga. V3Si. Nb 3Al. 

Nb 3 Ga and Nb 3 Ge. Generally. the first three compounds can easily be 

made at the stoichiometric composition by arc melting and aging reac­

tion. These three compounds are formed via the bronze diffusion method. 

V3Si forming with an additional compound VSSi3 0 

Compound instability is reflected in Nb 3Al by the equilibrium 

composition being off the 3:1 stoichiometry. toward Nb-rich compositions 

for all temperatures below -17S0 0 C. In order to prepare high-Tc 
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stoichiometric Nb 3AI, anneals at high temperature are required in combi­

nation with rapid quenching and ordering heat treatments. Nb 3AI does 

not form when solid state bronze technique is employed. Fabricating 

conductors of Nb3AI has been limited to powder, thin foil, and physical 

vapor deposition techniques (PVD) [23]26]. Although reasonably good Tc 

and lc values have been obtained, filament integrity has always been 

inferior to Nb3 Sn and V3Ga produced by the bronze process. 

High-Tc Nb 3 Ga can only be prepared by PVD or rapid quenching. It 

is virtually impossible to make bulk samples of high-Tc 021K} Nb3 Ge by 

a combination of melting and quenching. Nb 3 Ge is metastable at the 

stoichiometric composition and has only been produced with Tcs greater 

than 21K by chemical or physical vapor deposition under stringent expe­

rimental conditions [27-291. CVD and PVD techniques offer promising 

means to produce these materials in tape form, such as that used in AC 

superconducting power transmission. Considerably more technical deve­

lopment is required to adapt them to the fabrication of multifilamentary 

wires, although single strands of a W-1 wlo Th02 wire have been succes­

sfully coated with Nb 3Ge using CVD [30]. 

C. ADVANTAGES AND DISADVANTAGES OF VARIOUS FABRICATION TECHNIQUES FOR 

CONTINUOUS FILAMENT CONDUCTORS. 

The most important advance in high-field superconductor technology 

is the discovery of the 'bronze-process' [5-7]. This process has been 

developed extensively in the past decade for Nb 3Sn and V3Ga multifila­

mentary conductors. Conductors in great length (several kilometers) 

with high current-carrying capacity and good stability, as required for 
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large magnet productions. are now available commercially. However, this 

processing technique is not without disadvantages. 

Various modifications or processes based on different metallurgical 

principles have been sought extensively. These processes have both 

advantages and disadvantages with respect to the bronze process. The 

new processing technology is becoming extensive and important. It is my 

purpose to point out the important fabrication techniques and discuss 

their advantages and disadvantages. However. it should be noted that 

some of the points discussed here are not fully understood and their 
i . 

roles in being advantageous or disadvantageous could change with more 

study. In this section. the fabri~tion methods for continuous filament 

conductors are discussed. 

1. Conventional (Internal) Bronze Process. The process of this 

method is depicted schematically in Figure IV-6a. after Suenaga et a1. 

[31]. The deformation procedure starting from the initial billet of 

more than 20 cm diameter to a wire of less than 1mm diameter. with 

filament diameters of the order of several ~m. is a treated sequence of· 

two steps. i.e .• extrusion and wire drawing. The extrusion temperature 

is determined by the Cu-Sn phase diagram and is restricted to values 

around 6500 C. Further reduction of the extruded billets occurs by wire 

drawing at room temperature. Due to the rapid work-hardening of the 

bronze matrix. an annealing treatment at 450 to 5500 C for 20 minutes to 

an hour is required for every 50 to SO,*, reduction of area. This leads 

to more than 10 intermediate annealings for a large billet. 

The resultant composites are usually twisted in order to increase 

their electromagnetic stability and reduce the energy losses in time-

varying magnetic fields [32]. For the production of high field magnets. 



the conductor is first wound into a coil and then the Nb 3 Sn phase is 

introduced by a diffusion reaction at the interface between the Nb 

filaments and the bronze matrix. 

The advantages of the 'internal bronze' process can be stated as 

follows: (a) Nb filaments can be made with uniform size and continuous 

in a great length. thus eliminating or minimizing the current transfer 

through a resistive matrix. (b) The filament size and overall cross­

sectional geometry can be varied without too much effort to optimize the 

properties of conductors for the particular application. (c) The use of 

Ta as a barrier for Sn diffusion to the Cu stabilizer from the bronze 

matrix. so that the high-conductivity Cu is adjacent to superconductors 

[33]. Also. instead of Ta for the diffusion barrier [34] it is possible 

to use Nb foils that are locally doped with P. (d) The 'wind-and-react' 

technique to fabricate high-field magnets is relatively easier to 

achieve for this self-stabilized conductor. Further. the heat treatment 

temperature (700 0 to 750 0 C) and time {in the order of a few days) are 

compatible with other steel components in the solenoid and the whole 

structure can reach equilibrium during heat treatment. 

Two main disadvantages can be recognized for the internal bronze 

process. The first is the requirement for frequent intermediate anneal­

ing between deformation. This means that the processing procedure has 

to be interrupted and cannot form a continuous production. which not 

only increases the production cost but also makes quality control diffi­

cult. e.g .• the pre-reaction Nb 3 Sn [35] and the 'sausaging' effect of 

the Nb filaments [36]. The other disadvantage is concerning the bronze 

matrix. The tin concentration is restricted to below 13.5 wt.% in the 

bronze matrix due to the solubility limit of Cu. The consequence of the 
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composition restriction is two-fold: the percentage volume and micro­

structures of the AlS compound. The volume of AIS compound is restric­

ted because the bronze to niobium ratio has to be close to or greater 

than 3 in order to have enough tin in the matrix to convert most or all 

of the Nb to superconducting phase. The effect of bronze composition on 

the microstructures of AlS is discussed in more detail in Chapters VI 

and VII. It can be mentioned that during diffusion reaction the tin 

composition in the matrix continuously decreases. This influences the 

nucleation of Nb 3.Sn phase. which causes the change of morphology. and 

changes the composition ofAlS near the bronze interface. It can demon­

strated that if the bronze composition can be kept invariant. a more 

desirable microstructure will result. 

Another point worth mentioning is that. as noted in Section III. 3. 

some selected ternary additions to the AlS phase should enhance its 

inherent properties. Therefore. it is generally desirable to dope the 

matrix and/or Nb filament with a small amount of third elements. The 

minor disadvantage associated with the 'internal bronze' method is that 

the processing will become more difficult with third element additions. 

2. The External Bronze Process. The first modification. the exter­

nal bronze process. was introduced by Suenaga and Sampson [37] soon 

after the discovery of the original bronze prOcess following a sugges­

tion to increase thickness of the layer in the bronze processed V3Ga by 

Ga-plating the wire. This process is schematically depicted in Figure 

IV-6b. First. the Cu-Nb composite was extruded, bundled. and drawn to 

the final size. Then the wire was plated with a layer of tin before 

diffusion treatment to make a Cu-Sn matrix and then Nb3Sn layers. 
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The main advantage of this process over the original one is that a 

Nb-Cu composite can be drawn to a small size without any intermediate 

annealing steps to remove work hardening of the matrix. Another advan­

tage is that the overall tin concentration is not limited to -13 wt.% as 

is that of the internal bronze process. Thus, changes in the phase 

boundary condition between the Nb 3Sn and bronze matrix interface and the 

inherent superconducting properties can be enhanced. Also,the matrix 

to Nb ratio is not restricted to -3:1, therefore. the volume ratio of 

superconductor to normal can be increased. The other less significant 

advantage is that some ternary elements can be more readily added to the 

Sn layer without changing the process. 

In this process, however, new problems have been encountered in the 

tin-plating process and subsequent heat treatment to diffuse the Sn into 

the Cu matrix to form a Cu-Sn solid solution and Nb 3 Sn layers. The 

primary difficulty is delamination of the outer layer of the wire [38] 

when the plated Sn layer is greater than -SJ.lm [39]. Thus. the maximum 

wire size was limited to -0.2Smm in diameter. This problem is though to 

be caused by the volume expansion and the Kirkenda1 voids. Cogan et a1. 

[40] suggested that an annealing step at -SOO to 7S0 oC of the Cu-Nb 

composite before plating and heat treatment can largely suppress the 

formation of voids. It is believed this step eliminates heterogeneous 

nucleation sites for voids. Klein et a1. [41] studied the effect of 

hydrostatic pressure during the reaction the treatment on the void 

formation. They found that above a critical pressure. the formation of 

the void can be suppressed. However, these processes cannot signifi­

cantly increase the size of the wire without introducing the delamina­

tion problem or other difficulties such as beading of tin. 
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Other disadvantages associated with this process are: the A15 

layers are less homogeneous radially in properties, and it cannot be 

used with the Ta-diffusion barrier and the Cu stabilizer at the outside 

po r t ion 0 f a w ire. Howe v e r , ins 0 met yp e s 0 f mag net des i g n, the s e 

limitations may not be the major problems since wires for stabilization 

can be braided in the cable with the superconducting wires, and an 

optimum heat treatment can be found by microstructural study. 

3 The Internal Tin Bronze Process. In 1974, a new modification to 

the bronze process was reported by Hashimoto et a1. [42].. This process 

consists of assembling Cu-clad Nb-bars and a Cu-clad (Sn-20 wlo Cu) 

alloy rod in a Cu tubing such that the Cu-Sn rod will be at the center. 

the assembly is then cold drawn to final size for heat treatment to form 

the Nb 3 Sn layer (See Fig. IV-7a). It was shown later that Sn-2 wlo Cu 

core can also be used for this purpose [43]. As in the case of the 

external bronze process, the main advantage of this process is the 

elimination of the intermediate annealing process and thus allowing the 

fabrication process to be continuous. However, unlike the external 

bronze process, the Ta diffusion barrier and the high-conductivity Cu 

stabilizer can be placed outside of the wire. Therefore, the conductor 

can be self-stabilized. Also, the 'wind-and-react' method can be uti-

lized without contamination or loss of tin. As far as the microstruc-

ture is concerned, this process is very attractive because it permits 

high overall tin concentration of the matrix and the Nb/matrix ratio can 
-' 

be raised so as to increase the volume fraction of the A15 phase. 

Recently, short samples of the process have been reacted and tested 

[44]. It is found that not only the overall critical current density of 

the 'internal-tin bronze' is higher than that of the 'internal bronze', 
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but also the J c of the original niobium area is higher, particularly in 

the lower field «l4T) range. The microstructural source of this impro­

vement is discussed in section C.l. 

The main disadvantages associated with this process can be recog­

nized: the inhomogenity of the AlS phase microstructures that depend on 

the location of the filament. Even though by a low temperature homo­

genization process, tin c~n be distributed in the copper matrix prior to 

the A15 phase formation heat_~reatment. Due to the solubility limit of 

tin in copper, a continuous supply of tin from the central reservoir is 

required. This is also because the initial copper to Nb ratio is desir­

able to keep as small as possible. The diffusion length of tin from the 

reservoir to the outer region is much large than that of the local 

matrix to the nearby Nb. Therefore, there exists an optimum configura­

tion and heat treatment procedure to yield a most homogeneous AlS micro­

structure and a maximum volume of AlS phase. 

Another problem with the tin core is that during extrusion and pre­

heat treatment, it is necessary to avoid its melting. This means that 

the extrusion has to be done in a highly controlled fashion and a long, 

low temperature «2000 C) has to apply before reaction for the diffusion 

of tin into the copper matrix to form higher melting point intermetallic 

compounds before the pre-reaction temperature can be raised. Therefore, 

it is obvious that the processing is much more complicated and the 

optimization of the process is a difficult task. It has been known for 

sometimes that the strain in the Nb 3Sn phase drastically decreases its 

superconducting properties. The 'degree of strain associated with the 

A15 layer should be much higher than the conventional bronze wire due to 

the much different thermal expansion of the constituent phases and the 
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multiple diffusion process. For example. the Kirkendal void will be 

much several. All these problems with the process do pose a very 

interesting and complicated metallurgical task and an intensive study of 

this subject is desirable both technologically and sCientifically. 

4. The Internal (Bronze and Tin) Tubing Process. In 1975. two simi­

lar modifications to the 'bronze process' were proposed [45.46], Both 

of these empJoy Nb tubing instead of rods. The schematic represen­

tations of the process is depicted in Figures 7b and 7c. The difference 

in these two processes is that the internal bronze~Nb tubing [46] method 

uses a Cu-Sn solid solution while the internal Sn-Nb tubing utilizes a 

Sn-Cu eutectic alloy. Except for the geometrical difference. these two 

processes are closely analogous to the comparison of the internal bronze 

process and internal tin-bronze process. The common advantage in these 

former processes over the latter processes is that the Nb tube acts as a 

diffusion barrier for Sn. thus. the Ta diffusion barrier is not re­

quired. Furthermore. all of the Nb 3Sn phases will be very close to the 

. copper stabilizer. while it is not always so for the other processes. 

The drawbacks of these processes are that in the internal bronze Nb 

tubing method. frequent annealing is still needed while in the internal 

Sn-Nb tubing process. the extrusion and pre-heat treatment condition is 

stringent to avoid the melting of Sn-Cu eutectic alloy. Another problem 

in the fabrication is that the use of tubing increases cost. In the 

microstructural point of view. the filament size is limited to a much 

larger diameter. thus the advantage of fine-filament largely disappears. 

It also turned out that a large radial tensile strain exists due to the 

contraction of the bronze at the core area [47.48]. 
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5. The ECN Powder Method. Recently. a new modification of wires 

containing Nb 3 Sn following the powder method has been reported by a 

group in the Netherlands and is known as the ECN powder method [49-51]. 

In this method. NbSn2 powder is encapsulated into niobium rods followed 

by bundling of rods into a copper tube and then deformed to the final 

size. A small amount of copper powder is added to the NbSn2 powder to 

promote the Nb 3 Sn pha se forma t ion. Thi s ca ta lyt ic copper p lays an 

important role to ensure a low temperature reaction «7000 C) is suffi­

cient for;the major diffusion laye;. which is fine-grained Nb 3 Sn in­

stead of non-superconducting Nb 6SnS phase. The schematic processing is 

shown in Fig. IV-8{a). 

The main advantage over the other modification methods is that this 

method does not rely on the diffusion interface between a eu-Sn soliso­

lution and Nb. Thus eliminating a large volume of resistant matrix and 

increases the volume of Nb 3Sn. Very high J c has been reported [SOl. and 

this should be partly due to the fact that the Nb 3 Sn phase is free to 

relax without the diffusional strain induced by the matrix. Other 

advantages associated with the tubing process in fabrication and stabi­

lization are preserved <Section IV.C.3)' 

While enjoying the above advantages. the similar advantages that 

are encountered in the tubing process are also presented. There is one 

important point that remains to be understood--the strain associated in 

the Nb 3 Sn layer. It can be speculated that the Nb 3 Sn layer in this 

process is in a near zero strain. It follows that any applied strain 

will decrease its current carrying capacity. In all kinds of bronze· 

processes. a reactional compressive strain is always present. By a 

compensating tensile strain. the J c will increase. This will not be the 
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case for the present process. Then a· degradation 'of J c will always 

occur in the manufacture of magnets. 

6. The Modified-JellrRoll (MJR) Method. The MJR method reported in 

the Applied Superconductivity Conference late last year is avery 

attractive modification of the original bronze process [52-54]. 

In this process, an already finely divided foaminous Nb fold mesh 

is ~nterleaved with a ten-bronze foil and spirally wrapped in jelly-roll 

fashion to to produce a cylindrical billet which would be reduced in 

several steps to final size without rebundling. A schematic process is 

given in Fig. IV-8(bL The elimination of the rebundling process dras­

tically reduces fabrication cost and represents ~he major advantage over 

the original internal bronze process. The disadvantage of this process 

is that a significant fraction of Nb 3 Sn phase formed in a cross-linked 

fashion, which does not contribute to the transport current-carrying 

capacity. However. they do help in current transfer and against flux 

jumping. Also, the main disadvantages of the internal bronze process 

are still present (See section IV.C.l). 

Another modification of the MJR method is to replace the Sn-bronze 

foil by pure copper, and the jelly roll is wrapped around a tin core 

[52]. This modification removes the intermediate annealing and the 

restriction on the limitation of Sn concentration in bronze. However, 

similar disadvantages shared with the 'internal tin' bronze process are 

encountered (See Section IV.C.3.>. 
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D. A15 SUPERCONDUCTING WIRES PRODUCED BY DISCO~~INUOUS FILAMENT. 

Another promising route to fabricate high-field A15 superconducting 

wires, besides the continuous filament methods discussed in the last 

section, is by discontinuous fiber methods. The discontinuous fiber 

methods briefly described in this section include the in-situ method (or 

known as the Tsuei's method), powder metallurgy. the infiltration 

method. and the controlled precipitation process. All of these proces­

seshave a general advantage of being less costly in fabrication as 

compared with the continuous filament methods. However, since the 

filaments are discontinuous. a current-transfer induced voltage through 

the resistive matrix might be a drawn back in the manufacture of high­

fie ld magne t s. 

1. The 'in-situ' Method. In 1973, Tsuei [55] first realized that 

the dendritic Nb in an arc-melted Cu-rich Cu-Nb(or V) ingot could be de­

formed to fine fibers by drawing the ingot into a fine wire (Fig. IV-9). 

The metallurgical principle in the process is that Nb(V) and Cu are 

immiserible when cooled from melt. A composite of dendritic Nb(V) 

embedded in a copper matrix is ductile and can be deformed with a great 

area reduction without intermediate annealing. Tin (or gallium) can be 

added in the initial melt or added afterwards before the heat treatment 

to form Nb 3 Sn or V3Ga. As shown schematically in Fig. IV-7. an inter­

esting aspect of this processing method is that the mechanical proper­

ties (yield strain and the strain tolerances of the wire) of this compo­

site are greatly enhanced over the conventional multifilamentary Nb 3Sn 

or V3 Ga wires due to the close proximity of finely divided «1000 A) 

filaments. The processing technique is also favorable for yielding 
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Nb 3 Sn and V3Ga with better J c ' due to the elimination of the phase 

boundary between A15 and the bronze interface (Sn or Ga is very fast to 

consume) and very fine fiber. The reported J c has a higher high-field 

property ()14T) than that of the bronze-processed wire. The main disad­

vantage of the process is that the radial inhomogenity of the A15 phase 

(Le. depends upon the loca t ion of A15 from the Sn or Ga sourc e). 

Another problem with this process is that the wind-and-react method for 

the production of magnets is difficult due to the short aging time and 

lack of stabilizing copper, and the final wire diameter generally is 

restricted to below small size «0.5mm). 

Recently. two new modifications have been proposed: the comb ina-

tion of MJR method [56] and the internal tin bronze method [57] with the 

in-situ process. These new modifications are mainly to overcome the 

size limitation of the external-tin diffused in-situ wire. Also. the 

conductor can now be self-stabilized. Preliminary studies showed that 

these mQdifications have promising results [56.57]. 

2. Powder Metallurgy. Powder processed Cu-Nb composites have been 

developed with ultrafine fiber multifilamentary geometries [58] incorpo­

rating external tin diffusion [59]. a single internal tin core or multi­

ple tin cores [60,61]. The first attempts to obtain multifilamentary 

composite wires by powder metallurgy (P/M) were undertaken in 1973 by 

Wessermann [59] who recognized that the required fine distribution of Nb 

and Cu could also be produced by mixing fine Cu and Nb powders together. 

followed by compacting and hot extrusion and finally. wire drawing to a 

fine wire which is then Sn coated and reacted. Non-equilibrium Nb-Al. 

which cannot be fabricated by the bronze-route, can also be produced by 

P/M [62.63]. The advantages are similar to that of the in-situ process. 
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including high strain tolerances and better critical current at high 

.... fiel4s. The other advantage is that this process permits fabrication of 

~uperconducting materials with microgeometries not possible by the 

bronze route. 

The disadvantages associated with this process are also similar to 

that of the in-situ process. In the case of Nb-A1 P/M, the other inter­

metallic compounds also formed during reaction [62]. To minimize the 

undesirable compounds formation, higher temperature and shorter time 

reaction is required, which is not compatible with the wind-and-react 

technique. 

3. Infiltration Process. The infiltration process has been reviewed 

in great detail and in a very descriptive text by Pickus, Ho1thuis and 

Rosen [64]. The idea of using a partially compacted, porous Nb rod 

infiltrated by tin was initially applied to the preparation of tapes 

[65]. In this process, Nb powders in the size range -40 to 60~m are 

isostatically compacted into rods,· followed by partially sintered at 

-22500 C in vacuum. The volume fraction of voids is controlled, typical­

ly 15 to 2~, leaving an interconnected porous network in the Nb matrix. 

The rod is immersed in liquid tin at 350 to 4000 C. removed and sheathed 

with monel and Ta diffusion burner. The rod is then reduced to the 

final dimension. Areal reductions of 4000 are possible without crack­

ing. indicative of the great ductility of the selected Nb powders. A 

final heat treatment above 930 0 C produces the Nb 3Sn. 

This method showed an exceptional high J c at high fields but lower 

Ic at lower fields «12T) as compared with the bronze-route wires. 

Total consumption of tin in porous brings the Nb 3Sn into contact, and a 

stoichiometric composition can be obtained. However. due to high 
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temperature reaction and the other intermetallic compounds formed before 

they eventually transformed into AIS. the grain size of Al5 is large. 

The resultant Ic,characteristics caused by these two effects can be 

recognized. Good strain-tolerances are also found (same as the in-situ.· 

process). 

The difficulties of the method are that the scale-up of production 

is more complicated and the heat treatment schedule is not compatible 

with the "wind-and-react" technique. Hot extrusion will not be suit­

able because the tin in the Nb matrix will melt and expand. Also. the 

volume fraction of the superconducting phase will be difficult to in-

crease. 

4. Controlled Precipitation Process. In some binary phase diagrams 

the stoichiometric composition A3B exists at high tempera.ture in the 

form of body-centered-cubic (BCC). which can be preserved at room tempe­

rature if the alloy is rapidly quenched. If the as-quenched solid 

solution is ductile enough. it can be fabricated into wires or tapes by 

conventional technology. Aging would then transform the metastable 

materials into the AIS phase. This process has been used with limited 

success for the V-Ga [66] system. but is of marginal interest since 

several alternative methods have been developed for this system. How­

ever. this approach is promising for systems such as Nb-Al. Another 

technique consists in quenching an off-stoichiometric metastable solid 

solution (A3+x Bl - x) and to rely on precipitation after deformation to 

generate a multifilamentary composite. This method has been carried out 

on the V-Ga system [67]. Alloys of V-17 to 19 at.% Ga were arc-melted. 

homogenized. quenched. deformed at 7500 C and aged to precipitate the A15 

phase. A max imum Tc of 14.8,K was measured after aging at 750 0 C. 
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This method has several drawbacks as far as high critical current 

is concerned: connectivity is not complete, volume fraction is 10'W and 

there is no thermodynamic reason to ensure stoichiometric composition. 

However, this techniques is a metallurgically simple method, Le .• the 

AIS formed from Bee matrix is in an unconstrained state. Therefore, it 

is a good system for studying the nucleation and growth mechanism as 

well as the crystallographic orientation relationship between the AIS 

and Bee matrix [68]. 
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Table 1. A15 compounds with promising superconducting properties. 

Material 

15.4 34.9 23.6 

16.9 34.0 23.0 

Nb 3Sn 18.3 29 .. 6 26."0 

\ -----------------------------------------------------------------------
19.1 32.7 29.5 

Nb 3Ga 20.3 34.1 33.0 

20.7 44.5 41.0 

23.0 38.0 37.0 

NB - 48% Ti 9.5 14.1 12.2 

Bee Alloy) 
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v. EXPEJUJlENTAL PKOCFJ)URE 

A. MATERIALS PREPARATION AND HEAT TREATMENr 

1. Direct Precipitated V3Ga and Nb~.A1. The direct precipitation 

process has been developed by Pan et al. [1] in 1975 for the V-Ga system 

and subsequently studied by Hong et al. [2]. This method was also 

extended for the Nb-Al system [3]. In this process. the elements that 

form the A3B AIS compound are arc me 1 ted in a proport ion tha t perm its 

the formation of an A-rich homogeneous solid solution at elevated tempe­

ratures. The homogenized solution is quenched to a low temperature at a 

c~oling rate sufficiently rapid to prevent the formation of the AIS 

phase and then rolled at intermediate temperature into a tape. After 

deformation. the material is aged at an intermediate temperature to 

precipitate the A15 phase. 

In this study, the V-IS.S at.~ Ga samples were deformed at 7000 C to 

90% areal reduction. Several V-18at.% Ga samples were re-solution 

treated to compare the effect of deformation. The Nb-18 at~Al samples 

were deformed at 750°C to 99% areal reduction. 

The aging treatment was done at 700 and 750 0 C for V-Ga and Nb-Al 

samples. respectively. The aging temperatures were chosen such that 

these samples yield the best current carrying capacity among others. 

For both V-Ga and Nb-Al samples. the aging treatments were carried out 

by wrapping the samples in Ta foil bags and sealed in evacuated quartz 

tubes that were back-filled with argon. The purpose of wrapping the 

samples in the Ta foil was to prevent contamination from the reaction 

between the sample and quartz tube. 
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2. Conventional Bronze-Processed Nb~Sn Multifilamentary Wire. The 

wire used in this study was manufactured by Airco Snperconductors. It 

was a composite wire. 0.7mm in diameter. that contained an active core 

approximately 0.14mm2 in cross-sectional area. An etched section of the 

multifilamentary core is shown in Figure V-I. the core held 2869 niobium 

filaments grouped into sets of 19. The individual filaments were 3 to 5 

microns in diameter. They were embedded in a Cu-13 wt.% Sn bronze 

matrix to give an overall bronze to niobium ratio of 3:1. The cores was 

wrapped with a tantalum foil diffusion barrier ~pproximateli 30 microns 

thick. For thermal and electric stabilization the wrapped core was 

encased in a pure copper shell. 0.15mm in thickness~ which accounted for 

roughly two-thirds of the wire cross-section. 

Samples of the wire were heat treated after encapsulation in sealed 

qua r t z tub est hat we reb a c k - fill e d wit h a r g on. The y we r ere act e d at 

temperatures in the range 650 to 8000 C for various periods of time. The 

maximum reaction time at each temperature was that ~hich was necessary 

to achieve an essentially complete conversion of the niobium filaments 

3. Bronze-Processed Multifilamentary NbISn Wires with Magnesium 

Addition to the Bronze. The multifilamentary wires used in this re-

search were manufactured in the Materials and Molecular Research Divi-

"-sion (MMRD) of the Lawrence Berkeley Laboratory from pur~ starting 

materials. They differed in composition of the bronze (Table V-I) which 

was varied to measure the influence of Mg at two Sn levels. ,The initial 

bronze ingots were melted in quartz tubes under argon atmosphere and 

cas tin tor 0 d s . Th e rod s w ere do ubi y s wag e dan d hom 0 g en i zed and w ere 

then machined into 10mm outer diameter and bored to form tubes of Smm 
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inner diameter. Pure Nb rods were inserted into the tubes and the 

composite was drawn into wire. The monofilament wires were bundled into 

groups of seven, enclosed in a tube of the same bronze composition, and 

redrawn. The seven-filament wires were then rebundled into groups of 

nineteen (133 filaments) ins ide bronze tub e s of identic a 1 compo s it ion 

and drawn to a final size of 0.5mm in diameter. During the drawing 

process, the wires were annealed at 4500 C for approximately 40 minutes 

after each 50 to 80% reduction in area to anneal out the work-hardening 

of the bronze matrix. The annealing temperature and time were deter­

mined by the transition temperature measurement (no Nb 3Sn phase formed) 

and the workability. By this process, it is possible to fabricate 

multifilamentary wires without hydrostatic extrusion for small amounts 

of laboratory scale research purposes. 

Sample cross-sections of two finished and partially reacted wires 

are shown in Figure V-2. The filaments are reasonably uniform, although 

tho sen ear the per i ph e r y 0 f the w ire are not ice a b 1 y f 1 at ten e d. S Tn a 11 

differences in the drawing properties of the wires due to the difference 

in composition of the bronze matrix caused the filament size to vary 

from wire to wire. However, for a particular wire the filament size was 

uniform within 1~ along the length of the wire. The compositions and 

characteristcs of the wires are listed in Table I, where the composition 

of the bronze matrix is given in atomic percent (the balance is copper), 

D is the effective diameter of the filaments (determined from the cross­

sectional area of the filament) and R is the volumetric ratio of the 

bronze to the Niobium. 

After manufacture, the wires were sectioned into segments approxi­

mately 10cm in length and heat treated in sealed quartz tubes under 
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argon to form the A15 phase. The heat treatment temperatures were 650. 

700. 730. 750 and 7S0oC and were chosen to bracket the optimum reaction 

temperature of the Mg-free wire [4.5]. The heat treatment times were a 

few hours to twenty days. The progress of the reaction during heat 

treatment was monitored by sectioning the wire~ after selected reaction 

times. taking scanning electron micrographs and measuring the area of 

the reacted layer with an image processing microcomputer. The consis-

tency of measurements taken from serial sections confirmed that the 

reaction was uniform along the wire length. 

B. MATERIALS CHARACTERIZATION. 

The important materials' parameters include the overall extent of 

the reaction and the physical and chemical state of the superconducting 

phase formed. The methods of materials characterization to determ ine 

these parameters are the same for all the materials under investigation 

of this study. 

1. Opt ical and Scanning Electron Microscopy. The extent of the 

reaction was determined by optical and scanning electron microscopic 

examination of etched surface of the heat-treated samples. For the 

direct precipitated V-Ga and Nb-Al samples. the A15 phase can be distin-

guished from the BCC matrix by the distinct appearance of the different 

etching behavior. Figure V-3 shows micrographs for V-15.6at.% Ga. 75'lO 

deformed. and aged at 700 0 C for 24 hours. It is clear that the V3 Ga 

phase formed along deformation textures. Due to this inhomogeneous 

nucleation and growth. an accurate determination of the volume percent 

is difficult in practice. Notice that in Figure V-3b. the A15 phase 



region is a depression instead of an extrusion, this may be due to the 

etching acid attacks at the A1S-BCC interface which is much faster than 

the phases themselves, and the A1S grains left the sample surface during 

cleaning. 

For the bronze-processed wires, the Nb 3Sn layer is easily distin­

gu i shed from both the bronze ma tr ix and the unre ac ted Nb core by its 

intergranular brittle appearance in the broken wire sections and by its 

distinct etching behavior. Figure V-2 shows an example of the etching 

behavior of the laboratory scale mulfifilamentary wire and Figure V-4 is 

a scanning electron micrograph of a polished and etched section of the 

Airco wire. 

The scanning electron microscopy also is useful to reveal the 

apparent grain size of the bronze-processed wires. The procedure of 

this experiment is to file or etch a small notch in the center of a 

small piece of wire and fracture it in liquid nitrogen to prevent plas­

tic deformation, followed by dipping the fracture tip into acid to 

remove the bronze matrix. To enhance the contrast of the micrographs 

and minimize the build-up of charges on the surface, the specimens were 

sputtered with a few hundred Angstroms of gold. 

2. Transmission Electron Microscopy (TEltf). The physical and chemi­

cal state of the A1S phases were studied by transmission electron micro­

scopy (TEM) on the thin sections. For direct precipitated V-Ga and Nb­

AI, TEM specimens were prepared by mechanically grinding the as-deformed 

tape down to 4-5 mils, spark-cut into 3mm disks. heat treated at the 

desired condition, then followed by an ion-beam milling until perfe­

rated. Other thinning techniques are not suitable for preparation of 

foil due to the brittleness and preferential etching of the specimens 
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after aging. The same difficulties arise if the specimens were to be 

ground after heat treatment. The A1S grain size is typically less than 

1 or 2 microns. which is much smaller than the specimen thickness before 

heat. treatment (-100 microns). and the bulk behavior is believed to be 

preserved in TEM foils. 

For the bronze-processed wires. samples for transmission electron 

microscopy began as longitudinal sections cut from the wire to reveal 

the multifilamentary material. The samples were ground mechanically to 

approximately 40 microns in thickness and glued on a copper disk holder 

by epoxy. and then milled in an ion-beam miller unt il perfera ted. For 

the study of grain morphology and the chemical state of the A1S layer, 

at least two whole Nb 3 Sn layers have to be transparent to 100kV elec­

trons. Close to 100% successful rate of sample preparation was achieved 

(after one year of trial and error) by first ion-milled at 7kV. 1mAmp 

and 22 0 impinging angle until perferated, then lower the voltage to SkY, 

0.4mAmp and 12 0 for 6-8 hours. The first step thinning is to establish 

a thin foil without preferential sputtering, and the second step is to 

smooth the damaged surface and make a uniformly thin area. 

The TEM specimens were examined in a Siemens 102 and/or JEOL-100C 

electron microscope operated at 100kV. using a double tilt goniometer 

stage to achieve the desired diffraction conditions. The principal 

object of these examinations was to determine the A1S grain size. The 

grain size could be roughly estimated from scanning electron micrographs 

of the broken wire surfaces or the polished and etched cross-sections. 

However, since only some of the grain boundaries appear in the fracture 

surface, the transmission electron micrographs, at least 100 grains were 
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sampled for each datum point. Typically, the standard deviations of the 

measurement are within 10%. 

3. Convergent Beam Electron Diffraction. The convergen beam elec­

t ron d iff r act ion (C BED) w hi chi s cap a b 1 e 0 f for min gas mall e 1 e c t ron 

probe and obtaining a 3-dimensional k-space information [6] was employed 

to determine the crystallographic orientation of submicron-sized A1S 

structure V3Ga and Nb 3AI precipitates from supersaturated BCC solutions 

[7]. The t~jn foil specimens used in this study were the same samples 

for the TEM observations described above. The main facility was the 

JEOL 100C electron microscope capable of converging the electron beam to 

1000 Ang strom probe size. The Philips-400 electron microscope with a 

scanning transmission attachment that is capable of converging down to 

40 Angstroms was also used. The CBED technique was also used in deter­

mination of the misorientation between the fine grains (a few hundred 

Angstrom) of the bronze-processed wires. One hundred Angstrom probe of 

Philips 400 EM-operated at STEM mode was used in this study. 

4. The STEM/EDXS Analysis. The chemical state of the reacted A1S 

phase was studied with a scanning transmission electron microscope 

(STEM). The specimens employed were TEM foils prepared as described 

above. They were examined with a 100kV, 100 Angstrom diameter electron 

probe in a Philips 400 electron microscope equipped with an energy 

dispersive x-ray spectrometer (EDXS). The x-ray spectrum was analyzed 

quantitatively using a lEVEX 7000 microcomputer. A beryllium low­

background stage with a 300 tilting axis was used to minimize spurious 

e:rc ita t ions. For d irec t-prec ip ita ted V-Ga and Nb-AI samples, the spec­

trometer was set to 10keV and 20keV respectively. in order to use the 

more accurate k-lines excitations of the elements in question. For the 
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bronze-processed wires. the spectroc:eter was set at 40keV for the sane 

reason. Quantitative results were obtained by counting the integrate 

peak intensities after background stripping. Each peak intensities were 

then analyzed by using a standardless approximation method [3J to con­

vert into atomic composition which has a lO-20S"J maximuc: error in the 

absolute value. Residual niobium and in-hole configurations were exa-

mined to monitor the background shape and the peaks caused by inelastic 

scattering an~ spurious excitation. Non-unifornlity in the specimen 

thickness is a further possible source of error. The spectra taken in 

this study were from the regions of approximately the same thickness as 

monitored by the transparency of the electron beam. The experioental 

set-up and integrated count number were ke~t as nearly constant as 

possible to minimize systematic errors. 

S. The Electron tHcroprobe (~i;P) Analysis. The sat::ples for EI·:P 

analysis were the same as the optical uicroscopic specil:lens describeri 

above. The El.:P analysis has a spatia,l resolution in the order of one 

micron and is incapable of resolving fine AIS layers. However. EJ.iP has 

an advantage of high sensitivity for ~g in contrast to the low sensiti­

vity of EDXS. Therefore. E}';P was used to study the segregation of Ioig in 

the :,1 ;,1 RD w ire s • A com nl e r cia 1 f.l ark - Vel e c t ron I:l i c r 0 pro b e was use din 

this study equipped with three x-ray wavelength dispersive spectrometer. 

6. Scanning Auger r.!icroprobe (SA':,;) Analysis. For the deterl:lination 

of the chec:ical difference of the grain boundary to that of the bulk. 

scanning Auger microprobe (SA;':) analysis was employed for the bronze­

processed wires. A Physical Electronics Super SA~ was used in this 

study which is capable of for~ing a 1000 Ancstroc probe witt good signal 

to 11 0 i s era t i o. 0 per ate d at 7 k Van d u I t r a - h i g 11 va c u u &, con d i t ion. Th e 
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samples for the SAM Analysis were pre-etched out of the bronze matrix 

and mounted in the SA~j stage.·· Fracture was perforced right before the 

sample went into the high vacuu~ chacber to avoid contamination of the 

fracture surface. The difference in co~position between tbe grain 

boundaries and the bulk is then the difference of spectra before an~ 

after sputtering since the fracture surface contains intergranular grain 

boundaries. The cocposition is determined by measuring the peak to peak 

he iSh t 0 f e a c h e I e III e n t san d the irs ens i t i v i t Y fa c tor s • Qu ant ita t i v e 

results are riot very accurate because of drastic differences in the 

sensitivity (co~pared witll the EDXS and the E::P data). However, to 

study the location of the segregated !.is in the t~b3Sn layer, this is the 

only cethod at present. This is due to the shallow escapinh depth (-50 

Angstrom) of the Auger electrons. 

C. SUl'El:COl :DUCTlMi PROPEI~TI ES UEASUI!Ei,.EtIT. 

The superconducting properties that were deterc;ined included the 

transition temperatu~e f~om the normal to the superconducting state, Tc' 

the critical current characteristics, Ic(H), ano the upper critical 

field, "c2 at 4.2K. 

1. I nduc t i ve-Trans i t ion Te mpe ra ture ~.leasurement. The trans it ion 

temperature was measured inductively as described in section II-B. 

Sa;;lpl es for d irec t-prec ip i ta ted V-Ga and Ho-AI were irregular in shape 

but similar in voluoe since the inductive cetbod has the advantage ~hat 

it requires no electric contact with tte saoplc an~, thus, shapes of the 

sauple cuuld be irre&ular. Samples for bronze-processeri wires were bent 

into a rin~ s~ape before the heat treat~ent and were etche~ to ~ini~ize 

7 ·, 
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the shielding effect of the normal conductor. The onset and finish 

te~peratures of the superconducting transition were taken to be the 

temperatures that gave 10~o and 90% of the total inductive signal. res-

pectively. the temperatures of the specimen were measured by a cali-

brated germanium thermometer. 

2. Critical Current Characteristics Measurement. The critical cur-· 

rent characterisitics were measured by using a standard four-point probe 

technique on samples placed in transverse magnetic fields that ranged in 

intensity from 6 to 19.5 tesla. The reported value of the critical 

current is that which produced an 0.5 microvolt potential between 

voltage taps Snit) apart except for the measurement of HI.:m:> wire, which 

corresponded to 1 microvolt between taps of 5m~ apart. The sensitivity 

of the measurecent varies from field to field, as well as sample to 

sar;:ple. Typically, for the bronze-processed wires, the corresponding 

sensitivity at lOT is in the range of 5 x 10-
1J 

to 1 X 1C_
11 oh~-cm and 

_11 _11 
2 x 10 . to 1 x 10 ohm-co at 1ST (calculated for the cross-sectional 

area of the superconducting phase>. All of the critical current f.;ea-

sureoents were done at the Francis titter National i.Iagnet Laboratory, 

Cambridse, Massachusetts. 

The critical current density, JcOn, witLin the tested saIn1Jles was 

calculated fro~ the overall critical current by dividins Ic by the 

cross-sectional area. For samples of direct-precipitated V-Ga or h'b-AI 

tapes, the Jc(H) data reported here were divided by the overall cross-

sectional area of the tape. For t 11 e Air cow ire s , J c (IJ was Ii e t e r t; in e d 

l 
by the cross-sectional area of the non-copper area, 0.14rJlr. . The 1\"'D~ Sn 

" 
pi, as c c r 0 S s - sec t ion a I are a was use din de t e r 1.1 in in 3 the J c (l~) lor the 
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MMRD wires to eliminate the variation that arises from the differences 

in filament size and shape. 

3. The Upper Critical Field, Hc2 ' The upper critical field. Hc2 ' 

was 
1/% 1/4 

obtained by extrapolating J c H versus H to zero current [91. 

The extrapolating was done by a least square fit of straight line from 

data points obtained from 16 to 19.5 tesla. The value of Hc2 by this 

method is generally lower than that of direct measurement. However, i 

comparison between samples can be obtained. 



Table 1. Chemical composition of the bronze matrix and average 

filament diameter (D) and bronze to Nb ratio (R) of laboratory scale 

multifilamentary Nb 3Sn wires. 

Bronze matrix 

a t.%, bal. Cu 

6.7 Sn 

6.7 Sn + 0.1 Mg 

6.7 Sn + 0.2 Mg 

6.7 Sn + 0.35 Mg 

6.7 Sn + 0.62 Mg 

7.8 Sn 

7.8 Sn + 0.1 Mg 

average filament 

diameter D, 11m 

11.4 

13.4 

10.9 

10.7 

12.5 

8.3 

12.1 

bronze/Nb 

ratio, R 

14 

10 

15.3 

15.9 

12 

27 

12 
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VI. THE JUCROSTRUCTURES OF DIRECT-PRECIPITATED V3Ga AND Nb3AI 

A. I1-;TRODUeTIm~ 

A15 compounds. I ike all the other ordered intermeta11 ic compounds. 

are intrinsically brittle. Special processing techniques are required 

for the fabricat ion of these materials into useful conductors. Among 

the processing methods (described in Section IV-3) the direct-precipita­

tion process has the advantage of being a simple monolithic tecnique 

fro~ which the interpretation of its superconducting properties can be 

readily understood by the processing and ~icrostructures. 

The direct-precipitation process is simple to design in theory. and 

can be unGerstood v:itil reference to the V-Ga phase diagram [1-31. The 

V3 Ga phase has a range of stability fro~ 20 :It.';~ to 30 at.'!; Ga and is 

characterized by a congruent transformation from the Bee solid solution 

at 1300 0 e.25 at.':"J Ga. A Llonolithic process can be designed in whicr. a 

V-Ga ingot with its composition in the Bee + A15 phase region at lower 

tempera tures (be low the ordering temperature) is made homogeneous Eee 

solid solution by heat treatment at temperatures above the orriering 

tempera ture. If the ingot can be subsequently cooled at a rate suffi-

cient to suppress the forwation of the V3Ga ordered co::;pocnd. then a 

sup e r sat u rat e d sol ids 0 I uti 0 n can be::; a de. Til ere suI tan t sol uti 0 n is 

relatively ductile and amenable to process through wire drawing or 

extrusioD. After deforoation. the superconclucting phase can tben be 

introduced by an aging treatment for the precipitation of.the V3Gc 

~hase. This monolithic processing was first proposed by th~ prior wor~ 
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of Das et a1. [2] and extended by Pan et a1. [4] and Hong et a1. [3] in 

the V-Ga system. 

The same metallurgical principle can be applied to the Nb-AI 

system. Although the transformation of Nb 3AI phase is by a peritectic 

t ran s for mat ion the fro m BC C + Nb 2 A I two ph a s e fie I d [5] ins tea d 0 f a 

congruent transformation as that of the V3Ga, yet a range of composition 

can be found which lies in the two phase (A15 + BCC) region at lower 

temperatures but in the BCC solution at higher temperatures. Therefore, 

the same procedure can be applied to fabricate the Nb 3AI superconductor. 

This method was recognized by Webb et a1. [6,7] and Pan et a1. [8] and 

Hong et a1. [9]. 

While the processing method described above is simple and appealing 

in theory, its practical implementation faces substantial difficulties. 

In Hong's thesis [10], which is devoted to the processing method and its 

superconducting property, several problems were described: sample pre-

paration, quench cracking, brittleness, interstitial impurities; and 

non-stoichiometric starting ingot limitation. However, these problems 

are not intrinsic difficulties associated with this process, they can be 

largely overcome by modifications in materials and processing. It is my 

belief that there are at least several other more severe disadvantages 

which discourage the scale-up of this process for high-field applica­

tions. These difficulties are more intrinsic in nature and cannot be 

overcome by simple modification of processing. 

The first difficulty is the fast quenching rate which is required 

for suppressing the formation of the brittle A15 phase. Even though 

small ingots has been successfully fabricated in laboratory, in the real 

application, however, this required process is prohibitive. It is 
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desirable to fabricate a large quantity of superconductor with control­

lable properties. This requires that a large ingot should be cooled at 

a very high rate homogeneously. Current technology is incapable of 

handling such a large ingot at the temperature around 13000 C and quen­

ching it to room temperature without the problems of thermal stress and 

chemical segregation. This is a three fold problem of heat capacitance, 

thermal conductivity and thermal expansion. These parameters are all 

intrinsic materials properties and they can not be changed into more 

desirable values for the quenching process to be realized. 

The other difficulty associated with this process may be even more 

prohibitive. It is the inferior current carrying capacity compared to 

other processing techniques. This point will become more apparent in 

the following discussion of results of microstructural studies. The 

critical current of a superconducting body is known to be determined by 

volume of the superconducting phase and the critical current density, 

J c ' within it. The critical current density is a function of the trans­

verse magnetic field, H. The characteristic function, Jc(H), depends on 

the effective cross-sectional area of the superconducting phase and on 

its microstructural state. The most important microstructural parame­

ters are the composition and crystallographic order of the A15 crystal, 

the grain size, and the continuity. 

The main reasons of the inferior current-carrying capacity of the 

direct-precipitation process are two-fold: the grain size and chemical 

composition of the A15 crystals. The grain size of the direct-precipi­

tated A15 phase is approximately five times as large as that of a 

bronze-processed wire. This ratio is even larger as compared to a care­

fully processed powder or an in situ wire. The intrinsic problem here 
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is that the nucleation of the AlS occurs at a much slower rate than in 

the 0 the r pro c e sse s • Th ism i g h t bed u e tot h e fa c t t hat the in t e r fa c e 

of different phases are very effective nucleation sites for the AlS. 

e.g .• the Nb and bronze or Nb and Al interfaces. In the direct-precipi­

tation process. the nucleation sites are subgrain boundaries of the BCe 

phase which are much less effective. The grain size of the AlS phase is 

determined by the rate of nucleation. a smaller rate causes a larger 

grain size. The grain boundary is the primary flux pinning site for the 

AlS type superconductor.and a large grain size means a less strong 

pinning. and smaller critical current density. 

The other problem of the microstructural state of the precipitated 

AlS phase is its composition. At equilibrium. the A1S phase formed will 

have a composition corresponding to the phase boundary of Bee + AlS and 

AlS phase field. This composition is always lean in the B element of 

the A3B phase. An non-equilibrium composition will be shown later to 

exist. but the tendency is always toward off-stoichiometric composition. 

This effect further reduces the ability for the precipitation process to 

yield high-J c conductors. 

The other point that may also be an important influence in the 

current-carrying capacity of the direct-precipitated wire is a continui­

ty (or connectivity) problem. Thin films of Bee phase between AlS 

grains are generally lean in B element due to the out-diffusion into the 

adjacent AlS grains. Therefore. the thermodynamical stability of the 

Bee phase is greatly enhanced (the microstructural evidence is given in 

the following text). The existence of the resistive films between 

superconducting grains induces a voltage drop and local heating effect 

which reduces the stability of the conductor. 
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The disadvantages discussed above. namely. the quenching problem 

and the inferior micro-physical and chemical state of the A15 phase. are 

believed to be intrinsic in nature. that is. they cannot be overcome by 

modification of the process. These points lead me to propose that this 

method is not promising to produce a practical conductor. against pre-
.' 

vious workers' suggestion. 

Although the direct-precipitation process is not suitable for the 

fabrication of high-field conductors. this process employs a unique 

metallurgical principle which is different from all other processes. 

The AlS phase formed by this process is in a unconstrained state. Le •• 

precipitation from a supersaturated solution. All the other currently 

adopted processes rely on the formation of A15 phase at the interface of 

the other two phases. Therefore. the formation of the AlS phase is by a 

directional diffusion mechanism at some pre-determined spatial site. 

Because of this mechanism the A15 phases thus formed are constrained. 

Therefore the microstructural study of the direct-precipitated AlS 

phase will provide vital information concerning the nucleation and 

growth kinetics. the orientation relationship with the Bee matrix. the 

compositions and kinetic effect. the stability of AlS and Bee phase. and 

the correlation of the microstructure to superconducting properties. In 

fact. discussion of the disadvantages associated with this process in 

the present section are largely dependent upon the results of the micro-

structural analyses. These points were not recognized before this 

study. 

Research on the direct-precipitated V3Ga and Nb 3Al reported here is 

mainly focussed on microstructural study and correlation with the super-

conducting properties. Based on this obJective. V-15.6 at.e; Ga and 18 



at.% Ga and Nb-17.8 at.% Al compositions were selected. After homogeni-

za t ion. quench. and de forma t ion. the spec imens were given ag ing trea t-

ments at 700 0 C and 7S0 oC for various periods of time. The aging tem-

peratures were selected such that the highest J c was obtained. Although 

this project is not complete due to lack of interest in the less 

superior properties. several points of interest can be described in the 

following sections. 

B. SUPERCONDUCTING PROPERTIES 

Measurements of superconducting properties included inductive Tc " 

four-point probe J c under static transverse-magnetic field. and Hc2 

extrapolation from J 1/2H1/4 versus H method for V-lS.6 at.~ Ga and -18 c 

a t.% Ga and Nb-17.8 at.~ Al tape-shaped samples. 

1. The Transition Temperature Measurement. The results of the 

trans it ion tempera ture onset for the V-lS.6 a t.~ Ga and 18 a t.% Ga after 

homogenization followed by deformation at 700 0 C to 90% reduction in 

cross-sectional area. and aged at 700 0 C for various periods of time 

ranged from one to 300 hours are shown in Fig. VI-I. Those of precipi-

tated Nb-17.8 at.% Al samples aged at 7S0 oC are shown in Fig. VI-2. 

Also included in this figure are the results of the Nb-18.8 at.~ Al 

samples for comparison. The data show that the onset of the critical 

transition temperature generally increases with aging time. However. 

the characteristics of each composition is quite different. The data of 

V-lS.6 at.% Ga has a maximum Tc a.t 14K for samples aged for 4 days. then 

decreases with prolonged aging. While. the Tc of the V-18 at.~ Ga 

samples increases monotonically to ISK which is close to that of the 
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stoichiometric composition [1,2]. The data of Nb-17.8 at.% AI, samples 

showed a much less drastic change with respect to the aging time: ap-

proximately 2K difference with aging time changes from one to seven 

hundred hours. The data of Nb-18.8 at.% Al samples showed a similar 

trend and were about one degree Kelvin higher than that of the Nb-17.8 
,! 

at.% AI. However, the highest Tc onset is only about 15K, which is 

about 3K lower than that of the stoichiometric Nb 3Al [11]. 

2. The Upper Critical Field!!£l: The upper critical fields, Hc2 ' 

were estimated by extrapolating the critical current characteristic as 

suggested by Kramer [12]. Examples of the upper critical fields of 

precipitated V-Ga and Nb-Al are shown in Figs. VI-3 and VI-4, respec-

tively. Comparing the upper critical field data to the critical transi-

tion temperature (Figs. VI-1 and 2), it is found that they have a close 

correlation between them though not identical. Assuming that the preci-

pita ted crystallites have a range of composition, the inductive Tc 

measurement will tend to measure the properties of the most nearly 

stoichiometric (highest Tc) particles, provided these particles are 

larger than approximately twice the penetration depth, while the Hc2 

will reflect a composition closer to the mean. Hence, it is not sur-

prising that these characteristic property curves have slightly dif-

ferent shapes. 

3. Critical Current Characteristics. The variation of overall 

critical current with applied magnetic field was measured for a number 

of V-Ga and Nb-Al specimens. The overall critical current density, J c ' 

is obtained by dividing the Ic by the c'X'oss-sectional area of the tape 

shape specimen. The sensitivity of this measurement is not very high 

even though a l~V/cm criterion is used. which is approxin:ately in the 



order of 10-10 ohm-em range. Examples of the data are given in Figs. 

VI-5. 6 and 7 showing the variation of properties with heat treatment 

time for different composition. 

In the V-Ga case represented in Figs. VI-5 and 6. the current­

carrying properties improve over the whole range of fields studied as 

the heat treatment time is increased to 48 hours but deteriorate there­

after. In the Nb-Al case represented in Fig. VI-7. the low field pro­

perties improve for heat treatment time up to 12 hours and deteriorate 

thereafter. while the properties at the highest fields studied continue 

to improve. 

The correlation of the superconducting properties with the micro­

structure and microchemical state of the A15 phases will be discussed in 

the following sections. Particular attention is giving to understanding 

the critical current characteristic from the intrinsic properties of the 

A15 particles. 

C. RESULTS 

1. The Recovery of De forma t ion. Samples of V-15.6 a t.% Ga and 18 

at.% Ga BCC solution were deformed at 700 0 C to 90% reduction of thick-

ness. The microstructure of the as-deformed specimens consisted of a 

high density of dislocations as well as the prior-deformation grains. 

Fig. VI-8 shows a sample TEM microstructure of an as-deformed specimen. 

The dislocations are severely tangled. but there is no evidence of 

dynamic recovery. Also. there is no A15 precipitation found in the as­

deformed specimen, indicating both the quenching and deformation process 

are successful in suppressing the formation of A15 crystal. 
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During a~ing heat treatment at 7000 C, the dislocations annihilated 

and polygonized into dislocation walls and gradually reduced in density. 

Two sample TEM micrographs of the polygonized wall structures are shown 

in Figs. VI-9 and 10, of V-1S.6 at.% Ga sample aged at 700 0 C for 2 days. 

The density of dislocation is significantly reduced from that of the as­

deformed specimen. 

Figure VI-11 shows aTEM micrograph of V-18 a t.% Ga sample aged at 

7000 C for one day. The polygonized dislocation wall structure is also 

evident. 

The quenched Nb-17.8 at.% Al solid solution was deformed 99% and 

aged at 750 0 C. The as-deformed specimens show a high density of dislo­

cations. There is no evidence of djnamic recovery or the A1S phase. 

Fig. VI-12 shows a TEM micrograph of a sample aged at 7S0 0 C for 12 

hours. Notice that the recovery process has driven the dislocations to 

form bands of high dislocation density, but very little well-developed 

dislocation cells has occurred. This behavior, which is different from 

that of V-Ga samples, may be due to a higher density of dislocations 

and/or a slower polygonization process. 

2. The Microstructures of Precipitated V-lS.6 at.% Ga. The TEM 

study in this research is focussed on the physical state of the precipi­

tated AIS phase nucleation and growth of crystal, defects in the preci­

pitates, and its grain size. This section describes the result of 

microstructural study of the V-lS.6 at.% Ga after 90% deformation and 

aged at 700 0 C for various periods of time. 

Figure VI-13 shows a sample V3Ga precipitate at the intersections 

of prior-grain boundaries of a sample aged for one day. The nucleation 

of the precipitates is rather inhomogeneous, as a result. only a small 
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number of precipitates were found in the thin foil TEM samples. These 

precipitates generally were found at the grain boundaries. especially 

the intersection of grain boundaries as the one shown in the figure. It 

can also be observed that the growth of the precipitates follows some 

definite crystallographic orientation. In Fig. VI-13. the precipitate 

grew into different grains along different orientations which formed an 

interesting morphology. Du~ to the rather small nucleation sites of the 

grain boundaries. it is not surprising that the number of precipitates 

is small. 

For samples aged at 7000 C for 2 days. the morphology of A1S preci­

pitation is quite different from that of the samples aged for one day. 

The volume fraction of precipitates increases significantly. and can be 

found to nucleate and grow from dislocation walls also. This can be 

attributed to the fact that the kinetics of nucleation on dislocation 

walls is sufficiently high for 2 days aging for the precipitates to be 

observed. 

The difference of nucleation kinetics between the prior-grain boun­

daries and dislocation walls is one important reason for the large 

va ria t ion in g r a ins i z e 0 b s e r v e d . Th e g r a ins i z e 0 f pre c i p it ate s 

nucleated on the prior-deformation grain boundaries is larger than that 

of the dislocation walls; Also. the nucleation of A1S precipitates does 

not occur on all dislocation walls. Some of the dislocation wall sites 

are more favorable than others. Examples of this phenomenon can be 

demonstrated by referring to Figs. VI-9 and 10. The dislocation walls 

are very stable compared to the formation of AlS phase. This inhomo­

geneous nature of nucleation is quite common for all V-Ga samples. 

irrespective of the overall composition or aging time. 
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Another common phenomenon is that the nucleated V3Ga precipitates 

are generally free of defects in the grains' interior. Only some in­

grown dislocations were observed. An example of the in-grown disloca­

tion dipole is shown in Fig. VI-14 of a sample aged at 7000 e for 2 days. 

The insert of this figure shows the diffraction condition of the micro­

graph. The A1S grain in the center is near the (111) zone-axis and the 

Bee film to the left of the figure shows a strong reflection of [011] 

spots. The in-grown dislocation has been identified by a contrast 

analysis [13-1S] to be edge in character with Burgers vector of the type 

< 100> and 1 i e son a < 001 > d ire c t ion. Th is res u It i s con sis ten twit h 

that reported by Pande [16]. The A1S grains were elongated with aspect 

ratios between 2 to S. A film of Bee phase with a high density of 

dislocations usually exists between two adjacent A1S grains. 

Figures VI-IS and 16 show two typical TE1t! micrographs of samples 

aged for 69 hours. The elongation of the A1S grains and the Bee films 

between A1S grains are very distinct. Under a suitable diffraction 

condition, e.g., Fig. VI-IS, it can be seen that A1S grains are highly 

correlated crystallographic ally, even though they were separated physi­

cally. This is an indication that a definite crystallographic orien­

tation exists between the A1S grains and Bee matrix. 

For samples aged for 4.S days, similar features have been observed. 

Figs. VI-17 and 18 showed two micrographs of clustered A15 ~rains with 

Bee films between them. The grain size is noticeably larger than that 

of shorter aging times, while the aspect ratio remained similar. An 

example of the nucleation of V3Ga grains on a dislocation cell boundary 

is shown in Fig. VI-19, and the diffraction pattern of the A15 grain is 

given in the insert. It is clear that the two elongated A15 grains in 
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this figure lie on the dislocation cell wall, and that a film of Bee 

matrix is stable in between A15 grains. These kinds of micrographs 

established that the dislocation cell walls are the nucleation sites for 

the precipitation of A15 phase. 

Figure VI-20 is a TEM micrograph of a sample aged for 7 days and 

Figs. VI-21 and 22 show two micrographs of samples aged for 11.5 days. 

It can be seen that the general features are similar, but the average 

grain size increases with aging time. The cluster of AI5 grains in Fig. 

6.22 all have the same crystallographic orientation (see the inserted 

diffraction pattern) such that all the grains exhibit a similar con­

trast. Fig. VI-23 is a dark field micrograph taken from a diffraction 

maximum of the AI5 phase, and the Bee matrix is dark. Thickness con­

tours are very distinct in the AI5 ~rains. Also, the Bee films between 

AI5 grains can be seen to be very stable, even with this long aging time 

(11.5 days). 

3. The Microstructures of Precipitated V-IS at.% Ga After 90% 

Deformation. The precipitation and recovery process of V-IS at.% Ga 

after 90% reduction in cross-sectional area are very similar to that of 

V-15.6 at. ~ Gad i s c u sse din the pre v i 0 us sec t ion. Th era n g e 0 fag in g 

time for V-IS at.% Ga samples is between 3 hours to 2 days, instead of 1 

to 11.5 days aging time for 15.6 at.~ Ga samples. This is because the 

precipitation kinetics are much faster in the case of IS at.~ Ga (Fig. 

VI-6) . 

Figure VI-24 shows a sample TEM micrograph of samples aged at 7000 e 

for 6 hours. The corresponding diffraction pattern of the V3Ga precipi­

tates are shown in the insert. Even with such a short aging time, a 

large number of V3Ga precipitates are observed. The recovery process 
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causes dislocations to form bands of high dislocation density. and V3Ga 

phase nucleates and grows from thse bands. Therefore. an increase of 

the gallium content from 15.6 to 18 enhances the nucleation kinetics: a 

comparison can be made of the same nucleation ~ites for 6 hours and 48 

hours aging at 700oe. respectiveiy. The precipitated V3Ga grains are 

elongated as that of the V-15.6 at.% Ga sample. 

Figure VI-25 shows a typical TEM micrograph of a sample ~ged at 

7000 e for 12 hours. The elongated shape of the V3Ga grains is evident. 

Also. even though the A15 precipitates have a closely correlated crystal 

orientation (the insert of the figure>. coalescence of grains to form a 

larger grain does not happen. or at least in a very small amount. It is 

clear that a film of Bee phase is stable against coalescence of the 

adjacent grains. 

Figure VI-26 is an example of the microstructure of samples aged 

for one day. The region in this figure was almost fully occupied by the 

precipitated V3Ga phase. However. films of the Bee phase still persist 

between the A15 grains. 

The microstructure of the samples aged at 7000 e for 2 days is quite 

different from the others. Figure VI-27 shows a typical bright field 

micrograph and corresponding diffraction pattern. The main difference 

here is that the film of Bee matrix phase that persisted between A15 

grains underwent spheroidization in this sample. The driving force of 

spheroidization is the reduction of surface energy between Bee and A15 

phase. This spheroidized Bee phase is still stable against further 

shrinkage and contains a high density of dislocations. The A15 phase is 

strained. as can be seen by the strain contrast near the Bee phase. 

Also, it is clear that the A15 grains are in a very close crystallo-
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graphic or ienta t ion such that when different grains coalesce, there is 

no grain boundary in between them. This caa only be due to the AlS 

phase that precipitates from the BCC matrix following a definite cry-

stallographic orientation relationship. 

4. Microstructures of Nb-17.8 at.% Al Aged at7S0QC After 99% 

Deformation. Samples for microstructural analysis were aged froc 1.5 to 

12 hours at 7S0 o C after 99% reduction in thickness. The precipitation 

;' 

kinetics are faster than the V-Ga samples, this. may be due to: (1) 

diffusion of Al in Nb is faster than Ga in V through a higher density of 

dislocation cores produced by larger reduction and higher temperaturi 

aging, (2) the dislocation cell walls are more effective nucleation 

sites for precipitation of Nb 3Al, and (3) 17.8 at.tAI Al is closer to the 

AlS phase boundary on the phase diagram [SJ than that of 18 at.% Ga [1-

3], so that the chemical driving force is larger. Because-of these 

reasons, the aging times for the Nb-AI samples are shorter than V-Ga 

samp!es. 

Figures VI-28 and 29 show two t}~ical TEbl micrographs of samples 

aged at 7S0 o C for 3 hours. It can be seen that the precipitated Nb 3Al 

crystals are equiaxed in shape and preferentially precipitated on the 

dislocation cell walls. Another important feature that can be seen fro~ 

these types of micrographs is that BCC matrix phase is still quite 

stable between AlS grains. These BCC matrix films, instead of having a 

plate shape in the case of V-Ga specimen, has a hyperbolic shape because 

their adjacent AlS grains are equiaxed. 

Figure VI-30 shows a TEM micro&ra~h of sI,ec imen aged for 6 hours. 

The BCe matrix films are more distinct and the AlS grain size is noti-

ceably larger than that of the samples aged for 6 hours. Figs. 6.31 and 



97 

32 are micrographs and the corresponding diffraction patterns of samples 

aged at 750 0 C for 12 hours. The grain size is progressively larger and 

equiaxed in shape. From the diffraction patterns inserted in the 

figures, it can be noted that the Nb 3Algrains are closely related in 

. crystallographic orientation, similar to that of V3Ga. Complex contrast 

is associated with Nb 3 Al grains, this may be due to either bending 

contours of thin foil sample buckling or the Nb 3Al grains were strained. 

The complex contrast is more severe in the precipitated Nb 3Al than in 

V3Ga. 

5. Grain Sizes of Precipitated A15 Phase. The grain size of the 

precipitated A15 phase was determined by direct measurement of TEM 

micrographs. At least 50 grains were sampled for each datum. Both the 

width and length of each grain of the V3 Ga phase were measured due to 

their elongated shape. For equiaxed Nb 3Al grains, the grain diameters 

were measured. 

Figure VI-33 shows the result of V-15.6 at.% Ga. It was plotted as 

the logarithm of grain size in micron meter versus that of the aging 

time in hours. The grain size of samples aged for one day was not given 

in the figure. Because of too small a number of grains were observed 

and the statistic e·rror is large. The standard deviation of each datu!:! 

point is marked by the error bar. 

The average aspect ratio for V-15.6 at.% Ga aged at 7000 C increases 

slightly with aging time: from 2.2 for the sample aged for 2 days to 

3 .5 for the sam pIe age d for 11 day s . Th e g r a ins i z eve r sus a gin g tim e 

relation in the log-log plot fits very nicely with a straight line. The 

slopes of these two lines were determined by a least square fit method 



and found to have the values of 0.24 and 0.42 for width and length of 

A15 grains, respectively. 

The results of grain size measurements for V-18 at.% Ga deformed to 

90% area reduction are shown in Figure 6.34. The statistical standard 

de v i at ion is g i v e n as the err 0 r bar for e a c h d a tum. Th e I e a s t s qua r e 

fit straight lines are also shown in the figure. The width and length 

of the V3Ga grains increased following a power relation with aging time. 

The power coefficients are 0.36 and 0.13 for the length and width. 

respectively. 

Figure VI-35 shows the results of grain size measurement for Nb-

1 7 • 8 at. Cfo Al sam pie s . Th e power c 0 e f f i c i e n t 0 f the rei a t ion bet wee n 

grain size and aging time is 0.49. The average grain sizes fall into 

the I e a s t s qua ref it 1 in e aim 0 s t pre cis ely. Th e err 0 r bar rep res en t s 

the statistical standard deviation for each datum. 

6. The Crystallographic Orientation Relationship. Microstructural 

analysis of the precipitated V3Ga and Nb 3Al in ~he previous sections 

reveals that there is a common orientation between the A15 crystals. 

This section presents the results of an investigation to determine the 

common crystallographic re 1a t io"ns which govern the or ienta t ion of A15 

precipitates in supersaturated BCC solutions. Convergent-beam electron 

microscopy £17-19] was used in this study in order to deal with sub­

micron sized A15 precipitates. A JEOL-lOOC microscope operated at 100 

kV and capable of converging an electron beam to a probe lOOOA in 

diame ter was the primary fae ili ty employed. The Philips 400 scanning 

transmission electron microscope which has the ability to further con-

verge the electron beam down to 100A was employed for confirmation. 
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Th e a n a 1 y sis 0 f t he V-I 5 .6 a t. % Gas amp 1 e sis i 11 u s t rat e din Fig. 

VI-36(a,b). The TEM micrograph presented in Fig. 6.36(a) shows the 

precipitates formed in a deformed V-15.6 at.% Ga sample after aging at 

700 0 e for 4.5 days. The V3Ga precipitates are lenticular in shape and 

have an average size of 1.1 um length by 0.4 um width. Aty.pical 

convergent beam electron diffraction pattern from this region is shown 

in Fig. VI-36(b)' The disc-shape of the diffraction spots is due to the 

angular convergence of the incident electron beam [17-19]. It is clear 

that the (1,11) plane of the precipitated A15 phase of the [111] zone 

axis is parallel to the (011) planes o.f the Bee matrix. Since the 

corresponding diffraction spots are almost parallel to each other and 

lie on a direction parallel to the electron beam. Therefore, the set of 

parallel planes between Bee and A15 phase must also satisfy the rela-

t ion: (1,11)Bee//(01!)A15. However, this type of analysis reveals a 

necessary condit~on for the complete orientation relationship, but it 

does not give a sufficient condition. It has been known [20,21] that 

parallel planes and directions are both needed to determine the crystal­

lographic orientation relationship between two crystal structures. The 

above mentioned condition can be satisifed by a large number of dif­

ferent relationships. Therefore, it is necessary to find an experi­

mental condition such that the parallel planes and directions can be 

determined simultaneously. 

Such an analysis of the V3Ga precipitate is illustrated in Fig. VI-

37(a-c). The TEM micrograph presented in Fig. VI-37 (a) shows the 

precipitates pres~nt in a deformed V-IS at.% Ga after aging at 7000 e for 

12 hours. The V3Ga precipitates are again lenticular in shape and have 

an average size of 3000A length by 1300A width. The corresponding 
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convergent diffraction pattern from this sample is shown in Fig. VI-

37(b). The diffraction pattern is indexed in Fig. VI-37(c). The zone 

axis of the Bee matrix and the A1S precipitates are [111] and [001], 

respectively. The rows of parallel matrix and precipitate spots in the 

diffraction pattern indicate parallel planes (within::t So) since the 

corresponding reflecting planes are almost parallel to the electron beam 

(Bragg angl~ < 1 0
) [21]. It follows that the (100) plane of the A1S 

precipitate is essentially parallel to the (110) plane of the Bee cat­

rix. The complete orientation relation is hence given by the appealing­

ly simple correspondence: 

(1) 

The analysis of the l\'b-Al system is illustrated in Fig. VI-38(a,b). 

The TEM micrograph presented in Fig. 6.38(a) shows that the Nb 3AI preci­

pitates forced from Nb-18 at.% Al on aging at 7S0oe for 3 hours. It can 

be noted that the morphology of the Nb 3Al precipitates are quite differ­

ent from that of __ V3Ga (see previous sections). Nevertheless, sele~ted­

area convergent-beam diffraction patterns (Fig. VI-38(b» reveal an A1S­

Bee lattice correspondence identical to that found in the V3Ga case and 

given by equation (1). 

7. Microstructures of the Fully-Annealed V-18 at.% Ga. To under­

stand the effect of deformation on the microstructure and transition 

temperature, V-18 at.% Ga solution were annealed at 1400 0 e for 10 mi­

nutes and quenched before aging treatment to fully anneal the defor­

mation history 

Inductive measurements showed that the as-annealed sample has a Tc 

close to 90 K which corresponds to the pure Nb. After aged at 7000 e for 

2 days, Tc increases to 12K, and further increases to 13.SK and 14.2K 

100 

• 



for 4 and 8 days aging. The Tc measurement results are quite different 

from the deformed specimens (Fig. VI-I). showing that the precipitation 

kinetics were significantly influenced by the thermal-mechanical 

history. 

The precipitated V3Ga grain morphology of samples aged for two days 

is illustrated in Fig. VI-39. The corresponding crystallographic orien­

tation is shown in the figure. It can be seen that the V3 Ga precipi­

tates along a definite crystallographic direction: [100]A1S and 

[110]BCC. The V3Ga phase forms clusters of precipitates that concen­

trated at the grain boundaries of Bee matrix. The prior grain boun­

daries are not visible due to precipitation. they are still recognizable 

from the changes of the precipitation directions. Fig. VI-40(a-c) shows 

a set of brig~t-field. dark-field micrographs and the corresponding 

selected-area-diffraction pattern of the same heat treatment as that of 

Fig. VI-39. The diffraction pattern (c) reveals that the A15 phase is 

near the [001] zone axis and the BCe phase is near [111]. The dark­

field micrograph (b) was taken from the fundamental reflection of Bee 

phase. as indicated in (c). It is clear that the BeC phase formed a 

stable file against coalescence of A15 grains. This phenomenon is the 

same as that in the deformed samples. 

The microstructure of a precipitated V3Ga phase cluster is shown in 

Fig. VI-41 for a sample with 4 days aging. The same features as that of 

the 2 days sample is observed. It is interesting to note that the 

precipitates grew into one another and stopped. but usually did not 

coalesce. even though they have a closely correlated orientation rela­

tionship. The lenticular shape of the V3 Ga precipitates is most dis­

tinct in Fig. VI-42(a-c). The selected-area-diffraction pattern (c) 
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shows that the zone axis of the thin foil was in the direction of [111] 

for A15 phase, and that the (~11) of A15 phase is parallel to the (110) 

of Bee phase. The dark-field micrograph (b) was taken from a funda~en-

tal reflection of the A15 phase. 

Figure VI-43 shows a lattice image of the precipitated V3Ga for~ed 

by aging the specimen at 7000 e for 4 days. The diffraction condition of 

this particular image is taken from the two ~ (100) reflection at Sa = + 
• 0 

0.5 condition. The it:la:;e shown in this figure covered roughly 0.01 uc2 

area of a precipitate. From optical interference technique, it can be 

concluded that the lattice planes have a unifort; spacing, 4.82A. This 

is an implication that the composition within a grain is quite ho~o:;e-

neous [21. 

D. DISeUSSlm: 

The discussion of this work is divisible into two parts: the 

for~ation ccchanisms and microstructures, and the correlation of super-

conductin~ properties with microstructures. The forcer discusses 

nucleation sites anJ microstructures of A15 precipitates, the orienta-

tion relationship, the stability of tee films, effects of defon;:ation 

and so~e implications of chemical composition. The latter will discuss 

the T c' rl c 2 and J c c h a rae t e r i s tic san d cor r e 1 ate the &1 tot he p 11 y sic a I 

and chemical state of A15 precipitates. 

1. Forma t ion l.lechani SillS ano M icrostruc tures. 

a. Nucleation of A15 precipitates: The nucleation sites of the A15 

precipitates arc tli~ prior-defor~ation ece grain boun~aries an~ the 

dislocation cell walls or sub-grain boundaries. The precipitates are 
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most easily nucleated on the prior-deformation Bee grain boundaries, 

especially at the sites of grains intersections. For example, V-15.6 

at.~ Ga samples aged at 700 0 e for 1 day presented V3Ga precipitates 

mostly on the grain intersections (Fig. VI-13)' Fig. VI-44 shows opti­

c aIm i c r 0 g rap h s 0 f t he sa &l e sa t:l pIe • Fro c the d iff ere DC e , in etc h in g 

behavior, the positions of the likely V3Ga precipitates were revealed. 

It is clear that the precipitates are forced on the prior-deformation 

grain boundaries. In this short heat treatment, tLe dislocation cell 

walls are free of precipitates. 

The dislocation cell walls becaffie preferred nucleation sites for 

longer aging treatments for both the V-Ga and f..'b-AI saLlples. However, 

t t e u u c 1 eat ion pro c e s sis d iff ere n t for V - G a and tio - A 1. In nb - A 1 

salllples, the Nb 3AI precipitates were distributed core homogeneously on 

wost of the sub-grain boundaries, wl1ile in V-Ga case, tile precipitates 

ten I.! edt 0 for tl c 1 us t e r s fro LI so ti e a i s 10 cat ion ceIl wall s (i. e . , sow c 

regions were 'precipitation free while the others had a high density of 

precipitates). This may arise from the gettering effectiveness of the 

sub-grain boundaries are core effective nucleation sites for the ~ill3Al 

precipitates than the dislocation cell walls are for V3Ga. The disloca­

tion cores can decrease the activation energy of nucleation and act as 

fast-diffusing paths for solute atoms. Therefore, the heterogeneous 

nucleation of V3Ga and r~3AI always occurs with a high density of dislo­

cations. 

It has been ~entioned that the polygonization of dislocations has 

to oe forocd first if finely dispersed A15 precipitates are desired. 

Evcn,witil a high dcsity dislocation wall structure, the nucle,ation 01 

A 1 5 i' r c c i pit ate sst ill r e ~ u ire s a ran J 0 c t 11 err.; a 1 :l C t i v :l t i 0 II pro c e s s . 
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Therefore, it is not surprising that the grain sizes of the A15 precipi­

tates reported here are several times larger than that of other proces­

sing methods. All the other processing methods described in Chapter IV 

rely on the reaction between two different phases, e.g., the l\b and Cu­

Sn interface of the bronze process, and the Nb-Al interface of the 

powder wires. The nucleation of an intermetallic compound between two 

terminal phases at the interface will have a much higher nucleation rate 

t han a ran do m the r Ii. a 1 act i vat ion pro c e s s • A 1 so, a t the sac e tee per a -

ture, the diffusion will be faster down a pre-existing co~position gra­

dient than a random composition fluctuation. A higher nucleation rate 

implies finer grain size, therefore, the grain size of the direct­

precipitateu A15 phase will be larger than the other processes. 

b. The nature of dislocations in the A15 phase. The precipitated 

A 15 g r a ins are geL era 11 y d e f e c t - f r e e, but soc e 0 f the iii 11 a v e i n - & r 0 Vi n 

dislocations. Contrast analysis reveals that they are eJ~e dislocations 

with I.;urgers vector of the type l/a <100) and lie on <001) direct ions. 

This result is intrinsically plausible because the A15 crystal structure 

is an ordered phase, anll the only way to preserve the three-orthogonal 

linear chains is to have a Eurgers vector of l/a <100). The other types 

of Burgers vector will cause the linear chains to connect with E sites 

(Fig. IV-I) and create anti-phase boundaries. This will be an energeti­

cally unfavorable situation since the overlapping of the d-shell elec­

trons of A-ato~s is responsible for the stability of the A15 phase 

[22,23]. 

c. The corphology anti grain size of V1Ga anu ~~blAI: After nucle&-

tion of the hIS precipitates, grain growth followed to bring the systc~ 

tow4rJ equilibrium ~y diffusion of H-atoms toward nuclei. Tile f,ro\lltl: of 
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A15 precipitates also obeys a minimum energy require~ent that determines 

its shape and size. The results of microstructural analyses of the V~Ga 
.:> 

and Nb 3AI precipitates were shown in the previous sections. It is found 

that there are significant differences between the patterr.s of precipi-

tation in the two materials. V3Ga precipitates as a set of discrete 

particles which grow in a lenticular shape away from the boundaries into 

the interior of t h eg r a ins following a low index direction, e.g., 

Alternatively, Nb~Al precipitates as small, 
.:> 

nearly equiaxed particles at an early stage of the reaction and grows 

alonG the sub-grain boundaries. 

It is well known that the shape and habit plane of precipitates are 

determined by the minimization of the sue of elastic strain and interfa-

cial energy [24-271. The lenticular shape an~ directional growth of t~e 

V~Ga precipitates indicates that the transforr.Jation is strain energy 
.') 

do~inated. On the other hand, the ~fu3AI precipitates as equiaxed grains 

showing that it is surface energy do~inated. 

The growth of the precipitated A15 grains is determined by the 

diffusion kinetics. The results of grain size measurement were shown in 

Figs. VI-33, 34 and 35. It can be seen that the growtl:. rate follows a 

power relation: D = kt n [28]. where coefficients K anu n are functions 

of aging te~perature and coeposition, but independent of grain size. It 

can be observed froe the two V-Ga saoples that the higher the Ga concen-

tration, the smaller the grain size. Also, the exponent, n, decreases 

with increasing Ga concentration. This may be due to the higher nuclca-

t ion rat e 0 f the h i g her G a - con ten tin g s p e c i u. en, s u c h t hat the g r 0 VI t h 

rate decreases due to the depletion of solute atocs at the vicinity of 

e ;l C II :; r:.:. in. 
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The exponent. n. of Nb-18 at.% Al is very close to the diffusion 

controlled layer growth exponent O.S. and it is higher than the V-Ga 

samples. This effect can be attributed to the higher deformation and 

higher nucleation rate. High nucleation rate means the transformation 

rat e i s g row the on t roll e d • Th ere for e. it i s no t sur p r i $ in g t hat the 

average grain size is small but the growth exponent is high. 

d. The orientation relationship: The results of convergent beam 

electron diffraction analysis of the crystallographic orientationrela­

tionship between the AIS precipitates and ncc matrix were described in 

Section VI.C.6. The AIS-BCC lattice correspondence found in this study· 

(eq. (1» is illustrated in Fig. VI-4S. It is an intuitively plausible 

correspondence since it insures that the most closely packed planes and 

directions of the AIS and BCC structures are parallel to one another. 

and in this sense resembles the familiar Kurdjumov-Sachs [20] relation 

between the FCC and ncc structures. This relation does, however. differ 

from that previously suggested by Togano et al. [29] from an analysis of 

surface diffused V3 Ga on a V tape: 

(OOI)AlS//(OOl)BCC. The Togano correspondence was never found in this 

work. Using X-ray and reflection electron diffraction (RED) techniques. 

Diadiuk et al. [30] studied the preferred orientations of l\'b 3Sn diffu­

sion layers grown by Sn-vapour reaction with single-crystal Nb sub-

strates. The preferred parallel planes were given: 

(110)DCC//(lOO)A1S' (211)BCC//(110)AlS' and (111)DCC//(III)AlS for the 

four preselected BCC orientations. The respective parallel directions. 

however. could not be determined by their techniques. Since the paral­

lel planes and directions are both necessary to describe crystallogra­

phic orientation relationship between two crystal structures. this type 
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of analyses is incomplete. It should also be noted that for a Sn 

diffusion reaction on a bulk Nb substrate. the growth direction of the 

A15 Nb 3 Sn layers is restricted by the orientation of the DCC Nb sub­

strate. rather than being permitted to take a path to minimize the free 

energy. The same restriction will be found in th~ multifilamentary 

wires. The preferred parallel planes reported by Diadiuk et a1. [30] 

were also consistent with that found in this work. 

The habit planes of the V3 Ga precipitates found in this work 

followed the relation: (100)A1S//(110)BCC' which is consistent with the 

p·a r a 1·1 e 1 pIa n e s 0 f A 15 and BC Cst rue t u res. Sin c e the s hap e 0 f the V 3 G a 

phase is strain energy dominated. it is not surprising that the habit 

plane coincides with the plane of parallel orientation, since both the 

habit plane and orientation relationship obeys the same law of mini­

mizing energy. For the ~~3AI phase, surface energy dominates the shape 

of the precipitates but the same orientation relationship is still 

obey,d. In this sense, the orientation relationship found in this study 

might be a general one, which governs the transformation of A15 from BCC 

structure. 

e. Stability of BCC films: Microstructural observations showed 

that the precipitated AlS crystals within one prior-deformation BCC 

grain usually have a common crystallographic orientation. However, they 

do not coalesce into large crystals during growth. A BCC matrix film, 

typically with a thickness of only a few hundred angstroms, can be 

frequently found in between two adjacent AlS precipitates. This type of 

matrix film has a remarkably high stability against the high interfacial 

energy they created. In the V-lS.6 at.% Ga samples, these ECC matrix 

films were stable and showed some form of partial coalescence only after 
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aging at 700 0 e for 11.5 days (Figs. VI-22 and 23). The spheroidizatioll 

of tl1e Bee films is very distinctive in the V-18 at.% Ga, 700 0 e for 43 

hours aged sa~ple (Fig. VI-27). But for shorter aging times (6 hours to 

24 hours) these DeC filtr.s shOVled no sign of instability; This kind of 

corphology is not so clear for the Nb-Al samples, I!lainly due to the 

shape of the Nb 3Al precipitates. However, by careful exacination of a 

large number of micrographs, it is found that the similar phenomenon 

ex i s t sin the Nb - A 1 s y s t e &l • For e x amp Ie, the h i g h s tab Ii t Y 0 f the E C C 

files for the saeples a&ed at 750 0 e for 12 hours can be seen in Fig. VI-

32. 

This pl1enOtlCnon is quite re&larkable, since the high interfacial 

ellergy and the identical orientatioz;. of the adjacent,A15 precipitates 

should ten~ to spheroiJize the DeC files in order to reduce tLe surface 

energy. The same situation can be found, for example, in tl1e spheroiJi­

zation of carbides in carbon steel. Also, the fil1:.s are ~uite thin 

co~pared to that of the precipitates, consequently, this scalI acou~t of 

Bee lattice contains a large surface ar"ea. The high stability of the 

~ec filws was therefore not anticipate~. 

This pl1enocenon can be explained by consideration of the com~osi­

tions of the nee phase. The films of DeC paase between A15 precipitates 

are lean in solute atoes (Ga or AU, due to the short diffusion ~istance 

to the adjacent A15 grains. Therefore, the DeC phase st~Dility is 

greatly enhanced which cust be suffiCiently high to oppose the instabi­

lity set forth by surface tez;.siOD. The metastable Bee files can be 

pushed into spheroidized particles onty at a slow kinetics rate, at the 

expense of increasing A15 grain size. 
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The existence of resist ive films between superconducting grains' in­

duces a voltage drop and local heating. The reduce the stability of the 

conductor against flux-Jump and thermal instability. Also. it hasbe~n 

established that the AIS precipitates in a specimen are grouped into 

several sets of crystallographic orientations determined by the minimum 

energy path of the transformation. As a result. the effective grain 

size will be much larger t~an the average of individual grains. In this 

sense. the surface pinning between Bee films and AIS precipitates might 

be responsible for a large fraction of the Ic obtained. The conductivi­

ty is provided by the proximity effect [31] and current transfer [32] in­

the normal metal. As a consequence. the intrinsic stability of the 

conductor is very limited. 

f. Effect of deformation on microstructure. To understand the 

effect of deformation on the precipitation kinetics and ~icrostructuie. 

V-IS at.% Ga solutions were fully annealed before aging treatment and 

the ~xperimental results are compared with samples of the same composi­

tion with heavy deformation. The precipitation process is very slow in 

the annealed samples. Microstructural observation found no AIS precipi­

tates until aged at 7000 e for two days. while the corresponding deformed 

samples have a significant amount of precipitates after three hours 

aging. This observation is supported by inductive Tc measurement where 

the annealed sample aged at 700 °e between three and 24 hours has only a 

Tc corresponding to the pure Nb. Therefore. it can be concluded that 

the deformation significantly enhances the precipitation. 

The morphology and orientation relationship between tbe AIS preci­

pitates and Bee matrix were identical irrespective of the prior-deforma­

tion. The AIS precipitate forms clusters at the grain boundaries or 
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grain intersections for the annealed specimens aged at 7000 C from two to 

eight days. Therefore. it can be concluded that the A1S precipitates 

nucleate heterogeneously on dislocations. Also. the precipitation of a 

few nuclei may create a solute diffusion toward that region by disloca­

tion cores. which will further enhance the nucleation rate in the 

region. This effect may be responsible for the clustering of precipi­

tates. 

g. Chemical compositions. The compositions of the A1S phase were 

studied by a scanning transmission electron microscope equipped with 

energy dispersive x-ray spectroscope (STEM/EDXS) on the thin foil of TEM 

specimens. Although the results of STEM/EDXS studies were not conclu­

sive. several points are worth discussing. The A1S precipitates usually 

have a range of compositions between -18 to 24 at.% 6a within each V-Ga 

spec imen. Similar situations were found for the Nb-Al specimens. It 

should be noted from the phase diagrams 0-3.5) that the equilibrium 

compusition of precipitates should be bout 18-20 at.% of B atom for both 

Nb 3Al and V3Ga. The existence of -24 at.% composition in the precipi­

tates indicates that the process is not an equilibrium one. Hong. 

Dietderich and Morris [3] suggested that the precipitation of small 

particles is not governed by Gibbs' free energy. Instead another ther­

modynamic function. based on the assumption of incompressibility of the 

p,arent and precipitated particle. is relevant. By this argument. a 

higher composition than that of the equilibrium phase boundary can be 

obtained to explain the higher Tc data than that of the equilibrium 

cond it ion. Another possibility is that thebouDdary conditions of the 

chemical potential changed due to the existence of dislocations so that 

higher concentration of B atom in the precipitates is more stable when 
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the precipitates ~ere small. For longer aging treatments, the bound~ry 

condition slowly changes back to the equilibrium values, .then the preci-

pitates will have a composition close to that of the equilibriu~ phase 

d iagr:ltl. 

This plausible explanation can account for the range of composition 

of precipitates in one sample: the local configuration of dislocations 

and the duration of precipitate formation were different froID regi~n to 

/ 

region. Therefore, the composition of each precipitate will be dif-

ferent. It has also been found that the composition within each A15 

grain seems to be hOr.Jogeneous frok] the STEbi/EDXS probes across each 

grain and froci lattice images (e.g. Fig. VI-43). These results illiply 

that the redistribution of D atoms inside a single grain is fast COL!-

pare~ to the growth of the precipitates. 

2. Correlations of Superconducting Proper~ics and the Physical and 

Cheeical State of Precipitates. 

a. I.£ lind Bc2 ' The Tc and [c2 of a superconGucting caterial are 

strone; functions of the chemical coc:position, long range order paral::e-

ter, state of strain, and less sensitive to ~icrostructure, as discussed 

in Chapter II. Since the long range order and state of strain should be 

sieilar for t.be A15 precipitates formed at the sal!!e te&lperature [35], 

therefore, Tc and Dc2 hllve been used as a rough measure of cocposition. 

Examples of the critical temperature ~nd upper critical field of 

precipitated V-Ga are given in Figures VI-l an~ VI-3. Those of precipi-

tate~ ~fu-Al are shown in Figures VI-2 and VI-4. The critical te&lpera-

teres were measured by an inductive ~etLod with a calibrated ger~aniu~ 

res i s taL C c the r UJ 0 1:1 e t e r. Tit e up per c r i tic a 1 fie 1 G s v: ere est i I:: ate ~ U Y 

extrapolating the critical current charactcrisitic, SU&scstc~ by ~ra[lcr 
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[36]. Because the precipitates have a range of compositions. the former 

technique will tend to measure the properties of the most nearly stoi-

chiometric (highest Tc> particles, while the latter will reflect a 

composition closer to the mean. Hence, it is not surprising that the 

characteristic results as a function of aging tice have slightly dif-
. I 

ferent shapes. Experimental results do suggest, however. that the Tc 

measurement gives a reasonable indication of composition when the parti-

cles are well-developed. Also, the transition widths of the inductive 

signals always show an extraordinarily broad transition, compared to all 

the other processing methods. revealing that the compositions of V3Ga 

and Nb3Al precipitates have a ran&e of compositions. 

In V-Ga aged at 700 0 C both the critical temperature and critical 

field increases with the Ga content of the starting alloys. They tend 

to reach a maximum, then decrease after long aging till>es, a behavior 

pattern which suggests an eventual decrease in the Ga conten~ toward the 

equilibrium phase boundary of the AlS phase. The initial increase of Tc 

and Hc2 probably do not suggest a simple increase in Ga content in the 

V3Ga precipitates but a complicated effect arising from the interplay of 

particle sizes, their composition distribution, and the proximity effect 

between particles. For example, when the particles diameter of the 

particl~~ are less than approximately twice the magnetic penetration, 

the magnetic fluxes can penetrate the particles and there will be no 

inductive signal shown. Also, the proximity effect, which is responsi-

ble for the tunneling of copper pairs through nor~al metal, will depend 

on the thickness of normal metal and its cOl:lposition. The shape of the 

Tc measurement results can then be qualitatively understood. The 

maximul:I Tc of V-18Ga. 151:. corresponds to a nearly stoichiometric A15 
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ph as e • Th e m a x i mum c r it i cal fie 1 d a 1 so s u g g est saG a con ten t n ear 25 

at .%. 

The critical temperature and critical field increase with the 

starting content of AI, and also slightly increase with aging for times 

up to 500 hours. The data suggest that the kinetics toward the equili­

brium phase boundary of the compositions of Nb 3AI precipitates is much 

slower than that of V3Ga. However, the co~positions of the Nb 3AI preci­

pitates apparently remains lean in Al since the highest values of Tc and 

Hc2 are significantly below their values for stoichiometric Nb 3Al 

[37,38]. 

b. Critical current characteristics. The variation of overall 

critical current with applied magnetic field was measured for a number 

of V-Ga and Nb-Al specimens. Examples of the data are given in Figs. 

IV-S, 6 and 7. Figures IV-5 and 6 show the variation of critical 

curren t characterist ics with heat trea tment time for samples of V-15.6 

at.% Ga and V-18.0 at.% Ga, respectively. Those of Nb-17.8 at.% Ga were 

shown in Fig. IV-7. 

From the perspective of establishing a microstructure conducive to 

good current-carrying properties, the Nb 3Al precipitation pattern 

revealed in this study is clearly preferable to that of V3Ga. The Nb3AI 

reaction establishes precipitates with fine equi-axed grains which are 

uniformly nucleated on the network of dislocation cell walls at a rea­

sonable volume fraction. The V3Ga pattern yields particles which tend 

to be isolated fro~ one another by buffer films of the matrix solution 

and which grow to relatively large size and nucleate in a severe hetero­

geneous manner on certain dislocation networks. On the other hand, the 

inherent superconducting properties are better in the V3Ga case. The 
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AlS phase in V-Ga achieves a critical temperature and upper critical 

field reasonably close to the best obtainable in V3Ga. while the Nb-AI 

AlS phase has a critical temperature and field well below the best found 

in Nb 3Al. The two materials hence have different behaviors including 

one having a basically good AlS phase in an undesirable ~orphology and 

one having a less attractive AlS in a much superior morphology. These 

features are reflected in their relative critical current characteri­

s tic s. 

In the V-IS.6 at.% Ga case represented in Fig. IV-S, the critical 

current improves over the whole range of fields studied as the heat 

treatment time is increased to 48 hours but deteriorates thereafter. 

The improvement apparently reflects both the better intrinsic characte­

ristics of the AlS precipitates, which particularly determine high-field 

properties, and the increasing volume fraction of the AlS phase. The 

subsequent deterioration presumably reflects the lowering of intrinsic 

prop~rties coupled with the increasing grain size of the AlS. The 

critical current is relatively low at all fields compared with multifi­

lamentary V3Ga conductors formed by the bronze-process [39]. The criti­

cal current characteristics of a V-18 at.~ Ga sample represented in Fig. 

IV-6, show the same response of current-carrying capacity with heat 

treatment time. Compared to that of V-lS.6 at.<» Ga, the lc shows a 

marginal increase. The improvement might be reflecting the increase in 

volume fractions of AlS precipitates which is governed by the precipita­

tion kinetics and the level-rule. 

In the Nb-AI case represented in Fig. IV-7, the low field proper­

ties improv~ for heat treatment times up to 12 hours and deteriorate 

thereafter, while the properties of the highest fields continue to 
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improve. The latter effect may be due to the improvement of the intrin­

sic superconducting properties at longer aging times documented in Fig. 

IV-2. The former probably reflects the competition between increasing 

volume fraction and continuity, which cause the critical current to 

increase, and gra in growth of the A15 prec ipi ta tes, which causes the J c 

to decline. The very rapid increase in the overall critical current of 

the 12 hour specimen for decreasing fields below Hc2 suggests a very 

good balance between A15 grain size, continuity and volume fraction. 

Th ere 1 a t i vel y s low inc rea s e in J c 0 f the 1.5 h r s p e c i men pre sum a b 1 y 

reflects the poor continuity of the A15 phase at this stage of the 

precipitation process. The highest obtained J c at all fields is far 

lower t han t he Nb 3 A leo n due tor s b y po w d e r met a 11 u r g y [40,41]. Th i s 

inferior current-carrying capacity can be attributed to the low intrin­

sic superconducting properties, much larger grain size and poor conti­

nuity. 

E. Smi J.IARY 

The research of direct-precipitated V3Ga and Nb 3AI reported in this 

chapter demonstrates a connection between the processing and the resul­

tant superconducting properties through the microstructural analyses of 

the A15 phases. The microstructural considerations discussed in this 

chapter suggest that the overall critical current characteristics of V­

Ga and Nb-Al will be improved by either increasing the deformation of 

the samples prior to aging, which should refine the size of the subgrain 

dislocation cell ou which the precipitates form. or by increasing solute 
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content of the starting alloy. which should improve the intrinsic pro­

perties of the AI5 phase. 

However. the microstructural analyses also revealed that there are 

some intrinsic disadvantages of this process for producing a high 

current-carrying-capacity conductor (besides the problem of quenching a 

big ingot suggested in Section A). The grain size of the precipitated 

AI5 phase is much larger than that can be obtained by other processes. 

The reason for this disadvantage is that the nucleation of t.he AI5 phase 

is much faster at a two-phase boundary reaction than a thermally acti­

vated nucleation reaction by the composition fluctuation. Faster 

nucleation rate yields a finer grain size and a higher lc' Also. the 

diffusion of solute atoms down a pre-existing composition gradient is 

faster than through the composition fluctuation. A faster reaction will 

permit fully reaction at shorter aging tice. resulting in a higher 

volume fraction. The other microstructural problem of the process is 

the ~ontinuity. The Bee films between AI5 precipitates have been found 

to have high stability due to lowering of the chemical potent ion by a 

locally lower solute concentration. The existence of the resistive 

films between superconducting grain. induces a voltage drop and a local 

heating effect which greatly reduce the intrinsic stability of the 

conductor. 

The micro-chemical state of the AI5 precipitates also is unfavora­

ble. Even though near stoichiometric-precipitates exist. due to the 

configuration and chemical effect of dislocations. the majority of the 

precipitates are lean in solute atom. This effect is revealed also by 

the Tc and Hc2 characteristics. The larger AI5 grains have a tendency 

toward off-stoichiometric composition (equilibrium condition). The 
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other process ing me thods have different boundary condit ions, thus will 

have different chemical states, a point will become clearer in the next 

chapter. Therefore, both the physical and chemical state of the A15 

precipitates are not favorable for application of high-field conductors. 

On the other hand, this method permits the formation of A15 phase 

in a non-restricted manner which allows the study of the precipitation 

process without other influences. For example, the mechinisms of 

nucleation and growth of precipitates, the nature of dislocations in A15 

phase, the morphology and orientation relationship, and the effects of 

deformation can be studied in gre&t detail. The microstructures can be 

. related to the processing variables through the apparent mechanisms of 

the reaction forming the A15 phase. These mechanisms are inferred from 

the results of high resolution studies of the development of the micro­

structure. The relation between t'he microstructure and the critical 

current is consistent with current understanding of the role of grain 

size and stoichiometry in determining superconducting properties. 
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VII. THE INiLUENCE OF HEAT 'IREADlEH'f ON THE SnUJCTURE AN) PROPERTIES OF 

BRONZE-PROCESsm IlULTIFIUJlENI'ARY ~SN SUPERCONDucnNG WIRE 

A. INTRODUCTION 

The most comI:lon method for producing high field Nb 3 Sn supercon­

ducting wires is the ninternal bronzen process [1,21. In this J:lethoa 

niobium rods are inserted into a Cu-Sn bronze billet and drawn into a 

fine, multifilamentarywire. The wire is then heat treated to form the 

A15 Nb3Sn superconducting phase through reaction at the niobium-bronze 

interface. 

The maximum superconducting current, Ic' that can be carried by the 

reacted wire at a given temperature is determined by the wire diameter 

and the critical current density, Ie' within it. The critical current 

density. is a function of the transverse magnetic field, I4L the charac­

teristic function, Ic(E), depends on the area of the superconducting 

phase and on its microstructural state. The most important microstruc­

tural parameters are three: the composition and crystallographic order 

of the A1S crystal. the grain size, and the state of strain. The 

cOJ:lposition and order of the crystal determine its inherent super­

conducting properties [3-5]. It should be noted that the maximum effect 

of the crystallographic oder is relatively small compared to that of 

composition [6]. The grain size controls the density of the most effi­

cient flux line pinning sites (7-11] that prevent the loss of supercon­

d u c t i v i t Y a t h i g h cur r e n t • Th est ate 0 f s t r a in mod i fie s the in her e n t 

superconducting properties, and is in part an internal strain that 

reflects the macrostructure of the superconducting composite [12]. 
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The microstructural state of the superconducting wire cannot be 

controlled directly, it is determined indirectly by the starting geome­

try and the he a t t rea t men t • Th ere 1 a t ion bet wee n he a t t rea t men tan d 

microstructure is not well understood, but must be identified and uti­

lized if bronze-processed wires are to be engineered for maximum criti-

cal current. The present work was undertaken to characterize the micro­

structure of a typical wire with a fixed internal geometr~, to establish 

the connection between the microstructure and the heat treatment the 

wire had received, and to correlate the microstructure and the supercon­

ducting properties. This work led into an ·effort to design heat treat­

·ments that would improve the microstructure so as to enhance the criti­

cal current. The success of the modified heat treatmeuts has obvious 

engineering implications, but also gives credence to the qualitative 

relat ions between process ing, m icrostruc ture and propert ies that ernerge 

from the characterization studies. 

Specific aspects of the work reported here have been published 

previously [13,14]. The present chapter provides a comprehensive pre-

sentation of the results and their implications. It should be noted 

that the research samples were commercial Airco wire with a fixed macro-

structure and bronze/niobium ratio. The" research concerned the nature 

and development of microstructure in this wire and its influence on the 

critical current characteristic in the relaxed condition~ the influence 

of the elastic strain was not specifically considered. Okuda, et a1. 

[15] have recently studied the consequences of varying filament size and 

the bronze/niobium ratio in similar multifila~entary superconducting 

wire." Their report includes a discussion of the influence of residual 

strain on the critical current in the relaxed condition. The 1l1aximurn 
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effect of the residual strain is small relative to that associated with 

significant changes in the microstructure. 

B.EXPERIMENTAL PROCEDURE 

1. Sample Geometry and Heat Treatment. The wire used in this inve­

stigation was manufactured by Airco Superconductors. It was a composite 

wire. 0.7mm in diameter. that contained an active core approximately 

0.4mm in diameter. An etched section of the multifilamentary core is 

shown in Fig. VII-1. The core held 2869 niobium filaments grouped into 

sets of 19. The individual filaments were 3 to S microns in diameter. 

Th e y w ere e CI bed de din a C u -13 wt.1J. S n b ron z e mat r i x tog i v e an 0 v era 11 

bronze to niobium ratio of 3:1. The core was wrapped with a tantalum 

foil diffusion barrier approximately 30 microns thick. For thermal and 

electrical stabilization the wrapped core was encased in a pure copper 

shell. 0.15mm in thickness. that accounted for roughly two-thirds of the 

wire cross section. 

Samples of the wire were heat treated after encapsulation in sealed 

quartz tubes that were back-filled with argon. They were reacted at 

temperatures in the range 6S0-800 0 C for various times. The maximum 

reaction time at each temperature was that necessary to achieve an 

essentially complete conversion of the niobium filaments to Nb 3Sn. 

2. Materials Characterization. The important materials parameters 

include the overall extent of the reaction at the Nb-bronze interface 

and the physical and chemical state of the superconducting layer formed. 

The extent of reaction was determined by optical and scanning 

electron microscopic examination of etched cross sections of the heat 
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treated wires. The A1S layer is easily distinguished from both the 

bronze matrix and the unreacted Nb core by its brittle appearance in 

broken wire sections and by its distinct etching behavior. A sample 

scanning electron micrograph of a polished and etched section is shown 

in Fig. VII-2. The data obtained from such micrographs varies by -10% 

due to the inhomogeneity of the reacted filaments. 

The physical state of the reacted layer was studied by scanning 

electron microscopy (SEU) on broken and etched sections and by high 

resolution transmission electron microscopy (TEM) on thin sections. 

Samples for transmission electron microscopy began as longitudinal sec­

tions cut from the wire to reveal the multifilamentary material. The 

samples were ground to approximately 40 microns thickness. and then 

milled in an ion beam until perforated. They were examined in a Siemens 

102 or JEOL-lOOe electron microscope at 100kV. using a 45 0 double tilt 

goniometer stage to achieve the desired diffraction conditions. The 

principal object of these examinations was to determine the AIS grain 

size. The grain size could be roughly estimated from scanning electron 

micrographs of the broken wire surfaces. lIowever. since only soce of 

the grain boundaries appear in the fracture surface. the transmission 

electron microscopic analysis was essential to an accurate determination 

oft he g r a ins i z e . Th e val u e s 0 f the a v era g e g r a ins i z ere p 0 r ted her e 

were determined by the line intercept method on transmission electron 

micrographs. At least 100 grains were sampled for each datum point. 

The standard deviation in the grain size measurements is less than SOA. 

The chemical st.ate of the reacted layer was studied with scanning 

transcission electron microscopy (STEM). The specimens employed were 

ruI.J foils prepared as described above. They were examined with a 100kY. 
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100A diameter electron probe in ~ Phiiips 400 electron microscope equip­

ped with an energy dispersive x-ray spectrometer. The x-ray spectrum 

was analyzed quantitatively using a KEVEX 7000 microcomputer. The tin 

con c en t rat ion wit h in the rea c ted 1 aye r was de t e r Dl in e d fro m the x - ray 

spectra using a standardless approximation method [16] that has a 10-20% 

maximum error in the absolute value. A beryllium low-background stage 

with a 30 0 tilting axis was used to minimize spurious excitations. 

Residual niobium and 'in hole' configurations were examined to monitor 

the background shape and the peaks caused by inelastic scattering and 

spurious excitation. Nonuniformity in the specimen thickness is a 

further possible source of error~ a.specific investigation suggests that 

this error is less than 1 atom percent. The experimental arrangement 

and integrated count number were kept as nearly constant as possible to 

minimize systematic errors. 

3. Superconduc t ing Property Measurements. The superconduc t ing pro­

perties that were determined included the overall critical current 

characteristic. lc(H) at 4.2K. and the transition temperature from the 

normal to the superconducting state. Tc' The transition temperature was 

measured inductively using a ring shaped sample of the wire with the 

copper stabilizer removed to minimize the shielding. The onset and 

finish temperatures of the superconducting transitiori were taken to be 

the t e m per a t u res t hat g a v e 10% and 901ll 0 f the tot a lin due t i v e s i g n a I • 

respectively. The critical current characteristic was measured by using 

a four-po int probe technique on samples placed in transverse magne t ic 

fields that ranged in intensity from 8 to 19.5 tesla. To minimize the 

displacement of short samples by Lorentz force, supporting block ruade of 

comclcrcial grade G-10 fibre re-enforced glass which has a similiar 
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thermo-expansion coefficient with the samples were mounted on the sample 

probes [17-19]. The direction of Lorentz force was calibrated such that 

the specimens were immobile during test. The reported value of the 

critical current is that which produced an 0.5 microvolt potential 

between voltage taps 5mm apart. The estimated error in· the critical 

current measurement is ±10%. All of the critical current measurements 

were done at the Francis Bitter National Magnet Laboratory. /The sensi­

tivity of this measurement ranged from 5 X 10-13 to 1 X 10-12 ohm-cm. 

The overall critical current density, Jc(H), within the multifila-

mentary core of the wire was calculated from the critical current by 

dividing Ie by the cross-sectional area of the core, 0.14mm2. Volume 

pinning force, JcXB, was plotted against the reduced applied magnetic 

field, h = H/Hc2 ' where the upper critical field llc2 was determined by 

extrapolating J 1/2H1/4 versus H to zero current [20]. c 

C.RESULTS AND DISCUSSION 

Two sets of experiments were done. They differed in the type of 

heat treatment given the wires to form the A15 phase. Samples in the 

first set of wires were reacted at constant temperature in the range 

650 0 C to GOOoC. The superconducting properties of these wires were 

measured as a function of the reaction time and temperature and corre-

lated with the microstructural state of the A15 layer. The results 

suggested that the microstructure of the A15 layer was far from optimal, 

even in the wires that had the highest critical current. The results 

were then used to guide the design of new, double-aging heat treatulents 

to improve the microstructure and enhance the critical curre~t. A 
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sec::ond. set of wires was prepared and tested to evaluate the new heat 

. treatlllents. 

1. Conventional Heat Treatments. 

a. Superconduc t ing Propert ie s. 

i •. The critical current characteristic. Samples of multifila­

mentary wire were reacted at one of five tecperatures. 650. 700. 730. 

750 or 1000C. for various times up to those necessary to achieve an 

e sse n t i a 11 y com pIe tee 0 n v e r s ion 0 f the Nb f i I am e n t s t 0 l'-;"b 3 S n. Th e 

critical current of the wires was then measured at 4.2K in magnetic 

fields of 8-16 Tesla. Examples of the results are given in Table I and 

in Fi~ures VII-3 and 4. The measured properties are in reasonable 

agre~ment with those found by Sanger. et ale [16] for similar wires. 

The dependence of the critical current on the heat treatment time 

and temperature varied with the magnetic field. Figure VII-3. for exam­

ple. is the Jc(fl) characteristics of samples aged at 650 0 . The J c at 

higher fields increases with increasing aging time. but has a marginal 

increase at lower fields. Figure VII-4 shows the change in Jc(H) with 

the time of heat treatment at 7000 C. The best low-field properties (8-

12T) are achieved with the shorter ag ing times (2-6 days>. Increasing 

the aging time to 8 days decreases the critical current at the lower 

fields even though it increases the areal fraction of A15 within the 

wire core (Table II). At higher field (16T>. on the other hand. J c 

increases monotonically with the aging time. 

The critical current characteristics of wires that had been reacted 

nearly to completion are plotted in Figure VII-So The critical current 

is a strong function of reaction temperature only at the lowest (8-10T) 

an!.! highest (lS-16T) fields. Good low-field properties are associatec! 
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with low reaction temperatures (6500 C) and short reaction times (7300 C12 

days>. Good high-field properties seem to require a reaction tempera­

ture above 700 0 e and a relatively long reaction time (Fig. VII-4). 

ii. The upper critical field. The upper critical field Hc2 was 

determined by Kramer's extrapolation [20] at 4.2K and up to 19.5 tesla 

applied field. Examples of Hc2 data of several isothermal-aged specimens 

were listed in Table I. The data fell within a small range ( 21.3 to 

21.9 tesla) for almost all the heat treatment conditions even though 

the i r J c c h a rae t e r i s tic va r i e s s i g n i fie ant 1 y. Th e He 2 for sam pIe he a t 

treated at 800 0 e for 2 days has a somewhat high value. 23T. which may be 

reflecting a difference in the chemical state of the Nb 3 Sn layer. 

iii. The superconducting transition temperature. The supercon­

ducting transition temperature was measured for all heat treatment 

conditions. The results. which include an estimate of the width of the 

t ran sit ion. are g i v e n in Ta b 1 e I. Th e va ria t ion 0 fTc wit hag in g t i J:l e 

is plotted for three representative heat treatment temperatures in 

Figure 5. which also shows the average Tc for the as-received wire. The 

data show that the critical temperature increases with aging time to an 

asymptote near 18K. The apparent width of the transition decreases with 

ag ing time. 

h. The Microstructure of the Reacted Wire. 

i. The fraction of A15 phase. The micrographs presented in 

Figures VII-I and 2 show that the filaIilents within the active core of 

the superconducting wire are somewhat irregular. The filaments differ 

slightly in shape. and a given filament has small variations in its 

cross section froll! point to point along its length. The variation in 

shape and diameter has the consequence that the reaction that forms the 
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A1S layer is not strictly uniform. Figyre VII-7 shows another scanning 

electron micrograph of the Cu stablizer. Ta diffusion barrier. and the 

active core. Noticed that the Ta diffusion barrier and the Cu stablizer 

constrained the volume expansion of the active core during the diffusion 

reaction. The volume expansion arises not only by thermal expansion but 

also from the vacancy flux into the matrix and Kirkendall force of the 

bronze-A1S interfaces. Without this restrictive layer. the bronze matrix 

would be able to expand plastically (relatively low yield strength 

during aging) and not exert as much stress on the Nb 3Sn layer. 

Two parameters were used to measure the overall extent of the 

reaction: the mean thickness of the A15 layer on a filament. and the 

areal fraction of the A1S phase relative to the cross-sectional area of 

the unreacted filament. Both were determined from measurements on 

scanning electron micrographs of polished metallographic sections of the 

active core. The average thickness is plotted as a function of the 

reaction temperature and time in Figure VII-So The areal fractions are 

given in Table II. The data are in qualitative agreement with those 

reported previously [8.15.21.221. 

As expected, the reaction rate increased dramatically with the 

aging temperature. An essentially complete reaction was defined as the 

conversion of more than 9a1J of the initial niobium to the A1S phase. and 

was achieved after 16 days at 6S0 0 e. 8 days at 700 0 e and 730 0 e, 2 days 

at 7S0 0 C, and 1 to 2 days at 800°C (Table II). 

ii. The substructure of the A1S layer, The three-shell substruc­

ture. The microstructure of the A15 layer is clearly revealed only in 

transmission electron microscopic images. The analysis of a number of 

such images shows that the layer typically has the composite structure 
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that is- drawn schematically in Fig. VII-9. The layer consists of three 

morphologically distinct shells. The innermost shell is made up of 

columnar grains that radiate out from the residual niobium core. A 

sample micrograph of this shell is given in Fig. VII-IO. The grains are 

r 0 ugh 1 y e qui a xed inc r 0 s sse c t ion and h a v e a Ion g a xis a p pro x iIl1 ate I y 

five times their diameter. Figure VII-II shows a selected area diffrac­

tion pattern(a). and the correspondent micrograph of the boundary region 

between AIS and the residual Nb. The identical crystallographic orienta­

tion relationship of K-S type as that found in the direct-precipitated 

V-Ga and Nb-Al (Chapt.VI) were observed.The intermediate shell is made 

upof fine. equiaxed grains whose mean diameter (d) is approximately 

equal to the short. transverse diameter of the columnar grains in the 

inner shell. The outer shell. near the bronze matrix. is made up of 

large. irregular grains with diameters in the range S-IOd. Two sample 

transmission electron micrographs are presented in Figs. VII-12 and 13. 

showing the fine-grained intermediate shell. the coarse outer shell. and 

the transition between them. 

The general features of the microstructure are also apparent in 

scanning electron micrographs of broken filaments. such as those shown 

in Figure VII-14. but are not so clearly revealed. In particular. the 

fine-grained intermediate shell is rarely seen. Its absence is due to 

the fact that the SEM fractograph shows the fracture surface rather than 

the grain surface itself. Those grain boundaries that provide the 

easiest intergranular fracture path dominate the fracture surface. A 

detailed examination of the grain boundaries in the fine-grained layer 

(Fig. VII-IS) shows that these are most frequently low-angle grain 

boundaries that would not be expected to appear in intergranular 
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fracture surfaces, and would not even be obvious in the transgranular 

segments of the fracture surface. 

The overall morphology of the A15 layer is the same for all reac­

tion times and temperatures studied. llowever, the microstructure of the 

layer is sensitive to the reaction conditions. The reaction temperature 

and time affect both the areal fractions of the three shells and the 

grain sizes within them. 

The areal fractions of shells within the layer. The thickness of 

each shell was measured as a function of reaction time and temperature 

from transm iss ion electron micrographs. The areal cross sec t ions were 

then estimated from the thickness of the shell and its inner or outer 

radius. The results are tabulated as a (unction of the heat treatment 

time and temperature in Table II. The area fractions given in this 

table are relative to the initial cross-sectional area of the Nb 

filament. 

The dat,a presented in Table II reveal systemat ic changes with the 

reaction time and temperature. The fraction of columnar grains tends to 

decrease as the reaction temperature is raised, while the areal fraction 

of the coarse-grained shell increases with either the temperature or the 

reaction time. These two trends have the consequence that the highest 

fraction of fine-grained material is achieved by aging at intermediate 

temperature (700-730 oC) for times that are sufficient to bring the 

reaction to about 90% completion. The maximum areal fraction of the 

fine-grained shell is plotted as a function of the reaction temperature 

in Fig. VII-16. 

The grain size within the fine-grained shell. The ~ean grain size 

within the fine-grained shell increases monotonically with the reaction 
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time and temperature as shown in Table II. The mean grain size in the 

fine-grained shell of the almost fully-reacted wire increases exponen­

tially with the reaction temperature. as shown in Figure VII-17. 

The grain size data previously reported by Scanlan et a1. [7] and 

by Shaw [8] are also plotted in Fig. 12. The data agree on the functio­

nal dependence of the grain size on the reaction temperature. but dis­

agree on the magnitude of the grain size. Both Scanlan. et a1. [7] and 

Livingston [9] used samples with much larger filament sizes than those 

~mployed here and found larger grains after a given heat treatment. 

Okuda. et al. [15] Iso report an increase in the grain size with the 

f i 1 am e n t d i a In e t e r. Th e fila men t sin the sam pIe sst u die d by S haw [8] 

were comparable to ours. as were those in the wires examined by West and 

Rawlings. [24 and by ScheIb [25], but were in an uncertain state of 

reaction at the time the measurements were made. These authors report 

data that are roughly comparable to ours. but scatter significantly at 

the lower reaction temperatures. 

The mechanism of reaction. The essential features of the reactions 

that establish the three-shell structure of the AlS layer seem clear 

from the micrographs. although further work will be required to test 

them in detail. The key observations include the columnar grain struc­

ture at the Nb interface. the presence of arrays of dislocations within 

these gra ins. part icularly near the ir outer boundarie s (F igs.VII-12 and 

13). the prevalence of low-angle grain boundaries in the fine-grained 

layer (Fig. VII-IO) and the frequency of dislocation arrays and pileups 

near the outer periphery of the columnar shell (Figs. VII-IS to 20). 

Both the morphology of the reacted layer and the absence of Kirken­

d a 11 v 0 ids wit h i nth e Nb cor e s u g g est t hat the rea c t i on 0 c cur s by t 11 e 
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diffusion ofSn to the Nb/f-lb 3Sn interface. The reaction at the inter­

face causes the growth of columnar grains that penetrate into the nio­

bium. As the grains grow. they develop internal strains due to the 

volume and crystallographic changes associated with the transformation. 

The strains impel the formation and migration of dislocations that 

presumably originate fro~ the columnar grain boundaries. The disloca­

tion density builds up near the outer radius of the columnar region. 

The dislocations polygonize and effectively recrystallize the columnar 

grains into the fine-grained layer. in a reaction coomon to many crys­

talline materials. The fine-grained morphology is initially rather 

stable. but the continued reorganization of the grain boundary structure 

increases the mobility of the grain boundaries. The fine grains then 

coarsen to establish the coarse. outer shell. 

This model is consistent with all of the microstructural observa­

tions of the reacted filaments. but does not easily explain the occa­

sional appearance of exceptionally large grains on the periphery of the 

.filament. It is possible that these are the product of A1S grains that 

nucleated during wire processing and were present in the pre-reacted 

wire. The measurable critical temperature of the unreacted wire (Fig. 

VII-S) establishes that some A15 phase formed during processing. 

In addition to agreeing with the microstructural observations of 

the reacted layer. this model is also consistent with the time and 

temperature dependence of the microstructure. At low temperature dislo­

cations are relatively imcobile. They should be generated in cocpara­

tively larg.e numbers to relieve the strain. but their polygonization 

will be retarded •. The columnar shell should hence be relatively thick. 

and eventually break up into very fine grains. At high temperature the 
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dislocation mobility is higher. so the initial grain size in the fine­

grained shell should be larger. But high temperature also increases the 

grain coarsening rate, so the coarse-grained shell should be thicker. 

It is therefore expected that the areal fraction of fine-grained mate­

rial will pass through a maximum at an intermediate aging temperature 

while the grain size within the fine-grained shell increases monotoni­

cally with temperature. The microstructure should hence change with the 

reaction time and temperature very much as it is shown to change by the 

data given in Table II. 

iii. The chemical state of the A15 layer. The important chemical 

properties of the A15 layer are its composition and state of order. 

Previous work [6,28,29] suggests that the crystalline order of lI.1b 3 Sn is 

nearly ideal, irrespective of heat treatment. The cOlCposition profile 

of the layer was determined by STE;;/EDXS analysis of the concentration 

of tin relative to that of niobium. While the analysis is subject to 

quantitative errors that were discussed above, the data that were ob­

tained are mutually consistent and appear to be informative. Examples 

of the data are shown in Fig. VII-21, which presents the measured Sn 

concentrat10t. p=~file as a function of reaction time at 700 o C, and in 

Fig. VII-22, which presents the concentration profile as a function of 

the reaction temperature for wires that have reached an essentially 

cocplete reaction. The data show that there is a gradient in the Sn 

concentration within the layer. The mean concentration gradient through 

the fine-grained shell is listed in Table II for all saDlples studied. 

Doth the shape of the composition profile and its variation with tiI:1e 

and temperature are of interest. 
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The shape of the Sn concentration profile. The Sn concentration 

decreases monotonically through the layer from an apparently Sn-rich 

composition at the bron~e interface to a Sn-poor composition at the ~b 

interface. The compositions at the Nb interface are qualitatively 

consistent with the binary Nb-Sn phase diagram. in that they are lean in 

Sn by an amount that decreases with temperature (Fig. VII-22). The 

phase relations at the Nb 3 Sn-bronze interface are not known. but the 

measured composition at that interface is Sn-rich and becomes increa­

singly so as the tempe~ature decreases. The composition profile through 

the layer is not smooth~ it has a nearly flat central portion with steep 

concentration gradients near the tw~ interfaces. 

The shape of the concentration profile is consistent with current 

views on the mechanism of Sn diffusion. An idealized profile is shown 

in Fig. VII-23 as an overlay on the microstructure of the reacted layer. 

It is widely accepted [22.26.27] that the principal Sn diffusion path 

through the A15 layer is along the ~fu3Sn grain boundaries. The Sn 

concentrations at the terminal points of the profile are fixed by the 

local equilibria between ~fu and Nb 3 Sn at the inner surface of the A15 

layer and between Nb 3Sn and bronze at the outer surface. If the compo­

sition is different at the two interfaces. as it generally will be. then 

there must be a concentration gradient through the layer. But the much 

higher density of grain boundaries in the fine-grained central shell has 

the consequence that. if grain boundary diffusion dominates. the Sn 

co~position can be homogenized within the intermediate shell at a much 

faster rate than it can diffuse into or out of it. The expected result 

is a flattening of the composition profile in the fine-grained layer 
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with a concomitant steepenirig of. the· gradient near the two interfaces. 

just as is found experimentally. 

The change in the Sn profile .!:ith ti1!!.~ and temperature. The Sn 

composition profile becomes flatter and more nearly s.toichiometric as 

either the reaction time or the reaction temperature is increased (Figs. 

VII-21 and 22~ Table II). There are three incependent factors that lead 

to a flatter profile after long reaction times: homogenization within 

the fine-grained layer by grain boundary diffusion. the increase in the 

thickness of the fine-grained layer. and the depletion of Sn from the 

bronze. which decreases the Sn concentration at the outer boundary. 

-
Raising the reaction temperature also tends to flatten the profile. 

since it decreases the overall concentration change across the layer and 

increases the diffusivity. The temperature is a more potent variable 

than the time in this regardJ1 the most constant. and. apparently. most 

nearly stoichiometric cooposition is obtained at the highest reaction 

temp~rature. 

c. The influence of microstructure on superconducting properties 

Two superconducting properties were measured: the superconducting tran-

sition temperature and. more importantly. the critical current char-

acteristic. Both show the influence of the microstructure. 

i. The critical current characteristic. The variation in the cri-

t ieal current charae teri st ic. J c (H), with heat treatment has a reason-

ably straightforward and consistent explanation in terms of the composi-

tion and grain size of the AlS layer. The relative influences of the 

co~position and the grain size should change with the magnetic field. 

The critical current a't low field. \lhen the applied field is 

cocparatively low. that is. below about 14T. virtually all of the AlS 



layer is superconducting and capable of carrying current. The critical 

current is then expected to vary roughly with the grain size. For 

samples with comparable grain size. the critical current should depend 

on the areal cross section of fine-grained c18terial. It follows that 

the material reacted at the lower temperatures will have higher critical 

current. and that this current will be determined by some balance be­

tween the grain size in the fine-grained shell and its areal fraction. 

Th e sma 11 est g r a ins i z ere sui t s fro m t he lowes t rea c t i on t em per a t u r e 

(6S0 0 C). The highest voluae fraction of fine-grained material is ob­

tained at a slightly higher reaction temperature (700-730 0 C) and has a 

grain size that is only slightly larger. It is. therefore. not surpris­

ing that the best low-field properties are foun~ after treatment at low 

to intermediate temperatures (Fig. VII-s, Table I). 

There is also an optimum reaction time for low-field properties. A 

specific example is given in Fig. VII-4. where an increase in the reac­

tion time at 7000 C from 2 to 6 to 8 days decreases the low-field criti­

cal current. The data presented in Table II offer a simple explanation 

for this phenomenon. Increasing the reaction time from 2 to 6 days in­

creases the grain size within the fine-grained shell. However. there is 

a concommitant increase in the area of the shell. The net effect is a 

slight decrease in the low-field critical current. Extending the aging 

time to 8 days causes a substantial increase in grain size without a 

corresponding expansion in the area of the shell. The result is a 

substantial decrease in lc. 

Th e c r it i cal cur r e n t .!..l hi g h fie 1 d. At hi g her fie I d the c r i tic a 1 

current is sensitive to the composition of the layer as well as to its 

grain size. The upper critical field is known to be 11 strong function 
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of composition. Only that subvolume of the reacted"layer that is nearly 

stoichiometric should be able to support a high critical"current density 

at fields of 16T or higher. The STE~~/EDXS analyses suggest that there 

is at least some nearly stoichiometric material within the fine-grained 

shell at all reaction temperatures. But the fraction of nearly stoi­

chiometric material depends on the magnitude of the Sn gradient, and the 

gradient decreases with both the reaction tice and temperature (Table 

II). It follows that the best high fie~d conductors will be those that 

are treated for long times or at high temperatures, in agreement with 

the data shown in Fig. VII-So The best high field properties were 

obtained after long heat treatments at intermediate temperatures, for 

example, 700 0 e for 8 days. The data presented in Tabl~ II show that 

these heat treatments result in a nearly uniform composition through an 

intermediate shell that retains a relatively small grain size. 

The arguments presented here are qualitative. It should be possi­

ble to phrase them in a quantitative form. Research toward that end is 

DOW in progress. Eut a qualitative appreciation of the coupling between 

microstructure and critical current is sufficient to provide guidelines 

for process development. An apparently successful application of this 

understanding is described in the following section. 

ii. The upper critical field. The variation of the upper critical 

field with heat treatment is a strong function of the composition pro­

file across the AIS layer and does not depend on its microstructural 

state. Since the composition profiles for various heat treatments have a 

COl::&iOn simple shape (Figs. VII-21 and 23), it is not surprising that IIc2 

data are more or less independent upon heat treatment conditions. Fro!:1 

the ttcory of flux pinnill~ ( Cli:lpt.III), if ~:b3Sn follows the scaling 
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law of flux pinning [20] then the upper critical field obtaine~ by 

Kramer's law will reflect the average of Hc2 of state of order, composi­

tion, and !att ice strain of the superconducting volume which is deter­

mined by the sensitivity of Ic measurement. In theory, the sensitivity 

of measurement can be varied such that to change the volume of supercon­

ducting phase in question, therefore some information can be obtained on 

the detail composition profile of the Nb 3Sn phase. However, the complex 

interplay of flux flow, current transfer, and therulal effects near 

critical current transition offen make this information obscure. There­

fore, some predetermined measurement sensitivity, which in turn fix the 

volume of the superconducting phase in interest, is gererally employed 

to obtain a meaningful comparison. 

Since the state of order. composition variation and lattice strain 

of the Nb 3 Sn phase within a small voluCle (centered in the position of 

stoichiometric composition) of the A15 layer were about the same, then 

the corresponding Ec2 will fall within a small range. One expection is 

the Hc2 of sample heat treated at 800 0 C for two days which has a value 

of 23T. This may due to the composition profile of the sample~ is 

ex c e p t ion all y fl a t a round 25 at. «iJ • The r e fore, t he H c 2 will have the 

value of stoichiomtric composition. It is interested to discuss the 

difference of IIc2 in the direct-precipitated case (previous chapter), 

where the AIS crystals are randomly nucleated on the dislocation cell 

walls. A common superconducting path must exist to allow supercurrent 

to flow. Even though the same measurement criteria was used to determine 

Ie' the lensitivityis much lower than that of the Bronze-wires. Lower 

sensitivity means a larger volume is contributing the result of p.c2 . 
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Therefore, in the direct-precipitation case, llc2 will reflect the 

average composition. • 

iii. The superconducting transition temperature. Measurements of 

the superconducting transition temperature (Table I) revealed two pheno­

mena. As the reaction nears completion, the transition temperature 

increases monotonically toward 18K and the width of the transition 

decreases. Both phenomena are plausibly related to the state of the 

reacted layer. 

The STEM/EDXS analysis suggests that as long as the Sn is not 

depleted from the matrix and the Nb is not fully reacted there will be 

at least a thin shell of nearly stoichiometric Nb 3Sn within the reacted 

layer. But the inductive Tc aeasures the transition temperature of a 

volume that is sufficient to expel the flux lines. Given the small 

values of the amplitude and frequency of the applied ripple field in a 

typical apparatus, the required voluae is contained in a shell about 1 

m i c ron in t h i c k n e s s [ 3 0 ]. Th epa r tic u 1 a r sub v 0 I u m e 0 f the 1 aye r t hat 

has the highest transition temperature is responsible for the experimen­

tal result. When the A1S layer is thinner than about 1 micron the 

inductive signal is not finished until virtually all the A1S phase is 

superconducting. Given the composition gradient through the layer. a 

thin layer will therefore show a broad transition with a center below 

18K. This phenomenon can be understood by the M-H curve shown in Fig. 

III-I. When the layer is thick enough to have a region of nearly 

stoichiometric material that is of the order of one micron in thickness, 

the transition will be sharper and centered near 18K. Since the further 

increase of magnetization does not influence the average slope of the )1-

H curve within the region of the applied field amplitude. The variation 



of the critical temperature and the transition width with heat treatment 

(Table 1) is hence reasonable in light of the variation of microstruc­

ture with heat treatment (Table II), 

The results presented here are generally consistent with those 

previously reported by Smathers and Larbalestier [30]. by Evetts. et al. 

[31]. by Suenaga [32]. and by Okuda. et al. [15]. It is clear. however. 

that small variations in the critical temperature and transition width 

reflect the interplay between the strain. the variation of composition 

within the penetration depth. and the long range order paraceter. 

Therefore. a small variation of transition width and/~r onset can not be 

attributed to the chemical state of the Nb 3Sn layer. An exact analysis 

of the superconducting transition in a multifilamentary composite would 

require an elaborate theoretical treatment. 

2. Double-Ag ing Treatments. 

a.Selection of a Double-Aging Treatment. Studies of the singly 

abed wires show that there are advantages to both low and high reaction 

temperatures. A low reaction temperature leads to a fine-grained micro­

structure and good low-field properties while a high reaction tempera­

ture leads to a better chemical distribution within the reacted layer 

and to an improved critical current at high fields. It is desirable to 

find an alternative heat treatment that combines the best features of 

both microstructures. 

The simplest aging treatment that may combine the benefits of low 

and high temperature aging is a sequential. double-aging treatment in 

which a low tecperature reaction is cOtlpleted at higher tetlperature. 

Examples of the heat treatment schedule of this t}~e of modification is 

shown in Fig. VII-24. In such a sequence the low temperature treatment 
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is intended to establish a fine grain size while the high temperature 

treatment is included to improve the chemical distribution within the 

layer. The sequential treatment is at least superficially capable of 

improving the microstructure since checical redistribution via grain 

boundary diffusion shouI"d occur Dore rapidly than grain growth. It is 

hence plausible that the fine grain size established at low temperature 

can be retained during a high temperature reaction that improves the 
/ 

stoichiometry of the layer. 

Several combinations of double-aging time and temperature were used 

to test this hypothesis. These included: 650 0 C, 14-16 days + 730, 750 

or8000 C, 0.5hr. to 2 days, and 700 0 C, 2-6 days + 730 or 750 0 C, 1-2 

days. In each case the initial aging time was long enough to establish 

the general microstructure appropriate to the lower aging temperature. 

The 6500 C/16 days + 800 0 C/0.S hr. treatment was included for comparison 

with the earlier work of Schauer and ScheIb [28]. 

b. The Double-Aged Microstructure. The A15 layer thickness is 

plotted as a function of the total reaction time of the double-aging 

treatments in Figure VII-2S. The second, high temperature aging causes 

a rapid increase in the reaction rate and substantially shorten. the 

time required to achieve an essentially complete reaction. 

The distribution of grain size within the reacted layer is tabu-

lated in Table III and illustrated in Fig. VII-26. Those treatments 

that were finished at 730 0 C yielded a high areal fraction of fine-

g r a in e d mat e ria 1 wit has mall fin a I g r a ins i z e . Th e t rea t men t s t hat 

were finished at 750 or 8000 C, on the other hand, produced a relatively 

thin intermediate shell with a rather coarse grain size. A 700°C ini-

tial aging was preferable to one at 650 0 C, primarily because of the 
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greater thickness of the coarse-grained outer layer after the 6S0 0 C 

treatment. 

Interestingly. as illustrated in Fig. 17. the combined 700/730o C 

treatment produced a greater areal fraction of fine-..grained material 

than was achieved by single aging at either temperature. It is not 

entirely clear why this beneficial effect happens. The reason may be 

that the relatively high defect density developed at the lower tempera-

ture (700o C) is rapidly polygonized at 7300 C. but is partly lost if the 

reaction is continued to completion at 7000 e because -the long aging time 

permits some recovery. This explanation is supported by high resolution 

studies of the microstructure of the reacted layer in the double-aged 

condition. The overall morphology is similar to that of the reacted 

layer in the isothermally aged specimens. but the dislocation density 

appears to be greater both near the outer boundary of the columnar shell 

and within the fine-grained shell. as illustrated in Figure VII-27. A 

comparison of the apparent grains morpfology is shown in Fig. VII-28. 

It is interesting to see to see the drastic difference in the grain size 

that can be achieved by heat treatment. 

The Sn gradient through the reacted layer is tabulated in Table 

III. Examples of the measured Sn profiles are plotted in Fig. 19. The 

700/7300 C treatments appear to give a more nearly constant and stoichio-

metric distribution of Sn than either the single aging tr~atments or the 

double-aging treatments that are finished at 800°C. The reason for the 

small gradient is probably the combination of the small grain size and 

high areal fraction of the fine-grained layer. whose cOl:lposition homo-

genizes at the higher reaction temperature. The 6S0/S00 0 C treatl:lent 

yields a very irregular Sn distribution. This is tentatively ascribed 



to the relatively short aging time at 800°C. which is not adequate to 

homogenize the layer. 

The microstructural analyses show that the 70017300 C heat treat-

ments establish an attractive combination of grain size. grain distribu-

tion. and chemical distribution within the reacted layer. The best of 

the treatments tested appears to be 7000 C. 4 days + 730°C. 2 days. 

c. The Superconducting Properties of Doubly-Aged Wires. The 

superconducting transition temperatures and critical currents of the 
/ 

doubly-aged wires are tabulated in Table IV. The Jc(P.) characteristics 

of double-aged specimens starting wi"th 6S00C and fo.powed by various 

higher temperatures treatments are shown in Fig. VII-30. These doubly 

aged specimens has higher J c especially at higher fields. as compared to 

that of 6S0 0 C for 16 days. Lower field J c of sample aged at 6S00C. 14 

days +7300 C. 2days shows an increase mainly through an increase of fine-

equiaxed layer while the the other two double-aged samples have a small 

deterioration due to the increase of grain size (Table III). Figure 

VII-31 is the Jc(ll) characteristics of several double-aged speciltens 

with 7000 C as the starting heat treatment temperature. The JO(H) of the 

700°C. 6 days aged sample is also included for comparison representing 

the best obtained by isothermal aging treatment. In Fig. 32 the criti-

cal current characteristic of the best of the double-aged wires is 

compared to those of the two best of the isothermally aged group. 

It is clear from this data that a proper double-aging leads to a 

substantial improvement in the critical current characteristic over the 

best attained with single aging treatments. The wire given the heat 

treatment 700 0 C. 4days + 730°C. 2 days has a critical current that is 

approximately fifty pe~cent higher at all fields testec than the maximum 
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measured after single aging. On the other hand, the double-aging treat-

ments that wer~ finished at 800°C, including that proposed by Schaur and 

ScheIb [28], did not improve the critical current and caused an actual 

deterioration in the critical current at lower fields. 

It also seems clear that the increase in lc is due to the improve-

ment in the microstructure of the reacted layer. The best double-aging 

treatments yield a reacted layer that contains a high areal fraction of 

fine-grained material with a reasonably constant Sn concentration. The 

smaller composition gradient is reflected in the high IIc2 (Table IV). 

The IIc2 data of double-aged specimens fall in a small reange close to 

22.5T, which is higher than that of isothermally aged samples (21.3 to 

21.9T). The Bc2 of sample aged at 8000 C for 2 days has the highest 

value, 23T, may be due to both the flatest composition profile and the 

relaxation of lattice strain associated in the Nb 3Sn layer at the aging 

temperature. The microstructure combines the best features of low 

t ecpera ture and high t e cpera ture ag ing. The best doub le-ag ing trea t-

ments were finished at 730 0 C. Double-aging treatments that were fi-

nished at 800 0 C were ineffective because of the rapid grain growth at 

this temperature. Fig. VII-33 shows the volume pinning force, F = J X p c 

H, versus the reduced magneti~ field, h = H/Hc2 for two double-aged and 

three isothermal samples. The maximum pinning force, Fp ' can be seen 

w \ 
will occur at h lower than -0.35, and smaller for the double-aged speci-

mens. From the theory of flux pinning (Chapter III, Fig. 3), it can be 

assumed that the pinning strength of pinning centers has been increased 

by double-aging treatments. 

In evaluating the specific heat treatments used in this work, 

however, it should be kept in mind that the microstructure that results 



from a given heat treatment is influenced by several variables that 

affect the rate and morphology of the reaction. These include. at 

least. the size and geometry of the filament. the composition of the 

bronze. and the bronze/niobium ratio. A change in any of these geome­

tric variables may alter the relation between microstructure and proces­

sing and hence change the optimum heat treatment. The present work 

demonstrates the sequential connection between heat treatment. micro­

structure and critical current. It suggests that the heat treatment can 

be systematically varied to engineer the microstructure and achieve 

bet ter propert ies. But the optimal heat treatment will vary with the 

overall characteristics of the wire. and the successful heat treatments 

identified in this work cannot just be incorporated into the processing 

of other types of wire. 

D. CONCLUSION 

The research reported here appears to demonstrate a simple and 

necessary connection between the heat treatment and the critical current 

charac te ri st ic of bronze-process mult if i lamentary Nb 3Sn superconduc t ing 

wire. The connection is made through the microstructure of the super­

conducting phase. Both the physical and the chemical states of the A15 

layer that forms around the Nb filament are relevant to the superconduc­

ting properties. The most striking physical feature of the reacted 

layer is its three-shell composite structure. The critical current 

density is apparently determined by the areal fraction, grain size and 

composition of the central. fine-grained shell. 
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The detail behavior of the inductive Tc measurement and the upper 

critical field have been examined. Both of the measurements were found 

to be relatively independent of the composition profile of Nb3Sn layer, • 

because of the geometry and the characteristic of the Nb 3 Sn layer. 

Inductive Tc and the extrapolated Bc2 results reflect the average pro­

perties of a small volume of the superconducting phase. determined by 

the oscillating amplitude of field and the sensitivity of Ic measure­

ment. respectively. The only way to study the composition profile of 

the reacted layer which in term will determine the critical current is 

by direct microscopic measurement. 

The areal fraction and the microstructure of the fine-grained shell 

depend on heat treatment. Isothermal reaction at lower temperatures 

(650 0 C) creates a fine grain size. but yields a low fraction of fine­

grained material that has a relatively poor composition. Isothermal 

reaction at high temperature (SOOoC) establishes a good composition 

profile. but yields a large grain size and low critical current. Iso­

thermal aging at intermediate temperature (700-730 0 C) gives the best 

~Ombination of microstructural features and the highest critical cur­

rent. Both the microstructure and the critical current can be improved 

further by double-aging treatments that start the reaction at 7000 C and 

finish it at 7300 C. This treatment produces a large areal fraction of 

fine~grained material with a nearly constant composition. and enhances 

the critical current density by approximately 50%. 

The ~icrostructure can be plausibly related to the heat treatment 

through the apparent mechanisms of the reaction forming the A15 phase. 

These mechanisms are "inferred from the results of high resolution stu­

dies of the development of the microstructure. The critical current 
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varies with the microstructure. and specifically with grain size a.nd 

stoichiometry. as current understanding suggests it should. 
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TADLE I. The results of superconducting properties measurements: 

Ic data at 10, 14 and 15 tesla and inductive Tc onset and 
transition width and upper critical field for various 
isothermal treated specimens. 

Aging Condition Overall Ic' 103Amp/cm2 Tc(K) Hc2 
lOT 14T 1ST Onset (LiTc) ( T ) 

6500 C/40 33.3 8.9 6.4 17.5 (0.6) 
80 37.9 11.0 8.0 17.7 (0.3) 21.6 
160 40.5 15.7 10.8 17.9 «0.1) 21.3 

7000 C/20 46.0 15.7 10.4 17.5 (0.5) 21.8 
60 44.3 17.1 12.2 17.7 (0.2) 
80 36.3 17.9 13.8 17.9 (0.1) 21.9 

7300 C/4hr 34.3 9.0 6.1 17.4 (0.4) 
10 38.7 11.1 11.8 17.9 (0.1) 
2D 46.7 16.4 13.1 17.9 «0.1) 21.8 
8D 44.0 14.5 12.7 18.0 «0.1) 21.8 

7500 C/20 44.6 16 .3 12.7 17.9 (0.4) 

SOOoC/12hr 18.6 8.1 6.2 17.9 (0.3) 21.9 
20 31.4 1S.7 12.7 18.0 ( <0.1) 23.0 
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TABLE II. The results of microstructural analyses of the A15 layer 
for isothermal treated samples. 

Aging Volume Fraction Grain 
Condition Columnar Equiu:ed Coarsened Total Size. d Sn Gradient 

Grain Grain Grain (1) At.% Sn/ IlC 

650oC/40 0.31 0.32 0.63 530 
80 "' 0.25 0.33 0.29 0.87 600 
160 0.27 0.34 0.32 0.93 630 4.7 

700oC/20 0.13 0.37 0.23 0.76 640 8.5 
40 0.17 0.43 0.26 0.86 . 720 
60 0.17 0.46 0.28 0.91 740 5.4 
80 0.8 0.47 0.29 0.94 770 5.2 

730oC/20min 0.11 0.15 0.07 0.33 540 
1hr 0.14 0.17 0.08 0.39 590 
10 0.15 0.37 0.29 0.81 690 
20 0.13 0.42 0.33 0.88 720 5.3 
80 0.10 0.39 0.46 0.95 800 5.1 

750oC/20 0.14 0.34 0.46 0.93 840 

800oC/4hr 0.16 0.28 0.31 0.75 
12hr 0.22 0.24 0.44 0.90 1090 6.2 
20 0.14 0.31 0.52 0.97 1190 2.1 
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TABLE III. The results of microstructural analyses of the A15 layer 

for several doubly-aged specimens. 

Aging Voluce Fraction Grain 
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Condition Columnar Equiaxed Coarsened Total Size, d Sn Gradient 
Grain Grain Grain Grain (1) At.% Sn/l1m 

650OC/14D 
+ 0.16 0.40 0.42 0.98 650 

730oC/2D 

650oC/16D 

+ 0.22 0.28 0.46 0.96 930 10.8 
800oC/4hr 

700oC/2D 
+ 0.15 0.48 0.31 0.94 730 2.0 

730oC/2D 

700oC/4D 
+ 0.11 0.58 0.29 0.98 760 2.3 

730oC/2D 

700oC./6D 
+ 0.12 0.56 0.30 0.98 770 2.5 

730oC/lD 

700oC/2D 
+ 0.12 0.43 0.43 0.98 830 2.6 

750oC/2D 



TAELE IV. The results of superconducting properties measurements 

(Jc ' Tc and Hc2 ) for several doubly-aged samples. 

Aging Condition Overall J c ' 10 3 Amp/cm2 Tc(K) Hc2 
lOT 14T 1ST Onset (ATc) ( T ) 

6500 C/140 

+ 56.5 17.8 12.5 17.6(0.3) 
7300 C/20 

6500 C/140 

+ 48.5 16.0 11.8 17.8 (0.2) 

7500 CI20 

6500 C/160 
+ 45.8 14 .8 10.0 17.8 (0.2) 

8000 C/0.5hr 

7000 C/20 

+ 57.1 22.9 17.9 17.6 (0.3) 22.5 
7300 C/20 

7000 C/40 
+ 61.4 25.1 20.7 18.0 (0.5) 

7300 C/20 

7000 C/60 
+ 58.2 23.5 17.5 17.8 «0.1) 22.6 

7300 C/10 

7000 C/20 
+ 55.5 21.2 15.3 17.9 (0.2) 22.5 

7500 CI20 
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VIII. THE ItI1LUENCE OF IlAGNESIUJ( ADDITION ro THE BIlONZE ON THE 

CRITICAL CDUENr OF BRONZE-PKOCESSFJ) IlULTIFIUJlENTAKY 

~ SN SUPERCOtl>UC1'ING WIRES 

A.INIRODUCI'ION 

Compo sit e-Proc e s/sed mu I t i f i lamen tary l\'b 3 Sn conduc tors are been 

intensively pursuited for high-field applications, particularly in the 

magnetic confinement for fusion reactors operated at fields from 10 to 

1ST, and the lOT dipole magnets for high energy a~celerators. The 

requirements for these applications are very stringent, and the improve­

ment of critical current density, Ic' is required before large scale 

applications can be realized. Three parallel efforts have been dedi­

cated to fulfill this task: (1) by modifying the existent processing 

methods, as described in the Chapter IV, (2) by designing a novel heat 

treatment such that the microstructural state of the Nb 3Sn phase can be 

improved and hence Ie' Chapter VII [12,13]' and (3) by alloying addi­

tions to the niobium core, or to the bronze matrix, or to both [I-II]. 

This chapter report s the experimental e Hort of dop ing r.tg to the bronze 

matrix, and the microstructurers and Ic of laboratory scale Iilultifila­

mentary wires. 

Prior work by Tachikawa and coworkers [5,9] has shown that the 

addition of magnesium to the bronze matrix prior to the formation of 

bronze-processed Nb 3 Sn tape causes a significant increase in the criti­

cal superconuucting current density at 6.5 tesla, and that this increase 

is associated with a decrease in the apparent A15 grain size. The 

present work was undertaken to determine whether a similar improvement 
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in Ic would follow the addition of ltIg to multifilamentary Nb3Sn wires at 

10-1ST field range and to identify the microstructural and mechanistic 

sources of any beneficial effects. To accomplish this, multifilamentary 

wires were·drawn in the laboratory. They contained 133 filaments of pure 

Nb embedded in bronze with various concentrations of Sn and ].1g. Their 

critical current densities were measured as a function of bronze compo-

sition, heat treatment, and transverse magnetic field at 4.2K. The 

reacted A1S layers were subsequently examined using a variety of mic-

roscopic and micr~analytic techniques. An important result of this 

. \ 
research was obtained by compar1ng the Ic of wires with various Mg 

concentration in the Sn-bronze matrix which were heat treated to the , . ~'r 

same, nearly completely reacted state. This result leads to an obvious 

implication of further improvement of Ic through the mechanistic influ-

ence of Mg. 

B. ID'.PERH1El'.'TAL 

1. Wire Manufacture. The multifilamentary wires used in this re-

search were manufactured in the laboratory from pure starting ma-

terials. They differed in composition of the bronze (Table 1) which was 

varied to measure the influence of Mg at two Sn levels. The initial 

bronze ingots were melted in quartz tubes under argon and cast into 

rods. The rods were doubly swaged and homogenized, and were then 

machined to IOmm outer diameter and bored to forcl tubes of Smm inner 

dial:leter. Pure Nb rods were inserted into the tubes and the composite 

was drawn into wire. The monofilament wires were bundled in groups of 

seven, enclosed in a tube of the same bronze composition, and redrawn. 



The seven-filament wires were then rebundled in groups of nineteen (133 

filaments) inside bronze tubes of identical composition and drawn to a 

final diameter of 0.5 mm. During drawing the wires were annealed at 

4500 C for 40 minutes after approximately each 50-80% reduction in area. 

The Mg-doped wires have higher work-hardeniong rate, and more frequent 

annealing are needed. Sample cross-sections of two finished and partia­

lly reacted wires are shown in Fig. VIII-I. The filaments are reasonably 

uniform, though those near the periphery of the wire are noticeably 

flattened. Small differences in the drawing properties of the wires and 

the manufacturing procedure caused the final filament size to vary from 

wire to wire. The compositions and characteristics of the wires are 

listed in Table I, where the composition of the bronze is given in 

atomic percent (the balance is Cu), D.is the effective diameter of the 

filaments (determined from the cross-sectional area of the filament) and 

R i s the v 0 I u III e t ric rat i 0 0 f b ron z e to Nb. S eve n d iff ere n t t yp e s 0 f 

,wires were successfully manufactured, they differed in the composit ion 

of the bronze matrix. In the forgoing, the samples will be nomenated by 

four digit numbers which signify the composition of the bronze matrix, 

e.g., 6720 representing the wire with bronze matrix contenting 6.7 at.% 

Sn and 0.20 at.% Ug (Table 1>' 

2. Heat Treatment. After manufacture the wires were sectioned into 

segments approximately 10 cm in length and heat treated in sealed quartz 

tubes under argon to form the A15 phase. The heat treatment temperatures 

were 650, 700, 730, 750 and 780 0 C, and were chosen to bracket the 

optimuQ reaction temperature of the Mg-free wire [11,12]. The heat 

treatment ticles were a few hours to twenty days. The progress of the 

reaction during heat treatment was monitored by sectioning the wires 
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after selected reaction times, taking scanning electron micrographs and 

measuring the area of the reacted layer with an image processing micro-

com put e r. Th e con sis ten c y 0 f mea sur e men t s t a ken fro m s e ria L sec t ion s 

showed that the reaction was uniform along the wire length. 

3. Measurement of the Critical Current Density. The critical cur-

rent (Ic) of the wires was measured at 4.2K in transverse magnetic 

fields of 8-15T at the National Magnet Laboratory. The tests employed a 

four-point probe technique on spec imens 30mm long. The cr.i tical current 

was defined to be that giving a potential difference of 1 ~icrovolt 

between voltage taps placed Smm apart. The sensitiv~ty of the Ic mea­

surement' is approximatly 10-11 and 10-10 ohm-cm at 10 and IS te"sla, 

respectively. The critical current density (Jc ) was determined by 

dividing the critical current by the measured area of A1S phase in the 

wire cross-section. At least three specimens were tested for each combi-

nation of composition and heat treatment. 

4. Materials Characterization. The characterization of the A15 

phase employed microstructural and microchemical analyses in addition to 

the overall stereological examination of the reacted layer described 

above. The grain size of Nb 3 Sn was estimated from scanning electron 

fract~~rbphs of broken wire specimens (the A15 phase always fractured in 

an intergranular mode) and measured more prec isely from transm i ss ion 

electron micrographs of thin foil samples prepared by ion milling. The 

peripheral surfaces of the reacted filaments were examined by SEM after 

the matrix is removed by etch to study the effect of Mg addition on 

grain coarsening,' The cOl4position within the A15 layer was studied by 

electron microprobe analysis, which ~eadily reveals the Mg, by scanning 

transmission electron microscopy, which offers greater spatial 
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resolution but a less sensitive analysis of Mg, and by high resollition' 

scanning Auger analysis, which was used to assess the degree of seg~~ga~' 

tion of lttg to the Nb 3Sn grain boundaries. 

C. RESULTS AND DISCUSSION 

1. The Influence of Mg on Wire Drawing and Reaction Rate. The wires 

containing Mg-bronze were noticeably more difficult to draw, presumably 

because of solution hardening by the Mg. However, the change in drawing 

response was minor, and was accommodated by slight alterations in the 

wire-drawing technique and annealing schedule. The Mg-:bronze wires ten-:­

d'ed to have larger filament sizes after the completion of drawing t·o 

0.5mm final diameter (Table 1), but it is not yet clear whether this 

difference reflects changes in the drawing properties of the wire or 

minor variations in the manufacturing procedure. The rate of the reac­

tion forming A15 at the Nb-bronze interface also varied from wire to 

wire. However, the reaction rate depends on the filament size and shape 

as we 11 as on the compos it ion and temperature. Samples of the cr 0 s s­

sectional areas of the reacted A15 phase versus aging time for samples 

heat treated at 650 and 700 0 C were shown in Figures VIII-2 and 3, 

respectively. The growth of the reacted layers follows a power law 

which is the characteristics of a diffusion-controlled reaction. From 

this experimental results, it is clear that 6700 and 6762 samples has 

the slowest reaction rate. This may due to that although moderated 

amount of Mg enhances growth of the A15 phase, too high a concentration 

deterioates it. It is also clear that the variation of the state of 

reaction is significant form wire to wire for any given heat treatment 
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condition. The result of this effect is that the comparison of micro-

structure and critical current density can be made valid only when the 

wires are compared at same stage of reaction. Table 2. lists the times 

for all wires aged to almost fully reaction (approximately 9S% of N'o to 

Nb 3Sn conversion) at aging temperatures. from 700 to 7S00C. The data for 

6S00C aging are also included for comparison. 

2. The Influence of Mg on the Critical Current Density. The addi-

tion of Mg to the bronze-processed wire increased its maxiru~m critical 

current density over the range 8-1ST for all values of the reaction 

teQperature. The incre~ent in Ie increased with the magnesium con-

centration. SaQples of the results are presented in Figs. VIII-4 and S. 

Figure VI11-4 shows the critical current characteristic, l c (H), for 

w ire s he a t t rea ted to 4 day sat 73 0 ° C. Th e inc rea s e in 1 c follow in g an 

addition of 0.6~g to the bronze is much greater than that caused by the 

addition of 1.ISn, and persists over the tested range of applied fields. 

Fig. VIII-S coopares the lc of the 6.7Sn-0.6Mg wire at lOT to those of 

the 6.7Sn and 7.8Sn wires in the same heat treatment conditions which 

have a decreasing aging time with increasing aging temperature to 

achieve a similar degree of reaction. The data agrees with that of 

Tachikawa and coworkers [S,9] in showing an optimum temperature for the 

Mg effect, but suggests that the optimum temperature is lower for the 

multifilamentary wires (700-7300 C) than it is for the tapes they studied 

(SOOoC). The net improvement due to Mg is substantial. The addition of 

0.6 ~i.g to the 6.7Sn bronze increases the maximum lc by nearly 100'iU. The 

res u I tin g cur r e n t den sit y i s 60% h i g her t han the m a x i III U IH a chi eve din 

7.8Sn. 
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Since the reaction rates for different wires varies significantly, 

the comparison of Ic at the same heat treatment conditions is not a very 

good one. A better comparison can be obtained by selecting the similar 

stage of reaction at each temperatures. The Ic per unit Kb 3 Sn area of 

the nearly fully reacted samples should then represent the "inherent 

current-carrying capacity of the superconducting phase. Figures VIII-6 

presents the Ic(n> characteristics of wires aged at 730 0 e to -95% the 

reacted state (Table 2.>' These results confirm qualitatively with that 

of Fig. VIII-4. where the comparison was made for all samples aged for 4 

days. However, the detailed characteristics are ve~y different. For 

example. the previous 7810 sample showed little improvement in Ic as 

compared to its )Ig-free counterpart, 7800 sample. This result is only 

because that the 7810 sample is being over-aged after 4 days treatment, 

while in the Fig. VIII-6, the 7810 sample, which was reacted to 94~ 

after 2 days treatment, shows an - 50% and 20~ improvement in Ic at 12 

and 15 tesla. respectively. The discrepancy here proves that the impor­

tance of a valid comparison. 

The Ic of the wires for different aging temperatures with 6.7'i.! Sn 

and various Mg concentrations in the bronze matrix at lOT in their most 

fully reacted condition (-95%. Table 2.) is shown in Fig. VIII-7. The 

6500 C-trea ted samples were reac ted to -65~, and the ir I c were inc luded 

for comparison. It is clear from this figure that the improvement in Ic 

increases with the Mg content in the bronze matrix monotonically. The 

highest Ic is achieved by the wire with 0.62% Mg (6762) and aged at 700 

to 7300 C, which represents an -200% increase over what is obtained with 

the Mg-free sample. 6700. A similar J c comparison at lOT for" wires with 

7.8C:U Sn-bronze matrix is shown in Fig. VIII-S. It can be seen that by 
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doping only 0.1% Mg to the matrix increases the critical current density 

for -50%. Figure VIII-9 combines the highest Ic sample, 6762, and the 

two,Mg-free wires. It is found that the Ic of 6762 wire is higher than 

for the Mg-free samples, 7800 and 6700, by approximately 100 and 20(),;,~, 

respectively. The second highest Ic is achieved by the 7810 sample, and 

it Ic is roughly 30% lower than that of the highest, 6762 sample. 

The influence of Mg addition on Ic at 15T is shown in Fig. VIy-lO. 

The 7000 C treatments, which correspond to the best aging temperature at 

lOT field, results in much lower Ic than the 7300 C treatments. This can 

be attributed to the higher temperature treatments yieldinr; a better 

composition of the A15 layer which results in a better Ic at higher 

fie 1 d s [12 -13 ]. Th e sam e inc rem e n t 0 f I con the M g con ten t a s t hat 0 f 

lOT field is found, but the amount of increase is even higher, e.g., the 

maximum Ic of the 6762 sample is almost four times as high than the Mg­

free wires. 

3. The Distribution of Mg in the Reacted Wire. The available evi­

dence shows that Mg segregates strongly to the A15 layer during the 

reaction, and suggests that it incorporates primarily in the bulk Nb 3Sn 

rather than in the grain boundaries. Fig. VIII-II presents sample data 

taken from electron microprobe studies of the re'acted layer and gives 

the distribution of Mg in fully reacted 6.7Sn-0.6~g aged at 750 0 C. 

Essentially all of the Mg has accumulated in the reacted layer. The 

measured Mg concentration profile through the reacted layer is nearly 

flat at a concentration of slightly more than 3~. The location of the Mg 

within the reacted layer,was studied by high resolution Auger spectro­

scopy on fresh fracture surfaces, which reveal the ~o3Sn grain boun­

daries, and on sputtered surfaces which represent the grain interior. 
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The quantitative results of the Auger analysiS are unreliable, since Mg 

does not have strong Auger peaks. However; the qualitative results are 

reasonably clear. No strong Mg peaks arise from fresh fracture surfaces 

and the pe.:.k height does not change consistently when the surface is 

sputtered away from the grain boundary, hence Mg does not segregate 

strongly to the grain boundary. 

4. The Influence of Mg on the Grain Size. Previous work [12,13] on 

the grain size of reacted layers of Nb 3 Sn has shown that the layer is 

divisible into three morphologically distinct regions: an inner layer of 

columnar grains growing out from the Nb interface, an intermediate layer 

of fine-grained material, and an outer layer of large, coarsened grains. 

It is hence important to consider the influence of Mg on both the 

minimum grain size and on the distribution of grain size. The grain size 

is best measured from TEtI micrographs of the reacted layer. These mea­

surements are in progress, and the preliminary results suggest that Mg 

does induce a consistent decrease in the minimum grain size, However, 

the most striking effect of the Mg addition is on the grain size distri­

bution. As illustrated in Fig. VIII-12 to 14, for example, the addition 

of Mg suppresses the growth of large grains in the periphery of the 

reacted layer, giving a much more uniform and fine-grained structure. 

This effect is most pronounced at intermediate reaction temperatures. 

It is likely that the suppression of grain coarsening is responsible for 

much of the improvement in Ic. In a Mg-free wire aged at intermediate 

temperature, 30-50% of the total volume of the AIS phase is coarse-

grained. Since the critical current density is a strong inverse 

function of the grain size, the grain refinement of this material is 

expected to yield a substantial improvement in lc. Figure VIII-IS shows 
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two scanning electron micrographs the surface of the fliaments periphery 

of 6700 samples (a) before aging, and (b) after aged at 750 0 C for 1 day 

with the bronze matrix removed. The unreacted filaments showed only 

some drawing marks and a few small voids, and there is no pre-reacted 

Nb 3 S n f 0 u n d • Th e a b sen ceo f the pre - rea c ted A 15 g r a ins has a Iso bee n 

proved by Tc measurement and SEM/EDXS spectra taken from the periphery 

surfaces of filaments. For the reacted filaments, extraneous large 

coarsened grains are observed at the bronze-A15 interfaces. These grains 

have large regular facets and are polyhedron in shape. The A15 grains 

of the inner layer have a much smaller size and are ~quiaxial in shape. 

This observation is consistent with that found in the cocmercial Nb3~n 

multifilamentary wire, Chapt.VII [12,13]. I believed that this is the 

first clear illustration of the three diQentional view of the A15 

grains. A distinctive prove of the Mg effects on the coars~ning of 

grains was shown in Figure VIII-16, where the deep-etched peripheral 

.view of (a) 6700 sample aged at 730 0 C for 12 days and (b) 6762 sample 

aged at 730 0 C for 9 days were deQonstrated. The ability of Hg to 

suppress the grain coarseing and yield an uniformly fine-grained product 

is very striking. From these micrographs. it can be seen that Nb 3 Sn 

grain boundaries are preferentally etched for both the Mg-free and Mg-

bronze wires. This may be due to the high concentration of Cu in the 

grain boundaries [14] and hence the grain morphology can be revealed. 

s. The Influence of Mg on the Composition of the Reacted Layer. 

In previous work [11,12] scanning transmission electron microscopy was 

used to study the concentration profile of Sn within Nb 3 Sn reacted 

layers. The results showed a gradient of Sn froQ a Sn-rich value at the 

bronze interface to a Sn-poor value at the Nb interface, with a band of 
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nearly stoichiometric material near the center of the reacted layer. 

The initiaf results of similar studies of big-bearing material are pre­

sented in Fig. VIII-17. The STEM analyses suggest that the Sn profile 

within the Mg-bearing layer is very flat relative to that in Mg-free' 

wire [11,12]. Quantitative STEM analysis is difficult, and the results 

presented in Fig. VIII-17 must be confirmed by further work before they 

can be accepted as true. Preliminary results of Tc and Hc2 measurements 

show that the Tc midpoint of the &lg-doped and lIg-free wires are similar, 

and that the Dc2 increases slightly with Mg addition. However, the 

increase of Hc2is far too small to account for any significant part of 

the improvement in Ie' Therefore, it can be concluded that the effects 

of Mg addition is mainly microstructural rather than simultaneously 

affecting the intrinsic prope.rties of Nb 3Sn. The significant effect of 

grain size on Ic at higher fields has been recently suggested by Suenaga 

[14]., The decrease in grain size and the more uniform Sn distribution 

by the Mg addition are responsible for the large increase in Ic at 1ST. 

D. Sm!MARY 

The research reported here confirms the original work of Tachikawa 

and coworkers on the beneficial influence of Mg on the critical current 

density of bronze-processed Nb3Sn. The results show that ltfg may be used 

to improve Ic in multifilamentary wire. The critical current density 

improves significantly: at lOT, there is 100 to 200% increase froc 

adding 0.62% big to the bronze matrix. The next best improvement in Ic 

is achieved for the 7.8% Sn-bronze wire doped with O.l'il Mg. The Ie of 

this small amount of Mg addition is only approximately 30% lower than 
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the best. The increase of J c is large enough to be technologically 

interesting. Chemical analysis reveals that the Mg segregates to the 

reacted layer, and resides princ ipally in the bulk Nb 3 Sn, and it does 

not affect the intrinsical properties of the A1S phase in any signifi­

cant way. The microstructural analyses suggest that its principal 

effect is to suppress coarsening of the Nb 3 Sn grains and establish a 

~niformly fine-grained layer. Preliminary data also suggests that Mg 

decreases the minimum Nb3Sn grain size and improves the overall stoi­

chiometry of the reacted layer. 

It should finally be recalled that, while the results obtained in 

this work are technologically interesting, the samples used had very 

h i g h b ron z e t 0 Nb rat i 0 s (R). Since the increase in J c apparently 

depends on the concentration of Mg in the reacted layer, and since 

virtually all the Ug accumulates there, it may prove difficult to 

achieve comparable r.esults at lower R values without substantially 

raising the Mg content of the bronze, or changing to an 'external 

bronze' process. However, by simultaneously adding with other elements 

which has the effect of improving the intrinsic properties, e.g., the 

Hc2 ' may be resulting a even higher J c conductor. This program is now 

under investigation. 
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Table 1. Composition. nomenation. filament size (D), and bronze to Nb 

ratio (R) of the bronze processed multifilamentary wires. 

Cocposition (at~) 

bal. Cu 

6.7 Sn 

6.7 Sn + 0.1 Mg 

6.7 Sn + 0.2 Mg 

6.7 Sn + 0.35.Mg 

6.7 Sn + 0.62 Mg 

7.8 Sn 

7.8 Sn + 0.1 Mg 

Nomena t ion· D R 

6700 11.4 14 

6710 13.4 10 

6720 10.9 15.3 . 
6735 10.7 15.9 

6762 12.5 12 

7800 8.3 27 

7810 12.1 12 

-----------------------------------------------------------------------
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Table 2. The heat treatment time. in day. and percent conversion of Nb 

to Nb3 Sn. in parenthesis. of wires at their most fully reacted 

state for Ic comparison 

6700 20 (63) 20 (93) 12 (92) 8 (90) 4 (90) 

-----------------------------------------------------------------------

6710 14 (57) 4 (99) 2 (99) 1 (95) 1 (99) 

6720 8 (67) 8 (95) 2 (97.) 1 (95) 0.5 (95) 

6735 8 (62) 10 (99) 3 (96) 1 (95) 0.75 (96) 

6762 20 (62) 12 (95) 9 (99) 2 (94) 1.75 (99) 

7800 8 (67) 8 (95) 4 (94) 2 (96) 2 (96) 

7818 4 (68) 6 (95) 2 (98) 1 (98) 0.5 (97) 
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II. CONCLUSIONS 

The main body of my thesis work is devoted to the understanding of 

superconducting properties in terms of the micro-physical and chemical 

states of high-field A15-type materials. Higher critical current is 

achieved through microstructural control which is based on the knowledge 

of the relationships between properties, microstructures and processing. 

The A15 materials under investigation are divisible into two parts: the 

V3Ga and ~b3AI phases formed by a direct-precipitation process, and the 

multifilamentary Nb 3Sn conductors formed by the bronze-process. The 

microstructures can be related to the processes and heat treatments 

through the apparent mechanisms of the reaction which form the A15 

phases. These mechanisms are inferred from the results of high resolu­

tion studies of the microstructures. As current understanding suggests 

it should, the critical current varies with the microstructure, specifi­

cally with grain size and stoichiometry. 

The theories of superconductivity, flux pinning. and metallurgy of 

A15 conductors are critically reviewed. The advantages and disadvan­

tages of various processing methods were discussed based on knowledge of 

metallurgical principles and microstructures. A mathematical model for 

calculating the net free energy increase of a superconducting body by 

the passage of an external electric current is proposed, based on the 

increase in kinetic energy of the electrons. A new interpretation of 

inductive Tc measurement and Bc2 estimation was also discussed. These 

results can be sumcarized as follows. 
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A. TlmOI:ETICAL Cm:SIDEi\.ATlm: OF Fi~i::E :'::i~El~GY 

The change in the interna l,cnergy of a superconuuc t ing bo~y by t1~e 

passage of a supercurrent has not heen understood, except estinlate~ by a 

phenomenological two-fluid model~ However, by using tte DCS cicroscopic 

theory and a quantum Illechanics description of electrons in oomentUI:1 

space, a mechanist ic treatment can be found. This model requires know-

led&e of the Fermi surface, density of state, population and energy gap 

t~ calculate the total energy change of the electrons. The work done by 

the outside environ~ent and hence the free energy chan&e can be calcu-

lated by the kinetic energy of electrons and the density of Cooper 

pairs. The goat of the calculation is to express the intensive and ., . . ' 
extensive ther~odynamical variables by measurable physical quantities. .~ 

Superconducting V3Ga and No 3AI were made by 'quenching supersatu-

rated solutions, deformation, aud then precipitation of the A15 phase by 

aging'treatcent. The critical current characteristics of the procuct 

materials depend both on the inherent properties of the A15 phase and on 

the details of tte precipitation process, which deterl:;ines the :;rain 

size, continuity, volume fraction and composition of precipitates. 

These ~etallurgiccl parameters were examined to study the critical 

current characteristics. The lattice correspondence between tlle ;\15 

crystals and CCC matrix was fouud to follow the K-S relationship: t~e 

closeJ packed planes and Jirections of the precipitates are rarallel to 

those of the r.latrix. The lattice correspon~ence is shown in i:ib. L\-l, 
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A15 precipitates preferentially nucleate on the p!ior-defor~ation BCe 

grain boundaries. and the dislocation cell walls. The nucleation of 

Nb 3 AI precipitates is core hOtlogeneous than that of V3 Ga. The V3Ga 

precipitates grow into elongated grains WAlich have their habit planes 

coincident with the orientation relationship. while the t.b 3AI precipi-

tates are equiaxial in shape. An tj~ical example is shown in Fig. IX-2. 

However. in both cases. thin films of BCe phase between tv/o adjacent A15 

grains have high stability against spheroidization. These fil~s of 

noreal metal may provide part of the current-carrying capacity through a 

surface pinning Iilechanism~ Since the A15 grains in a cluster usually 

have an identical orientation. the A15 grain boundary pinning mechanisc 

will be relatively weak (the effective grain size is larger than tte 

avera&e of individual grains). liowever. the normal-state films lower 

the stability of the conductors. The formatio~ and growth of A15 preci-

pitates have been shown to be controlled by the overall composition, 

prior deformation, and heat treatment. The resultant microstructure an~ 

chemical co~position then determines the superconducting properties. 

e. eOUVI!JITIOtIAL EI!ONZE PROCESSED t\b~ Sn !o1ULTIFILAHEt\TARY nILE 
;) 

Microscopic analyses appear to demonstrate a si~ple and necessary 

connection between the heat treatment and the critical current characte-

ristic of bronze-process multifilacentary Nb 3 Sn superconducting wire. 

Cotl: the physical and the checdcal state of the A15 layer that for!l;s 

around the tfu filament detercine its intrinsic superconducting propcr-

tie s . Th e m 0 s t s t r i kin g ph Y sic a I f eat u reo f the rea c ted I aye r i sit s 

three-shell composite structure. TIl esc il c II: a tic rep res e n tat ion 0 f t his 



three-shel1 structure and the Sn concentration profile are illustrated 

in Fig. IX-3. A mechanism to account for the formation of this struc­

ture is .proposed which includes dislocation generation and polygoniza­

tion and grain coarsening. The polygonized dislocation cell walls in 

the columnar grains are shown in Fig. IX-4. The critical current densi­

ty is apparently determined by the areal fraction, grain size and compo­

sition of the central. fine-grained layer. The areal fraction and the 

microstructure of the fine-grained shell depend on heat treatment. 

Isothermal reaction at lower temperatures creates a fine grain size, but 

yields a low volume fraction of fine-grained material which has a rela­

tively poor composition. Isothermal reaction at high temperatures esta­

blishes a good composition profile, but yields a large grain size and 

low critical current. Isothermal aging at intermediate temperatures 

gives the best combination of microstructural features and the highest 

critical current. Both the microstructure and the critical current can 

be improved further by double-aging treatments that start the reaction 

at 7000 C and finish it at 730 0 C. This treatment produces a large areal 

fraction of fine-grained material with a nearly constant composition, 

and enhances the critical current density by approximately 50% at fields 

bet wee n lOa n dIS T • Th e I c (Ii) c h a r act er i s tic 0 f s u c hat rea t men tis 

shown in Fig. IX-5, where the best obtained Ic of isothermal aged 

samples were also included for comparison. 
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D. ERONZE PROCESED MULTIFILAMENTARY Nb 3 Sn WIRES WITli MAGNESIUM ADDITION 

TO THE MATRIX 

Magnesium addition to the bronze matrix increases the attainable 

critical current density (100-300%) in bronze-processed multifilamentary 

Nb 3 Sn wires at all fields tested (8-1ST). An example of J c at lOT of 

the wire doped with 0~62% Mg and the Mg-free wires is shown in Fig. IX-

6. The increase is large enough to be of technological interest. The 

magnesium segregates all:1ost completely to the Nb 3 Sn layer during the 

reaction. ltIg resides predominately within the A1S matrix, it is not a 

strong grain boundary surfactant. The 1:10st obvious effect of the 1.'g 

addition is to retard grain coarsening during growth of the A1S layer, 

yielding a uniformly fine-grained product. The peripheral surfaces of 

filal:1ents without Mg addition is shown in Fig. IX-7. This effect 

accounts for much (if not most) of the improvement in critical current 

dens i ty. Preliminary experimental results also suggest that ~~g 

decreases the' minimum A1S grain size, and that it also improves the Sn 

distribution within the reacted layer to establish a more uniformly 

stoichiometric phase. 

E. IMlUCTIVE T c AND EXTRAPOLATED Hc2 MEASUREMEt:I'S 

The detailed behavior of the inductive Tc measurement and the upper 

critical field by Kramer's extrapolation have been exacdned. Both of 

the measurements were found to be rlatively independent of the cOtlposi­

t ion pro f i 1 e i nth e Nb 3 S n 1 aye r' due tot h e & e 0 met r y and the i n t r ins i c 

nature of the bronze process. These measurements reflect the average 
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properties of a small volume of the superconducting phase. and were 

determined by the oscillating field amplitude of the inductive appara-

tus. and the sensitivity of the critical current measurement. There-

fore. the results of these measurements cannot be directly related to 

the composition profiles of the bronze-processed Nb 3 Sn layer. 

, , 
...: 



178 

FIGURES AND CAP'I'lONS 
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THE CRITICAL SURFA CE OF Nb-Ti 

X8L 833-5412 

Fig. I-I. The critical surface of a typical Nb-Ti superconductor. 



-180-

(Acm~ 
I06~~--~---.---.--.---.--. 

12 16 20 24 28 (T) 

B..L .. 
X BL 833-5416 

Fig. 1-2. The Jc(H) characteristics of commercially available type-II 
superconductors. Nb Ti is used in the field ranges up to ST. 

·X 
Nb 3 Sn up to 16T. and V3 Ga in the range of 13-1ST. The cur-
rent density of conventional iron-cored electro-magnets is 
shown in the shaded area. 
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FLUX-LINE-LATTICE OF TYPE-II SUPERCONDUCTOR 
IN EXTERNAL FIELD 

XBL833-5413 

Fig. II-I. A schematic representation of the flux-line-lattice (FLL) of 

Type-II superconductor in external field. The direction of 

supercurrent is shown by arrows. 
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XBL834-5498 

Fig. 11-2. The Fermi-surface of a superconductor with a net total momen­

tum P/2 due to current flow. The shell of superconducting 

state has the width of (2mA) 1/2 above the Fermi momentum PF . 

• 
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XBL834-5499 

Fig. 11-3. The calculation of total energy change of a superconductor 

with an external current~ potential energy (pairing and 

depairing of Cooper pairs) remains constant and the net 

energy increase corresponding to the increase of kinetic 

energy of regions IV and V. 
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TVPE-n SUPERCONDUCTOR 

A. No pinning (reversible) 
B. Weak pinning 
C. Medium pinning 
D. Strong pinning 

(b) 

XBLB33-5415 
Fig. III-I. The characteristics of (a) magnetization and (b) critical 

current density. versus applied magnetic field of a Type-II 

superconductor with different pinning strength. 
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0.4 0.6 0.8 1.0 

h = H/HC2 

X BL 834-5541 
Fig. 111-2. Schematic representation of Kramer's flux-shear model. The 

flux-lattice shear strength decreases with increasing exter-

nal reduced field as h1/2(1 - h)2. The flux-pinning inter-

action initially increases with h. at a rate depending upon 

the detailks of the pinning mechanism. The actual Lorentz 

force curve is the lower combination of these two curves. 

As the pinning strength is increased. the lattice shear 
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XBL 833-5437 

Fig. IV-I. The crystal structure of A15 phase. Three orthogonal linear 

chains of transition elements which lie on the surfaces of 

conventional unit cell were shown by solid lines. 
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Fig. IV-2. The equilibrium Nb-Sn phase diagram. 

80 100 
Sn 

XBL 833-~407 
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Nb 

13 

Sn-' 

XB L 833 -5408 

Fig. IV-3. The schematic representation of a portion of Nb-Cu-Sn ternary 

Gibbs triangle at 700 0 C. The diffusion path oj bronze­

process is shown by dotted line. 
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Cu 

XBL 834-9016 

Fig. IV-4. The schema tic phase diagrams of (a) V-Cu-Si. and (b) Nb-Cu-Ge 

ternary Gibbs triangle at 7000 C. The diffusion paths of two 

bronze compositions to V (Nb) were shown by dotted lines. 
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Cu 

CI4 
(Laves phase) 

Nb~--~------~~---------------

XBL 838- 6 2 00 

Fig. IV-S. The equilibrium isotherm at lOOOoC of the Nb-Cu-AI phase 

diagram. 



-191-

I. INTERNAL BRONZE (1969) 

Bundle, 
Draw and Annea! 

2. EXTERNAL BRONZE (1972) 

Bundle 
and Draw 

Sn Plati ng 

Heat 
Treatment 

, ' '0> :':: :":' , 
::,' :0:' .. 
'0" , :' '0":0';:'" -. . . . . .. . . ... .. ... . '. " .-

Heat 
Treatment 

X8L 833-5409 

Fig. IV-6. Schematic diagrams for (1) the internal bronze and (2) the 

external bronze proceses for multifilamentary Nb 3 Sn wires, 
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3.1 NTE R NAL Sn DIFFUSION (1974) 

Heat 
Treatment 

4. INTERNAL TUBING (I975) 

0) Bronze 

b) Sn+Nb 

Cu 

Cu-Sn 

XBL833-5410 
Fig. IV-7. Schematic diagrams for modified bronze processe,; ;3) the 

internal tin diffusion. (4a) the internal bronze tubing. and 

( 4 b ) the in t ern a 1 tin - Nb tub in g pro c e sse s . Th e dot ted and 

the shaded areas represent the bronze and Sn-Cu alloys. 

respectively. 
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5. E C N PROCESS (1980) 

N b Sn2 Powder 
in Nb Tubing 

Bundle, Extrude, Draw 

6. MODIFIED JELLY-ROLL PROCESS (1981) 

Nb Sheet 
Slit, Expand 

Roll-up with Cu 
Extrude. Draw 

and Sn Homogenize 

Heat 
Treatment 

Heat Treatment 

X8L 833- 5411 

Fig. IV-S. Schematic diagrams for modification of bronze processes: (5) 

ECN powder process. and (6) modified Jelly-Roll process. 
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IN-SITU PROCESS (1973) 

Nb dendrite 

Cast Nb + Cu Alloy 
or 

N b + Cu Powder 

Sn .---... 

Extrude, Draw 

and Sn Plate 

Fig. IV-9. Schematic diagram of the in situ process. 

~ " . ... ..... ~ . " .. . . I •. . .' . ... .. 
. ,".," .":. . ",. ... '/.'. . . .....:,.' '. . 
. ;/.". ... .. . . . . 

Heat Treatment 

XBL833-~417 
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AIRCO Internal Bronze Wire 

-Cu 

- Ta 

'Cu-Sn 

\ 
Nb 

XBB 831-546A 
Fig. V-I. Scanning electron micrograph showing the overall configuration 

of bronze-processed multifilamentary Nb 3 Sn wire used in this 

study . 
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6.7 S N 

XBB 820-10448 

Fig. V-2. Sections of two partially reacted laboratory scale bronze­

processed Nb 3 Sn multifilamentary wire. 
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v- 15.6% Ga, 75% Def., 700oC/ 1 D 

XBB 836-5391 
Fig. V-3. Scanning electron micrographs of etched section of V-15.6 at.% 

Ga deformed 75% and aged at 700°C for 1 day. 
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Homogenization / A. C. 

90 % Deformation 
700 °c Aging 

Composition 

• V-15.5 at. % Go 
• V-I8.0 at. % Go 

IILI--------~--~~------~--~b.------~5~OO 
Hours 

XBL809-5960 

Fig. VI-I. Critical temperature versus aging time for V-IS.S at.% Ga 

and V-18 at .% Ga samples. 
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Fig. VI-2. Critical temperature versus aging time for Nb-17.7 at.% Al 

and Nb-18.8 at.% Al specimens. 
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Homogenizat-ion / A. C. 
90 % Deformation 

700°C Aging 
Composition 

• V - 15.5 at. % Go 

A V - 18.0 at. % Go 

100 
o~--------~----~--------~----~--------~ 

I 10 500 
Hours 

XBL809-5963 

Fig. VI-3 . Critical field at 4.2K versus aging time for V-1S.S at.% Ga 

and V-18 a t .% Ga samples. 
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1930°C Homogenization/W. Q. 

400°C Deformation (~ 90%) 
750°C Aging 

Composition 

• Nb -17.7 at. % AI 

.. Nb -18.8 at. % AI 

OL-----------L---~----------~----~----~ 
I 10 100 

Hours 

XBL 809-5961 

Fig. VI-4. Critical field at 4.2K versus aging time for Nb-17 .7 at.% Al 

and Nb-18.8 a t.% Al spec imens. 
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XBL805-5104 

F ig. VI-So Critical current versus applied magnetic field for V-IS.S 

at.% Ga samples with different aging times. 
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v - 18. 0 at. % Go 
90 % Deformation at 700 °c 

700°C Aging 

10~ __ -L ____ L-__ ~ ____ ~ __ ~ ____ ~ __ ~ ____ -L __ ~ 

o 20 40 60 80 100 
H (KG) 

120 140 160 180 

X BL805-51 03 

Fig. VI-6. Critical current characteristics, Jc(H), of V-18.0 at.% Ga 

with different aging times. 



3 
10 

2 
10 

-204-

1.5 hrs 

Nb-17. 7 at. % AI 
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700°C Aging 
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XBL 805-5100 

Fig. VI-7. Critical current characteristics, Jc(H), of Nb-17.7 at.% Al 

with different aging times. 
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XBB 800-13513 

Fig. VI-So Transmission electron micrograph (TEM) of as-deformed V-lS.6 

a t.% Ga spec imen. 
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XBB 823-2681 

Fig. VI-9. TEM micrograph of dislocation cell wall structure of V-1S.6 

at.% Ga sample aged at 700°C for 1 day. 
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XBB 800-13511 

Fig. VI-IO. TEM micrograph of dislocation cell wall structure of V-lS .6 

at.% Ga sample aged at 700°C for 2 days. 
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XBB 800-l3516 

Fig. VI-II. TEM dark-field micrograph of dislocation cell wall structure 

of V-18 at.% Ga sample aged at 700°C for 1 day . 
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Fig. VI-12. TEM micrograph of dislocation subgrain boundaries of Nb-17.8 

at .% Al sample aged at 750°C for 12 hours. 
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XBB 800-2680 

Fig. VI-13. TEM micrograph showing a V3Ga precipitate at the intersec-

tion of prior-deformation grain boundaries of sample aged at 

700°C for 1 day. 
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XBB 800-14542A 
Fig. VI-14. TEM micrograph and the corresponding diffraction pattern 

(insert) of V-lS . 6 at.% Ga sample aged at 700°C for 48 

hours. The in-grown dislocation was clearly visible at the 

center of the micrograph. 
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XBB 800-13517 

Fig. VI-15. TEM micrograph of V-15.6 at.% Ga sample aged at 700°C for 69 

hours. 



-213-

, 

, 

.. ' 

1"/ "' f ' 
; 

<OIl 
,3000 A 

-
XBB 800-14550A 

Fig. VI-16. Another example of TEM micrograph of the same specimen as 

that of VI-15. 
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XBB 800- 13514 

Fig. VI-17. TEM micrograph of V-IS.6 at.% Ga sample aged at 700 0 e for 

4.5 days. Regions A and Bare A15 and Bee phases. 

respectively. 



XBB 800-13519 
Fig. VI-1S. Another TEM example of the same condition specimen as VI-17. 

Notice the elongated shape of A15 precipitates . 
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XBB 800-13515 
Fig. VI-19. TEM micrograph and the corresponding diffraction pattern of 

A15 precipitates on dislocation cell walls of the sample 

aged at 700°C for 4.5 days . 
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XBB 800-14545A 
Fig. VI-20. TEll micrograph of V-1S.6 at.% Ga aged at 700°C for 7 days. 
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XBB 800-13524 

Fig. VI-21. TEM micrograph and the corresponding diffraction pattern of 

sample aged for 11.5 days. 



,6000A1 

Fig. VI-22. TEM micrograph and the corresponding diffraction pattern of 

A15 (011) zone axis showing the A15 precipitates having 

similar orientation. The sample was aged at 7000 C for 11.5 

days. 
XBB 800-13522 

I 
N 
f-' 
I.D 
I 



-220-

XBB 800-13521 
Fig. VI-23. Dark-field micrograph of V3Ga precipitates showing stable 

BCC films between A15 phase. The sample was heat treated at 

700°C for 11.5 days. 
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XBB 800-13525 
Fig. VI-24. TEM micrograph and the corresponding diffraction pattern of 

V-18.0 a t.% Ga aged a t 700°C for 6 hours. 
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XBB 800-14543A 
Fig. VI-25. TEM micrograph showing the V3Ga precipitates of samples aged 

for 12 hours. 
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Fig. VI-26. TEM micrograph showing the V3Ga precipitates and the stable 

Bee films of V-18 at .% Ga sample aged at 7000 e for 24 hours. 
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Fig. VI-27. TEM micrograph and the co~responding diffraction pattern 

showing the coalescence of V3Ga precipitation and the 

spheroidization of BCC phase of V-18 at.% Ga sample aged at 

7000 C for 48 hours . XBB 800 - l}S23 
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Fig. VI-28. TEM micrograph of Nb-18 at.% Al sample aged at 750°C for 3 

hours. The Nb3AI precipitates nucleated preferentially on 

the sub-grain boundaries. 

XBB 800-2119 
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Fig. VI-29. TEM micrograph and the corresponding diffraction pattern of 

Nb-18 at .% Al sample aged at 750°C for 3 hours. 
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XBB 800-13537 

Fig. VI-3~. TEM micrograph and the corresponding diffraction pattern of 

Nb-18 at.% Al sample aged at 750°C for 6 hours. 



Fig. VI-31. TEM micrograph and the corresponding diffraction pattern of 

sample aged at 750°C for 12 hours. Not ice that the 'precipi-

tates showing complex bending contours indicate the strain 

of A15 phase. XBB 800-l3541 
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XBB 800-13540A 

- Fig. VI-32. TEM micrograph of Nb-18 at.% Al sample aged at 750°C for 12 

hours . 
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Fig. VI-33. Grain size versus aging time for V-15.6 at.% Ga samples aged 
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Fig. VI-34. Grain size versus aging time for V-18.0 at.% Ga samples aged 
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Fig. VI-3S. Grain size versus aging time for Nb-18 at.% Al samples aged 
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Fig . VI-36( a) XBB 837-5993 

Fig. VI-36 . TEM micrograph (a) and th e corresponding convergent bea m 

electron diffraction pattern (b) of V-15.6 at.% Ga sa mp l e 

aged a t 700°C for 4.5 days . 
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Fig. VI-36(b) XBB 800-14820 
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Fig . VI- 37 (a) XBB 800-14543A 

Fig. VI-37. (a) TEItt micrograph of V-1S at.% Ga deformed 90% and aged at 

7000 C for 12 hours. Regions A and Bare A15 and BCC phases . 

respectively. (b) The corresponding convergent beam elec­

tron diffraction pattern. (c) Index pattern of (b). 
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Fig. VI-37(b) 
XBB 800-14821 



-237-

0 bee 0 

• • A-/5 0 • • • • 0 • • • • • 0 '. • • 0 
• • • .0 • 

• 040 • 0 • 
ii2e • OITS • • • 0 _ . 

• 120 • • • • 000 • • 010 0 • • • • • 0 
0 • 100 • 120 112 8 • 110 

~-• IDle • • • • 0 • • ITOe • 
0 • • • • • • • • 

0 • • • 
0 

Fig. VI-37(c) XBL 811- 5123 
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Fig . VI-38. (a) TEM micrograph of Nb-18 at.% Al deformed 99% and a ged 

at 750°C for 3 hours. (b) The corresponding convergent 

beam electron diffraction pattern. 



-239-

Fig. VI-38 (b) XBB 811-796 
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XBB 823-2690 

Fig. VI-39. TEM micrograph of the annealed V-18 at.% Ga sample aged a t 

700°C for 2 days. The crystallographic orientation of 

precipitates' habit plane is shown in the figure. 
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v - 1 8 Ga 
Homog. 
700't/2D 

XBB 823-2695A 

Fig. VI- 40. (a) Br ight-field TEM micrograph , (b) dark-fie ld of Bee 

reflec tion . and (c) the corresponding diffrac tion pattern 

of the annealed V-IS at.% Ga aged at 7000 e for 2 days. 
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XBB 823-2685 

Fig. VI-4I. TEM micrograph of annealed V-18 a t.% Ga sample aged at 7000C 

for 4 days. 
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Fig. VI-42( a ) XBB 823-2687 

Fig. VI-42. (a) Bright-field TEM micrograph . (b ) dark-field of A15 

reflection, and (c) the corresponding diffraction pattern , 

of annealed V-18 at.% Ga sample aged at 700°C for 4 days . 
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Fig. VI-42(b) XBB 823=2686 
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XBB 823- 2689 

Fig . VI-43. Lattice image of a precipitated V3Ga in the annealed V-1S 

at.% Ga sample aged at 700°C for 4 days. 
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v- 15.6% Ga, 75% Def., 700oC / 1 D 

Fig. VI-44. Scanning el ectron micrographs of V-lS .6 at.% Ga defo r med 75% 

and aged at 700°C for 1 day showing the heterogeneous nature 

of V3 Ga prec ipitat ion. 
XBB 836-5391 
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Fig: VI-45. The superimposed conventional unit cells of Bee and A15 

structures with the parallel planes (heavy lines) and direc-

tion (large dashed line) indicated. 
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25 KV 173x 578 f-Lm 
I I 

XBE 831-546 

Fig. VII-I. A scanning electron micrograph of the cross section of a 

typical multifilamentary Nb 3Sn wire sample. 
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25 KV 860x 1I.6fLm 
I I 

XBB 831- 95 7 

Fig. VII-2. A scanning electron micrograph showing the reacted A15 layer 

around the filaments. The sample was heat treated at 700°C 

for 6 days. 
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Fig. VII-3. The critical current characteristics, Jc(H), for samples 

reacted at 650°C for 4, 8, and 16 days. 
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Fig. VII-4. The critical current characteristic. Jc(H). for samples 

reacted at 700°C for 2. 6. and 8 days. 
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Fig. VII-5. The crit ical current character istic, J c (ll), for samples tha t 

were isothermally aged to essentially complete reaction at 

650, 700, 730 and 800°C. 
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F i g. VII-6. The inductive superconducting transition temperature, Tc' as 

a function of aging time for samples that were isothermally 

reacted at 650, 730 and 800°C. 
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XBB 831-544 

Fig. VII-7. A scanning electron micrograph showing the core configura­

tion and Ta diffusion barrier which constrains the expansion 

of the bronze matrix. The sample was heat treated at 7300 C 

for 2 days. 
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Fig. VII-B. The average A15 layer thickness as a function of aging time 

for samples that were reacted isothermally at 650, 700, 730 
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Fig. VII-9. Schematic representation of the overall morphology of a 
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XBB 818-7133 

Fig. VII-IO. Transmission electron micrograph of the columnar A15 grains 

near the Nb core of i ' .. ample aged at 730 0 C for 2 days . 
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Fig. VII-ll(a) XBB 822-1159 

Fig. VII-I1. The selected area diffraction pattern (a) and the corres­

ponding bright field micrograph (b) showing the columna r 

nature of the AI5 grains near the Nb interface. The sample 

was aged at 750°C for 2 days, 
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Fig. VII-llCb) XBB 818- 7140 
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XBB 824-4088 

Fig. VII-12. Transmission electron micrograph of the A15 grains within 

the fine-grained and coarse-grained shells in the reacted 

layer of the sample aged at 700°C for 8 days. 
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Fig. VII-13 . Transmission electron mic r ograph of the f i ne-grained r egion . 

and large-coarsened grain s o f t h e reacted layer f or t he 

sample aged at 730°C for 2 da ys . 



- 263-

o. 25 KV IB.4 KX 5~4(nm 

6 50°C / I 6 DAY S 

b. 25 KV IB.7 KX ~351nm 

7 0 0 °c / 6 DAY S XBB 831-226 

Fig. VII-14. Scanning electron micrographs showing the fracture surfaces 

of broken filaments that had been reacted at (a) 650°C for 

16 days and (b) 700°C for 6 days . Note that the fine, 

equiaxed grains in the layer center are not obvious on the 

fracture surface . 
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XBB 824-4087 

Fig. VII-IS. A transmission electron micrograph of a sample aged at 

7S0oC for 2 ,days, showing the columnar and fine-grained 

shells. Note that the grain boundaries in the fine-grained 

, 
shell are primarily low angle boundaries. 
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Fig. VII-16. The areal fraction of the fine-grained shell. relative to 

the original cross section of the Nb filament. as a 

function of the aging temperature for wires that were aged 

to essentially complete reaction. 
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Fig. VII-17. The average grain size within the fine-grained shell as a 

function of the aging temperature for samples that were 

isothermally aged to essentially complete reaction. The 

data of Scanlan et al. [6] and Shaw [7] are included for 

comparison. 
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400A 
I I 

XBB 824-4085 

Fig. VII-l8. A high resolution transmission electron micrograph of A15 

grain morphology near the Al5 core. The generation of 

Frank-Reed type dislocations were evident (arrows). The 

sample was reacted at 650°C for 16 days. 
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XBB 824- 4086 

Fig. VII-19. A transmission electron micrograph under a suitable dif-

fraction condition showing the dislocation pile-ups in the 

columnar grains for sample reacted at 7000 C for 8 days. 
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Fig. VII-20. A high resolution transmission electron micrograph showing 

dislocation pileups in the columnar grains. The sample was 

isothermally aged at 700°C for 6 days. 
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Fig. VII-21. The Sn concentration profile across the reacted layer, as 

determined by STEM/EDXS analysis for samples aged isother-

mally at 700 0 C for 2 and 8 days. 



-271-

'il 650°C/16 days 
0 700°C/8 days 

32 
• 730°C/2 days I 

o 800°C/2 days I 
I I 
I ~ 

28 I I 
I II 

I 
at. % Sn I II 

I 
24 I II I 

Ix I I II 
I I II I-n: 
L_ I II I~ 

20 Ie::! 
Nb I A-IS layer I ,I I~ 

I I II 
I~ I I 

16 I I. 7 flm 
I II IZ 

I i II I~ 
I 

1.85 flm ~II ICD 
1.9 flm , 

~ ~I 2.3 flm 
I I 

Iflm---I 

Distance 

XBL 831-5054 

Fig. VII-22. The Sn concentration profile across the reacted layer. as 

determined by STEM/EDXS analysis for samples reacted iso-

thermally to near completion at temperatures in the range 

650 to 800o C. 
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Fig. VII-23. A schematic representation of (a) the grain structure, and 

(b) the tin concentration profile across the reacted A15 

layer. 
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Fig. VII-24. Schematic heat treatment schedules to improve the micros-

tructural state of A15 layers. 
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Fig. VII-25. The average thickness of the A15 layer as a function of 

a gin g tim e • Th e sol i d 1 in e s are for i sot her mal a gin gat 

650 and 700 oC. The dotted lines continue the curves for 

the temperature and time of double aging. 
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Fig. VII-26. The areal fraction of fine equiaxed grains in the reacted 

layers of the doubly aged specimens, relative to the origi-

nal cross section of the Nb filament. The comparable data 

for singly aged specimens is reproduced from Figure 11. 
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XBB 822-115 7 

Fig. VII-27. A transmission electron micrograph of the fine-grained 

s he 11 with in a sam pIe th at was do ubI y age d a t 700 0 C for 6 

days plus 730°C for 1 day. Examples of dislocation pileups 

and low angle grain boundaries are indicated by arrows. 
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Fig. VII-28. The frac tographs of the reacted A15 layer for samples heat 

treat ed at (a) 650°C. 14 days + 730°C . 2 da ys, and (b) 

800°C f or 2 days. 
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Fig. VII-29. The Sn concentration profiles, as determined by STEM/EDXS 

analysis, for three doubly aged specimens. 



C\J 
E 
u 

"'-
0. 
E 

<I: 

u 
J 

a 
~ 

Q) 

> 
0 

-279-

I05~----~----~-----.----~r-----r-----1 

10
4 o 650 °C/14 Days + 730°C/2 Days 

6 650°C/14 Days + 750°C/2 Days 
o 650°C/16 Days + 800°C/0.5 Hour 

8 10 12 
Tesla 

14 16 

XBL822-5158 

Fig. VII-30. The Jc{H) characteristic of double-aged specimens starting 

with 650°C and followed by various higher temperature 

aging. 
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Fig. VII-31. The Jc(H) characteristic of several double-aged specimens 

with 700°C as the starting heat treatment temperatures. 

The Jc(H) of the 700°. 6 days sample is also included. 

representing the best obtained by isothermal aging. 
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Fig. VII-32. The critical current characteristic. Jc(H). for a sample 

aged at 7000 C/4 days + 7300 C/2 days. Jc(H) is compared to 

those attained by the best isothermal treatments: 7000 C/6 

days and 7300 C/2 days. 
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Fig. VII-33. The characteristic of volume pinning force, J e X H, versus 

the reduced magnetic field, h = H/He2' for several doubly 

aged and isothermal treated specimens. 
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F ig . VIII-I. Sections of two partly-reacted wires . 
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Fig. VIII-2. Cross-sectional area of Nb 3 Sn phase versus aging time for 

samples aged at 650°C. 
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Fig. VIII-3. Cross-sectional area of Nb 3Sn phase versus aging time for 

samples aged at 700°C. 
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Fig. VIII-4. Jc(H) for wires reacted at 730°C for 4 days. 
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Fig. VIII-6. Jc(H) for wires reacted at 730°C to near fully reaction. 
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Fig. VIII-7. J
c

(10T) versus aging temper'ature for various Mg concen-

trationsin 6.7% Sn-bronze at nearly fully reacted state . 
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Fig. VIII-S. J c at lOT versus aging temperature for 0.1% Mg doped and 

Mg-free wires with 7.S% Sn-bronze matrix. 
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Fig. VIII-9. Ie at lOT versus aging temperature for 6.7 at.% Sn + 0.1% 

Mg wire comparing to the Mg-free Sn bronze wires . 
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Fig. VIII-14. SEM fractographs showing the grain size variation with Mg 

addition for wires reacted at 780°C. 
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Fig. VIII-1S. Deep-etched scanning electron micrographs of filame nt s ' 
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t reated wires. 
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Fig. VIII-16. Deep-etched scanning electron micrographs of reacted fila­

ments periphery showing the outer layer grains sizes 

variation. 
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Fig. IX-I. The schematic representation of the orientation relationship 

between Bee and AI5 crystal structure. 
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Fig. IX-2. A typical TEM micrograph of the Direct-Precipitated V3Ga . 
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Fig. IX-3. A schematic representation of the three-shell composite 

structure of the A15 layer formed by the Bronze-process. • 
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XBB 825-4151 

Fig. IX-4 . The polygonization of dislocation wall struc t u res in the 

columnar grains near the residual Nb. 
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Fig. IX-S. The Jc(H) characteristics of a bronze-processed wire. 
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XBB 835-4408 

Fig. IX-6. The J e at lOT of the 6762 wire as compared to the Mg- free 

wires versus aging temperature. 
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The periperal surface of filaments without Mg addition 

showing the outer large coarsened grains and the central 

layer of the fine grains. 
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