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A dual phase steel is one of the high strength steels 

characterized by a microstructure consisting of dispersed 

martensite in a ferrite matrix. A study of solute partitioning 

in a dual phase structure is of considerable importance because 

it controls not only the hardenability of austenite but also its 

growth rate during intercritical annealing. A systematic study 

was made of solute partitioning with particular emphasis on the 

relation between solute partitioning and microstructure formation 

for low carbon steels containing 1.5 wt% manganese, 2 wt% 

silicon, and 1 wt% aluminum. 

Two types of heat treatments were employed to obtain dual 

phase structures; 1) step cooling from the austenite region, 2) 

reheating into the intercritical region, followed by quenching in 
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both casas. The volume fraction of martensite was measured as 

a function of intercritical annealing time. Concentration line 

profiles and partitioning coefficients were measured using x-ray 

microanalysis. These measurements enabled the effect of 

alloying elements and heat treatments on the growth of 

the transformed phase to be determined. 

It was found that in the manga~ese steel, the growth rate of 

austenite in the reheating treatment was higher than that in the 

step cooling treatment. In the step cooling treatment, long 

range carbon diffUsion was· interrupted by the high manganese 

barrier, whereas in the reheating treatment, the growth of 

austenite was controlled by carbon diffusi-on in the early stage. 

of austenite grow.th. 

Ferrite growth in a siLicon containing steel was faster than 

that. in a manganese steel in the step cooling treatment. This 

fact is due to the difference of partitioning coefficients and 

carbon activities in austenite between silicon and manganese 

steels. 

Finally, based on these results, optimum alloy design and 

heat treatments are proposed. 

It' 
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1 • INTRODUCTION 

1.1 Opening Remarks 

Dual phase steels are an interesting, rather simple class of 

strong, ductile, low alloy and low carbon steels that have bean 

developed over the last decade [1-6]. They have the attractive 

features of continuous yielding , high work hardening rata, high 

ratio of tensile to yield strength and good formability. These 

features indicate a great potential for cold forming applications 

(for example, sheets for the automobile industry). 

Most of the investigations on dual phase steels have been 

concerned with processing, mechanical properties, and 

applications. The study of microstructure, morphology, and alloy 

design considering the favorable microstructure have not been 

studied extensively except in the program at U.C.B •• The recent 

improvements in methods of materials characterization, 

particularly Analytical Electron Microscopy [7,8] now allows more 

detailed analyses to be done of the microstructure formation. 

Empirically, the properties of dual phase steels can be 

understood in terms of a composite of two (or more] phases, 

."'! ferrite and martensite. The important parameters in controlling 

i ... the pro~erties are the volume fraction and strength of 

martensite, both of which are determined by the intercritical 

annealing tempe!ature and the composition of the alloy; at 

equiLibrium, these ere found from the appropriate tie Line 

construction. During intercritical annealing, alloying elements 
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redistribute with time to reach chemical equi Ubrium, and this 

r ad i s t r 1 but i on a f fact s not on l y t h a f i n a l h a r den a b i U t y o f 

austenite in the dual phase structures, but also its growth rate 

during intercritical annealing. The study ofpartitioning of 

solute elements provides a useful clue to the transformation 

mechanism. 

Hence, the current research is concerned with a detailed 

study of microstructure, especially as affected by solute 

partitioning during intercritical annealing. 

1 .2 Background 

1.2.1 History 

Two types of heat treatments have been employed to obtain. 

dual phase s~ructures; 1) step cooling from the austenite region, 

2) reheating into tha intercritical region, followed by quenching 

in both cases (see, Fig. 1 and Fig. 2). 

11 Step Cooling 

This heat treatment involves austenitizing followed by 

cooling to a temperature below Ara· From a practical point of 

view, this heat treatment has been employed to produce hot rolled 

dual phase steels, and the processing techniques have been 

extensively studied [1-6]. 

In the fundaments l aspects, there have also been a number of 

prior studies reg~rding the growth kinetics of proeutectoid 

ferrite. The relation between morphology and undercooling, and 

interface structure has been discussed- by Aaronson and his 
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coworkers [9-13 l. At small undercoolings below A3 , ferrite 

nucleates on austenite grain boundaries and grows in a "blocky" 

manner to form grain boundary allotriomorphs. At Large 

undercoolings, ferrite tends to grow from the grain bou.ndaries as 

plates, termed Widmanstltten side-plates, which become finer with 

i ncrea sing un dercoo lings. In both cases smoothly curved, 

supposedly incoherent interfaces between ferrite and austenite, 

and faceted semicoherent interfaces exit. However, the relative 

rates at which semicoherent and incoherent interfaces can migrate 

vary with undercooling, which contribute to the different 

morphologies. 

Aaronson and his coworkers [14-15] also studied partitioning 

of alloying elements between austenite and proeutectoi d ferrite 

or bainite. However, since concentration profiles were obtained 

using electron microprobe analyses, the spatial resolution is too 

poor to perform a detailed analysis of partitioning, especially 

at interfaces between ferrite and austenite. The other reason 

that the previous results cannot be simply applied to a study of 

dual phase steels is that the alloy used in these studies were 

not representative of those of dual phase steels. 

2) Reheating 

This heat treatment involves reheating from the subcritical 

temperature (below Ac 11 into the intercritical (ferrite· and 

austenite) region. 

Since Koo et al [16] studied partitioning in a dual phase 

steel by STEM-EDS (Scanning Transmission Electron Microscopy -

Energy Dispersive X-ray Spectrometry), this work has become a 
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subject of considerable interest in recent years [17-21]. In 

these works, various experimental results for partitioning in 

dual phase structures incLuding that by th a step cooling 

treatment were exhibited, but the dependence of solute 

partitioning on the alloy composition and the intercritical 
;, 

annealing conditions and relation between partitioning and the '<#' 

kinetics of the phase transformation were not elucidated. 

At the same time, the kinetics of reaustenitization during 

intercritical annealing has also received attention [22-28]. 

Speich at al. [23] discussed the microstructure formation in 

manganese containing dual phase steels, in which the starting 

microstructure was ferrite-pearlite. They concluded that 

austenite formation was separated into three stages: (1) very 

rapid growth of austenite into pearlite, (2) slower growth of 

austenite into ferrite contolled by carbon and manganese 

diffusion, (3) a very sLow fine L equ~ Li brati on stage. 

Most of the researches to date concern austenite formation 

from a ferrite-pearlite structure, and discuss partitioning from 

that microstructure. Since ferrite-pearlite structures were 

obtained by continuous cooling from the austenite region, the 

substitutional elements were already partitioned to cementite in 

th~ pearlite structure. This is one df the reasons why the 

quantitative analyses for the results of partitioning have not 

been performed accurately. In order to discuss partit·ioning 

quantatively, the preferable starting microstructure is one such 

as martensite in which the solute elements are homogeneously 

distributed within the microstructure. 
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1.2.2 Theoretical background of the kinetics of phase 

t ran sfo rmat ion 

Considerable investigations have been carried out in various 

types of diffusion controlled phase transformations, for example, 

the pearlite transformation [29-33], the bainite transformation 

[33-35], tha proeutectoid ferrite reaction [9-13, 36,37]; tha 

massive transformation [38,39], and the growth of cementite 

allotriomorphs [40], and have bean vary successful. 

Local equi l i bri • 

One of the important models is local equilibrium which 
' 

applies equilibrium thermodynamics to a kinetic phenomenon. In 

the local equilibrium model, it is assumed that the elements of 

two phases in contact with each other are in chemical equilibrium 

at the interfaces, but the bulk composition does not attain 

chemical equilibrium. 

DiffUsion and interface controlled growth 

Local equilibrium is one of the conditions which 

distinguishes the difference between diffusion and interface 

controlled growth [41, 42]. 

The migration rate of the interface v can be written as 

[1-1) 

where M is the interface mobility, andag is the difference of 

chemical potential between two phases which is a positive driving 

force across the interface, and Vm is the molar volume of the 

transformed phase. 

When the interface mobility M is very high, ag can be very 

small. Under these conditions there is local equilibrium at the 
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interfaces. The interface motion is controlled by diffusion 

and than the growth rata can be calculated as a function of time 

basad on the diffusion squat ion. On the other hand, when the 

interface has a lower mobility, a greater chemical potential 

di ffaranca ~g is raqui red to move the interface and there is a 

deviation from local equilibrium conditions at the interface. 

In th a ext rem a case, when the react 1 on at ep at the interface is 

so sluggish that the reaction does not give rise to any 

concentration differences, this growth condition is termed to be 

interface controlled growth. 

In most of the cases, the interface is migrating under mixed 

control, and a driving force for reaction, that is, the decrease 

in free energy can be written as, 

~g =~go + agi (1-2) 

where the superscript D and I denote the diffusion and interface. 

Paraequt ltbrt• 

This basic concept was proposed by Hu l tg ran (43] and has 

been developed by H;LLert [44], Kirkaldy [45], and Aaronson 

( 14,15]. This model is extemely useful for ternary systems 

with one fast diffusing species. In this condition the 

substitutional elements do not contribute to the transformation 

except for the crystallographic change. The transformation 

advances only by the interstitial element diffusion, and lcical 

equilibrium of the interstitiaL element is attained across the 

interface. 

Thus, in a ternary alloy such as Fe-Mn-C system, the 

paraequi librium condition can be obtained as [45] 
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where the superscript and denote ferrite and austenite 

respectively, gi is the partial molar free energy, or chemical 

potential of each of the three components, the subscript 0, 1, 2 

denote the matrix, the interstitial solute element, and the 

substitutional element respectively, and x0/x2 is the ratio of , 

the mole fraction between the substitutional element and the 

matrix. 

Solute drag affect 

This theory was first developed by LUcke and Detert [48] for 

the influence of a foreign element upon the rate of 

recrysta lli zati on~ The LUcke-Detert theory was extended by Cahn 

[49] and Llt:ke and StlMe [50], giving a more rigorous treatment 

of the diffusion of solute atoms in the potential field of a 

grain boundary. It was found that the drag on a grain boundary 

involves an impurity atmosphere which depends on the velocity of 

the grain boundary, the diffusivity of the impurity, and its 

interaction with the grain bou.ndary. At high velocities the 

faster diffusing impurities have a greater drag, whereas at low 

velocities the slower diffusing impurities have a greater drag. 

Hillert [51] also developed a similar concept based on the 

spike in front of the advancing interface during a phase 

transformation which is called the truncated spike model. This 

model also predic-ts that the free energy loss due to diffusion 

decreases above some critical migration rate. 

Aaronson's theory is termed "Solute drag-like effect". 
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This has not yet been described by quantitative theory, and was 

evaluated experimentally only by the difference between observed 

kinetics and those predicted by the paraequilibrium modele 

When the substitutional element X reduces the activity of carbon 

in austenite, the driving force for growth is retarded by 

depressing the carbon activity in contact with the boundary. 

On the other hand, when X increases carbon activity, the driving 

force fo.r growth will be larger, leading to a inverse "Solute 

drag-like effect". This effect was applied to a minimum in the 

parabolic rate constant for thickening at the temperature of the 

bay in the TTT-curve for initiation of ferrite and bainite 

formation in a Fe-c-Mo alloy (12lc 

1.3 Summery and Objectives 

From the foregoing, it is clear that a study of solute 

partitioning in dual phase structures is of considerable 

importance because it controls not only the hardenabi lity of 

austen;te but also its growth rate end mechanism during 

intercritical annealing~ Very little data is available in this 

field, and a systematic study of this subject with particular 

emphasis on the relation between solute partitioning and 

microstructure formation has not yet bean made. 

Regarding the theoretical work in this subject, no detailed 

discussion based on the transformation model described in the 

previous section, except the latest paper by Hi llert (531 has 

been published. 

,-. 
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Thus the aim Of this research is: 

1) to investigate solute atom partitioning as a function of 

starting microstructure, alloy composition, and intercritical 

annealing conditionse 

21 to discuss microstructure formation based on the various 

transformation models in light of the data obtained by 1). 

3) ~o present basic information for optimum alloy design and 

heat treatment cycles. 

',·,.f); 
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2. Experimental Procedures 

2e1 Materials 

The investigation is performed on Low carbon steels, which 

have a wide range of the intarcritical (ferrite and austenite) 

region. They were supplied by Nippon Kokan K. K.. They were 

vacuum induction malted in 150 kg ingots and cast in vacuum. 

They were homogenized at 1250°C for 3 hrs and hot rolled to 2.4 

inch thick plates. Rectanglar bar 2.4 inch wide were cut from 

these plates and hot forged to 0.6 inch rods. These bars were 

then hot rolled and cold forged into 0.3 inch rods. The 

chemical compositions of the 0.6 inch hot forged rods are shown 

in Tabla 1. 

2.2 Heat Treatment 

2.2.1 Reheating 

The rods with 0.3 inch in diameter and 2.5 inch length were 

heat treated in a vertical tube furnace under flowing argon 

atmosphere. Two heat treatments were used as shown in Fig. 1. 

The first heat treatment involves austenitization at 1200°C for 2 

hrs, followed by ~star quenching, which results in 100% Lath 

martensite structure. The austanit1zation at high temperature 

was employed to reduce segregation and chemical concentration 

gradients that are produced by ingot solidification. The two 

phase annealing was done in the temperature range 730°C to 800°C 

1" 
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for manganese containing steels and 800°C to 930°C for siLicon 

and aluminum containing steels. The quenching after both 

austenitization and intercritical annealing must be fast enough 

to avoid decomposition of austenite into other products (ferrite, 

pearlite, bainite etc.), and thus the rods were quenched into 

agitated iced brine, giving quench rates of more than 50°Cisec. 

2.2.2 Step cool~n~ 

The rods ware austenit i zed at 1200°C for 2 hrs, followed by 

cooling to the two phase regions as shown in Fig. 2. The two 

phase annes ling was done for 10 minutes to 32 hrs at 700°C to 

800°C for manganese containing steels and at 850°C for siLicon 

containing steels. For manganese, M1, and manganese-niobium, 

M2, steels, isothermal holding for 30 minutes at 900°C was 

conducted just before the intercritical annealing in order to 

refine the austenite grain size. 

2.3 Metallography and Microscopy 

2.3.1 Optical Metallography 

Specimens for optical metallography were prepared by 

grinding on wet siLicon carbide paper up to 600 grit and 

polishing on 1 ~m diamond peste. A 2% Nital solution was used 

to etch the specimen. The microstructures were observed with a 

Zei sa U l t raphot 2 meta llog raph. The volume fraction of 

martensite was determined by the line intercept method. 
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2.3.2 Scanning Electron Microscopy (SEM) 

Using the same methods for sample preparation as for light 

microscopy, samples were examined in an lSI DS-130 scanning 

electron microscope operated at 20 KV. 

2.3.3 Transmission Electron Microscopy (TEMJ 

Thin foils suitable for TEM were obtained from the same heat 

treated rods used for the preparation of optical metallography 

and scanning electron microscopy. Thin slices of about 20 mils 

thick were cut from the rods. The slices were then chemically 

thinned to about 4 m i ls in a solution of 5% HF in H2o2• o; scs 

of 3 mm in diameter were punched from these slices, followed by 

grinding on wet 600 grit siLicon paper. The thin discs were 

eLectropoLished in a twin jet electropolishing.appara~us at room 

temperature using a solution of 75 grams Chromium Trioxide, 400 

ml Acetic Acid, and 20 ml distilled water. 

Thin foils were then examined with Phi lips EM301 and Phi lips 

EM400 transmission el~ctron microscopes at an accelerating 

voltage of 100 KV. Bright field (BF), dark field [DFJ, 

microdiffraction and x-ray energy dispersive analytical methods 

(see section 2.5) were utilized. 

2.4 Oi latomet ry 

A Theta Di lqtronic II R di latometer was amp loyed to 

investigate the kinetics of reaustenitization and ferrite 

formation during the intercritical annealing. Specimens for 
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di latometry were machined from the 0.3 inch diameter rods which 

had microstructures of lath martensite.and ferrite-pearlite, 

giving cylindrical specimens with 0.188 inch in diameter and 

0.394 inch in length. 

Fig. 3 and Fig. 4 show the schematic diagrams of isothermal 

dilatometry in both the reheating and the step cooling 

treatments. The chan~;~e of length during isothermal annes ling 

can be monitored as a function of time as shown in Fig. 3[a) and 

Fig. 4[a). During isothermal annealing, the change of length 

AL decreases in the reheating treatment and increases in the step 

cooling treatment in order to reach thermal equilibrium, which 

was indicated by the dashed curves as shown in Fig. 3[b) and Fig. 

4[b). 

The specimens of lath martensite structure were heated to 

the intercritical region; 750°C and 800°C and isothermally 

annes lad. The specimen for which the starting microstructure 

was ferrite-pearlite was austenitized at 900°C for 30 minutes, 

followed by cooling .to the two phase temperature range of 700°C 

2.5 Analytical Electron Microscopy 

Microanalysis was accomplished using the Philips EM400 

electron microscope interfaced with a Kevex 7000 system and the 

JEOL 200AEM electyon microscope interfaced with a Kevex 8000 

system. Microdi ffraction was performed using the Phil ips EM400 

elect ron microscope in the TEM mode. 



14 

MicroanaLysis was dona by energy dispersive anaLysis (EDXSJ 

of the X-rays generated by the interaction of the electron probe 

with the specimen, giving rise to through thickness compositiono 

Line profiles of concentrations of substitutional alloying 

elements across the ferrite and martensite phases were measured. 

An electron probe of 40 nm nominal size was formed on the 

specimen by the condenser lens system and the spatial resolution 

was estimated to be 60 nm to 70 nm due to beam broadening [8]. 

The average concentrations of substitutional alloying elements in 

both ferrite and martensite regions were measured using e larger 

probe size, viz. 100 nm as a function of total iron x:...ray counts •. 

The foil used in this study is mostly composed of a single 

component, that is, iron (see Table 1) and the same electron 

probe diameter was employed in each measurement. Thus, the 

total x-ray counts can be consi dared to be p report ion a l to the 

electron beam-specimen interaction volume. This volume, 

therefore, depends on the thickness when the above-mentioned 

conditions are satisfied. Counting times for x-ray 

acquisition were 300 seconds, which was determined by accounting 

for the statistical error in countings. 

To obtain quantitative concentration profiles, analyses were 

performed on a thin region of a foil. However, since for some 

alloy systems, such as Fe-Si and Fe-Al, due to the large 

differences in atomic number of the components, the foiL 

thickness satisfying the thin film criterion is Less than 250 A, 

for which appropriate x-ray counting with a reasonable 

statistical error can not be obt~ined (due to the small electron 
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beam-specimen interaction volume), the quantification for these 

alloy systems must require the absorption corrections. Thus in 

this research, for Fa-Si and Fe-AL systems, the concentration 

ratio between alloying elements and iron matrix was obtained at 

various points in the foil with the same tbickness in both 

ferrite and martensite phases, whereas in the Fe-Mn system, the 

problem of thickness variation is negligible due to the small 

absorption effect. 

The precision of the measurements was taken .to be twice the 

standard deviation of the number of counts corresponding to the 

substitutional alloying elements after the background is 

subst ract ad. 

this precision. 

The error bars in Figures 20-41 correspond to 

The concentration was caLibrated against a standard specimen 

which was the fully martensitic structure in each alloy system. 

In the fully martensitic structures, the concentration of 

substitutional elements is known from the bulk composition shown 

in Table 1, hence the concentration of solute elements in ferrite 

and martensite in dual phase structures could be calibrated based 

on the number of x-ray counts measured from the standard 

(fully martensitic structure). 

Since carbon is not detectable by EDXS and it is not 

amenable to analysis in EELS due to the contamination prob-Lem, 

only indirect methods are applicable for carbon measurement. 

Convergent Beam Electron Diffraction (CBED] was employed in 

attempts to determine the Local carbon concentration in the 

martensite region by measuring the lattice parameter [54]. The 
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accurate measurement can be made by changes of lattice parameter 

with respect to a known standard with the same crystal structure. 

The ferrite region of the. same specimen can be standard for this 

experiment, because the carbon content in ferrite is extremely 

low. The limit to the accuracy with which lattice parameter 

changes is considered to be 2/10,000 [7]. This method is 

indirect and can be compared to the lattice image method which 

allows estimates of composition to be made at vary high spatial 

resolutions (<10 A) [2]. Previous work indicates carbon level 

is rapidly attainnad to those predicted by tie line intercepts at 

the intercritical temperatura with the Aa temperature. 

2.6 Hot stage high voltage electron microscopy 

The Kratos EM1500 microscope equipped with a double tilt 

furnace type specimen stage was employed to study the in-situ 

phase transformation. Specimens from the M1 steal (see Table 1) 

having fully martensitic structure and prepared by the same jet 

polishing method described in section 2-3-3 were used. The 

specimens ware heated by increasing a current controlled by a 

current stabilized power supply and cooled by reducing or 

switching off the heating currant. Isothermal annealing at 

730°C was conducted in this experiment. 
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3. RESULTS 

3.1 Microstructure 

3.1.1 Reheating 

The starting microstructure of the alloy M1 before 

intarcritical annealing is shown by the electron microscopy in 

Fig. 5. The microstructure is typically lath martensite wHh 

retained austenite films along the lath boundaries [2,55,56]. 

Fig. 6 shows a transmission electron micrograph of the alloy M1 

intercritically annealed for 10 min. at 730°C. It shows highly 

dislocated structure with cementite particles along prior lath 

boundaries which is often observed in tampered martensite 

structures. Figures. 7-9 are SEM axamp lea of the dual phase 

structures in the alloys M1, M2, and S1 intarcritically annealed 

at 730°C [for M1 and M2) and at 850°C [for 81). These 

sequences of scanning electron micrographs demonstrate 

microstructure formation as a function of intercritical annealing 

time. The gray regions correspond to the martensite phase and 

the darker background to the ferrite phase. The feature of the 

microstructure is a fine fibrous distribution of extremely 

narrow martensite laths within prior austenite grains. The 

volume fraction of ·martensite increases with increasing the 

intercritical annealing time. 

The microstructure intercritically annealed for 10 min. 

shown in Fig. 7 (a), Fig. 8 (a), and Fig. 9 (a) which correspond 

to the microstructure shown in Fig. 6 is a tempered martensite 
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at ructu re rather than a duaL ph a sa at ructu re, because the 

recrystallization of Lath martensite prior to austenite 

nucleation is in progress. 

Fig. 10 shows scanning electron micrograph of tha alloy M1 

intercr1t1cally annealed for 10 min. and 2 hrs at 800°C. The 

distinctive feature of the dual phase structure was observed even 

for a short intercritical annealing time, that is, 10 min. 

This indicates that lath martensite recrystallizes in a shorter 

time at a higher annealing temperature. 

3.1.2.Hot stage high voltage electron microscopy 

Fig. 11 reveals a sequence of transmission electron 

micrographs showing the microstructure change in the heating and 

isot~erma L annes Ling stage of the aLloy M1. The heating time to 

reach the intercritical annealing temperature, 730°C is about 20 

minutes. The fastest heating by this hot stage specimen holder 

was employed to simulate the actual heat treatment. The phase 

transformation may depend on the heating rate, because 

recrystallization and grain growth occur at Lower temperature 

with decreasing the heating rate. 

The starting microstructure is Lath martensite as shown in 

Fig. 11 (a). No noticeable microstructural change was observed 

in the specimen at 650°C as shown in Fig. 11 (b) except that Lath 

boundaries with narrow lath width disappear. At a higher 

temperature, 710°C, most of the lath boundaries disappear and 

each lath was gradually replaced by more equiaxed ferrite grains. 

Fig. 11 (d) shows the microstructure at 730°C, and Fig. 11 (e) 

,. 
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and (f) reveal the isothermal annealing stages for 5 min. and 60 

min. The recovery and recrystallization of martensite ware 

clearly observed and grain growth occurad in tha 60 minutes 

i sotharma l annes ling shown in Fig. 11 (f). 

Fig. 12 (a) and (b) show tha initial microstructure and 

microstructure intarcritically annealed for 60 minutes at 730°C 

of the manganese-niobium containing steal. In this alloy, 

recrystallization of Lath martensite was not observed even for 

tha 60 minutes intarcritical annealing at 730°C. 

3.1.3 Step cooling 

Figures 13-15 show optical micrographs of dual phase 

structures of the alloy M1, M2, and S1 after baing 

intarcritically annealed at 730°C (for M1 and M2l and at 850°C 

[for S1l in the step cooling treatment. In these optical 

micrographs, black areas correspond to the martensite phase and 

white areas to the ferrite phase. Ferrite nucleates on 

austenite grain boundaries and grows in a block shape typical of 

proautacto1d ferrite with small undarcoolings below Ar3• 

The growth rate of ferrite is strongly dependant on the 

alloying elements. In the silicon containing steal, ferrite 

grows in less than 5 minutes and the growth is saturated in 30 

minutes.· On the other ha~d, in the manganese containing steal 

nucleation and growth of ferrite was considerably retarded. 

The reaction rata of the manganese-niobium containing steel is 

slower than that of the plain manganese containing steel, evan 

though the prior austenite grain size is finer, as shown in Fig. 
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14 and therefore has mora nucleation sites for ferritee 

However, niobium is known to form carbides and nitrides which pin 

the structure and so retards the transformation. 

3.1.4 Growth rate of transformed phase 

The growth rate of the transformed phase, austenite in the 

reheating treatment and ferrite in the step cooling treatment, 

was investigated by measuring the volume fraction of transformed 

phase as a function of intercritical annealing time as shown in 

Fig. 16. The following observations can be drawn from this 

figure. 

(1) The growth rate of transformed phase in the reheating 

treatment is faster than that in the step cooling treatment, 

especially in the early stage of the intercritical 

annes Ling. 

[ 2) The growth rate of transformed 

containing steel is faster than 

phase in the silicon 

that in the manganese 

containing steel in both heat treatments. 

[3) The growth rate of ferrite in the manganese-niobium 

containing steel,M2, is almost identical to that in the 

plain manganese containing steel, M1. ~lowever, the 

incubation time to form ferrite 1s Longer in alloy M2 than 

that in alloy M1. 

3.2 Isothermal Dilatometry 

3 • 2 • 1 A eh eat i n g 
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Isothermal di latometry was amp loyed at 750°C and 800°C for 

the manganese containing steel, M1, as shown in Fig. 17. In 

both cases, the transformations were characterized by a rapid 

initial reaction followed by a much slower reaction. The rate 

of length change increases with increasing the intarcritical 

annealing temperature, which indicates as expected that the 

growth rate of austenite increases with increasing the annealing 

temperature. 

3.2.2 Step cooling 

The isothermal dilatation curves for the manganese steel 

intercritically annealed for 700°C, 730°C, and 800°C in the step 

cooling t reatm ant are shown Fig. 18. These temperature and 

dilatatioo curves have different features from those in the 

reheating treatment. 

(1) The isothermal dilatation curves can be approximately 

expressed by a single equation. 

(2) The rates of Length change increase with decreasing the 

intercritical annealing temperature, which is opposHe to 

that in the reheating treatment. 

These tendencies suggest that different transformation mechanisms 

are working in each case, that is, the austenite growth in the 

reheating treatment and the ferrHe growth in the step cooling 

treatment. 
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3.3 Partitioning 

Figures 19 (a), (b), and (c) show TEM micrographs of the 

dual phase structures intercritically annealed for 2 hrs at 800°C 

for the alloy M1 ,and at 850°C for the alloy S1 and A in the 

reheating treatment. Figures 19 (d) and (e) show dual phase 

structures of the alloy M1 and S1 intercritically annealed for 2 

hrs at 730°C and 850°C in the step cooling treatment. 

For these specimens, two different methods were employed to 

study partitioning of the substitutional alloying· elements• 

(1) to measure Line. concentration profi las across ferrite and 

marterisite in order to discusa the interface migration 

mechen i am. 

(2) to measure solute element concentration in both martensite 

and ferrite by a relatively large probe si2e in.order to 

obtain the ratio of solute element concentrations between 

ferrite and martensite. 

3.3.1 Line profiles 

(a) Reheating 

Concentration profi las of manganese and siLicon were 

measured as a function of intercritical armealing temperature and 

time. The profi lea· shown in Fig. 20 and Fig. 21 were obtained 

for the alloy M1 intercritically annealed at 730°C for 2 hrs and 

32 hrs. Figures 22-24 show the profi las for the same alloy 

intercritically annealed at 800°C for 10 min., 2 hrs, and 32 hrs. 

These manganese profi lea were characterized by a flat shape in 
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the ferrite phase and a shallow spike shape in the martensite 

phase. With increasing intercritical annealing time, the 

average manganese concentration increases in martensite end 

decreases in ferrite, which suggests that partitioning is more 

pronounced with increasing intercritical annealing time. 

A similar concentration profile measurement was employed for 

the alloy M2 intercritic~lly annealed for 2 hrs at 800°C as shown 

in Fig. 25. In this intercritical annealing condition, less 

partioning of manganese in austenite was observed than that found 

i n the a lloy M1 • 

Figures 26 and 27 show silicon concentration p·rofiles for 

the alloy 51 intercritically annealed at 850°C for 30 min. and 32 

hrs. The feature of this composition profile is that there is 

more partitioning of silicon in the ferrite phase and it has flat 

shapes in both ferrite and martenite phases. This indicates 

that the equiLibrium state may be attained in Lass than 30 min •• 

(b] Step cooling 

The manganese concentration profile of the alloy M1 

intercritically annealed for 2 hrs at 730°C in the step cooling 

treatment is shown in Fig. 28. There is a slight tendency for 

interface segregation to occur between ferrite and martensite. 

The actual manganese concentration at the interface may be higher 

because the spatial resolution is not adequate to measure 

interface segregation directly due to beam broadening in the foil 

[81. 

Fig. 29 shows a concentration profile of the same alloy 

intercritically annealed at 730°C for 32 hrs. This profile 
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reveals a remarkable spike shape in martensite (prior austenite] 

adjacent to the interface. The concentration of manganese in 

the ferrHa region and the austenite region a little away from 

the interface is almost unaltered from that in the initial bulk 

alloy. 

The manganese concentration profile of the alloy M2 

intercritically annealed for 2 hrs at 730~C was determined as 

shown .in Fig. 30. A similar tendency to that found in Fig. 28 

was observed, implying that manganese segregation occurs at the 

interface. 

A silicon.concentration profile of the alloy S1 

1ntercriticelly annealed for 2 hrs.at 850°C was-measured across, 

the interface between ferrite end martensite phase as shown in 

Fig. 31. The silicon concentration remained constant except 

that t h e r a w a s a v a r y s l i g h t , but not i cab l e sp i k e effect at t h e 

interface. 

3.3.2 Partitioning coefficient 

In EDS measurements, the concentration of substitutional 

alloying elements depends on thickness of a foil due to the mass 

absorption and the fluorescence effects [8]. 

Figures 32-41 show the variation of the x-ray intensity 

ratios between substitutional alloying element and iron with 

total Fe x-ray counts. The total Fe x-ray counts approximately 

correspond to the foil thickness as described in the previous 

section. The intensity ratio between manganese and iron is 

independent of the total x-ray counts as shown in Fig. 32, while 
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those of silicon end aluminum are strongly dependent on the total 

Fe x-ray counts as can be seen from Figures 33-41. These 

features were attributed to the absorption effect of silicon and 

aluminum x-reys in the iron matrix. 

The partitioning coefficient was defined as the ratio of x

ray intensities of the substitutional alloying elements between 

martensite and ferrite. These ratios were calculated from the 

experimental results obtained in the range of Fe x-ray counts 500 

to 1500 cts/sec. 

In Fig. 42, the relation between partitioning coefficients 

of manganese and siLicon and intercritical annealing times is 

shown. The intercritical annealing temperatures are 730°C and 

B00°C for the alloy M1 and 850°C for the alloy S1. The 

partitioning coefficient of manganese at 730°C in the equilibrium 

obtained from the tie line construction in the ternary phase 

diagram [47] was indicated as "x" in the top right corner of this 

figure. The partitioning coeffici ants of manganese increase 

with increasing the intercritical annealing time, whereas that of 

silicon remains constant in the range of 30 min. to 32 hrs. 

A similar tendency was found in the relation between 

partitioning coeffici ants and intercritica l ann sal ing temperature 

as shown Fig. 43. -In the manganese containing alloy, M1, the 

partitioning coefficient decreases with increasing the 

intercritical annealing temperature, while in the siLicon and 

aluminum steels the dependence of partitioning coefficients on 

the intercriticel annealing temperature is not significantly 

at rang. 
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Fig. 44 shows the variation of partitioning coefficients 

with the bulk carbon contents of silicon containing steels. It 

was found that partitioning coefficients are more dependent on 

the intercritical annealing temperature than the carbon contents 

of these steels. 

3.3.3 Carbon concentration measurement 

Measurements of carbon concentration in the martensite phase 

was attempted by the Convergent Beam Electron Diffraction method. 

Since carbon concentration is measured by the shift of the holz 

line from that in the standard material which is caused by the .. 

changes in the lattice parameter,. the holz line must be as sharp 

as possible. The (2101 orientation was chosen because this 

allows the fine structure of holz lines to b~ obtained [57]. 

Fig. 45 (a] and (b) show the zero order Laue .zone around zero 

order disc in the (210) orientation of the ferrite and the 

martensite region. The holz lines were clearly resolved in the 

ferrite phase but not in the martensite phase. As is known, 

and as can be seen from Fig. 5, martensite is highly distorted 

due to the high dislocation density resulting from the shear 

transformation from austenite. Even though the beam probe size 

was 200 A, the holz lines are too diffuse to permit measurement. 

Thus CBEO is not very promising for carbon analysis. As was 

discussed earlier, carbon is not detected spectroscopically by 

EDXS analysis nor by EELS. However previous work by Koo at al. 

[2] using high resolution lattice imaging showed that the carbon 

values quickly reached equilibrium levels. Thus, for the 



temperature and alloys used, the expected carbon levels are as 

follows [46]. 

pa raequi l i bri um 0.58 wtS 0.23 wtS 

full equilibrium 0.52 wtS 0.21 wtS 

" 

·~ ·.~ .. , ;.>!. 
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4c DICUSSION 

4e1 Variation of the Concentration Ratio with Foil Thickness 

The concentration of each element is generaLly assumed to be 

constant throughout the thin foil, and so absorption can be 

nag lectede However, this approximation is only valid under 

certain conditions, for example, "the thin .film criterion" [58]. 

As shown from Figures 33-41, the x-ray intensity ratio between 

substitutional elements, .i.e. silicon and.aluminum, andiron was· 

substantially dependent on the total iron x-ray counts which 

correspond to the thickness of the foil. On the other hand, 

the x-ray intensity ratio between manganese·and iron does not 

dependend on foil thickness as seen from Fig. 32. 

The absorption limitation of "the thin film criterion" has 

been consi dared by Ti xar and Philibert [58]. They proposed 

that if 

CA csce p t < ·0.1 (4-1] 

where CA = mass absorption coefficient. 

8 = the take off angle between the specimen and x-ray 

detector. 

p = the density of the element in the foil. 

t =the thickness of the foil. 

is satisfied, no absorption correction is necessary. 

The critical thickness for Fe-Mn, Fe-Si,and Fe-Al can be 

calculated from Eq. [4-1]. The mass absorption coefficients of 

i ron are shown in F 1 g • 46 [59, 60 l . 

!"· 
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For Fe-Mn system, 

For Fe-9i system, 

For Fe-Al system, 

t < 7950 A 

t < 254 A 

t < 165 A 
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In general, x-ray measurements ere performed for foil thicknesses 

in the range of 500 A to 1500 A in order to account for 

statistical errors in counting. Hence, the absorption 

correction is necessary except for the Fe-Mn system, which is 

consistent with the experimental results. 

Another requirement is the fluorescence correction. This 

occurs when the absorption edge for the appropriate x-ray from 

element A must be just below the x-ray energy from matrh element 

B. Since the wave length of Fe-Ka is 1.94 A and the absorption 

edges for Mn-Ka , Si-Ka, and Al-Ka are about 1.8 A, 6.5 A, and 

7 .FJ A, thiS effect can be neglected. 

As can be seen from Figures 33-41, the dependence of x-ray 

intensity ratio on thickness in the Fe-Si system is more 

significant than that in the Fe-Al system. This cannot be 

explained only by the absorption correction, because the mass 

absorption coefficient in the Fe-9i system is smaller than that 

in the Fe-Al system. A plausible explanation is due to 

artefacts from the specimen preparation procedures. Fig. 47 

shows the EDS spectra taken from an aluminum containing steel 

with a dual phase structure which was prepared by 

electropolishing at the same time as a silicon containing steel 

was prepared. .A silicon x-ray spectrum was observed even 

though no silicon was contained in this alloy. This shows that 

silicon is easily redeposited on the foil surface during 
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electropolishing. This could account for tba fact that the 

siLicon concentration is higher in the thin range of foiL 

thickness than that corrected by the absorption effecte 

4.2 The Correlation between Heat Treatment and Microstructure 

Dave lopment 

In this section, the correlation between heat treatment and 

microstructure formation wi·ll be discussed only for the manganese 

steel. The effect of alloying elements will be discussed in 

the next sect 1 on. 

4.2.1 Nucleation stage 

A significant amount of research has been done on the 

tempering process of martensite in various steels and this is one 

of the oldest and most popular topics to be reported [61-621. 

However, most of the investigations are concerned with tempering 

below Ac1 temperature and very little data on the tempering, 

recrystallization, and austenite formation at higher tempering_ 

temperatures are available. Austenite growth from lath 

martensite is one of the tempering processes of martensite. 

When the specimen with lath martensite structure was heated 

to the intercritical (ferrite and austenite] annealing region, 

several stages were observed. 

(1] Recrystallization starts at lath boundaries. 

(2] Cementite pr!3cipitates along lath boundaries which can be 

considered to result from the decomposition of the retained 

austenite films. 
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(3) Recrystallization is completed associated with grain growth 

of ferrite. 

(4) Austenite nucleates and grows. 

The nucleation of austenite was not directly observed by hot 

stage experiment due to the rapid reaction. However, it is 

speculated that the nucleation sites of austenite were cementite 

particles, suggesting a high carbon content in the nuclei of 

austenite; such high carbon contents have in fact been measured 

by Sari kay a et al. [54]. The hypothesis is confirmed by the 

experimental result that the cementite particles precipitated 

along lath boundaries and austenite nucleated in the same 

direction. In addition, based on.the previous work [54] it can 

be suggested that the concentration of manganese in the austenite 

adjacent to the interfflce may be low. 

It should be noted that there may be another mechanism of 

austenite growth, although this was not observed in the present 

study. The retained austenite films could grow without 

decomposing to bainitic ferrite and cementite, especially if 

rapid heating is employed. However, even though this mechanism 

works, the above-mentioned statement that the carbon 

concentration of austenite in the early stages of intercritical 

.annealing is high is not invalidated. 

In the step cooling treatment, the nucleation of ferrite 

from austenite is that of proeutectoid ferrite formation at small 

undercoolings. As can be seen from Figures 13 and 14, the 

nucleation sites are prior austenite grain boundaries. 

Precipitation occurs as grain-boundary allotriomorphs. The 

·,, 
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carbon concentration data for proeutectoid ferrite and austenite 

is not available because of the difficulty of carbon measurement 

in extremely small region. However, it can be considered that 

the carbon content in the austenite may be the same as that in 

the bulk material in the early stage of ferrite formation because 

of the high di ffusivity of carbon, and the small volume fraction 

of ferrite. This hypothesis suggests that the concentration of 

manganese in the austenite adjacent to the interface is high, 

assuming equilibrium conditions at the interface. This is 

confirmed by present experimental result as shown in Fig. 28 and 

Fig. 29. 

4.2.2 Growth stage 

(a) Reheating 

As Speich et al. [23] discussed for austenite formation in 

which the starting microstructure is ferrite-pearlite, in the 

early stage, growth of austenite is controlled by carbon 

diffusion due to the low diffusivity of substitutional alloying 

elements. This is the case to which the paraequilibrium model 

c·an be applied. The manganese concentration profile for 10 

min. at B00°C shown in Fig. 22, indicates no significant 

manganese partitioning between ferrite and martensite, and this 

is consistent with this concept. In the later stage, growth of 

austenite is controlled by both substitutional alloying elements 

and carbon'. 

In general, the reaction rate depends on the nucleation rate, 

growth rate, the density and distribution of nucleation sites, 
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the overlap of diffusion fields from adjacent transformed 

volumes, and impingement of adjacent transformed volumes. In 

the reheating treatment, the reaction rate depends on the number 

of nucleation sites and the growth rates; in the step cooling 

treatment, the reaction rate depends on the nucleation rate and 

growth rate • 

One of the transformation models which can be applied in this 

rteheating treatment is that of diffusion controlled growth, 

with attaining local equilibrium at tha interface. The 

following conditions of manganese diffusion must be sat i sfi ad. 

(1) Local equilibrium condition: 

Since under this condition the chemical potential in the two 

phases is equal for each element, the concentration of the 

substitutional element at the interface between ferrite and 

austenite can be determined by the tie line construction of the 

ternary phase diagram as shown in figures 48 end 49 [46,64,65]. 

' [ 2) Di ffus1 on equation: 

In both austenite and ferrite the concentration of manganese 

satisfies the one dimensional diffusion equation. 

oC/at· = o;ax £o oC/axJ £4-21 

where C is the concentration of manganese, 0 is the diffusivity 

of manganese, and x is the distance. 

The initial condition is given by 

C [x, OJ= C
0 

· 

and the boundary conditions based on tha local equilibrium are 

given by 

CS [ X ( t ) , t ) = C8 E 



34 

cf£ X£t1, tl = cfE 

where X[t) is the interface position, and a, f, and E denote 

austenite, ferrite, and equilibrium, respectively. 

(3) A mass balance condition: 

A mass balance condition can be obtained from 

!
X(t) 

(Ca(x)-C )dx 
a1 o x=-d 2 . f 

= /x=d /2 

X(t) 

f 
(C -c (x) )dx 

0 

(4-3) 

where d8 and df are the width of austenite and ferrite phase. 

The diffusion·equation which satisfies both the mass balance / 

and Local equilibrium conditions cannot be solved. Since the 

mass balance condition must be required, the local equilibrium 

condition is not fulfilled if these diffusion equations are 

applied for both ferrite and austenite phases. However, if the 

equilibrium condition at the interface is assumed only in the 

austenite phase, then the concentration can ~e obtained as 

C(x,t) = C
0 

+ (C8 E-c
0

1 x erfc(x/2~0t) 1· erfc(X(t)/2vf0t1 

(4-4) 

Fig. 50 shows the calculated concentration profiles in which the 

intercritical annealing conditions are chosen as 730°C for 2 hrs 

and 32 hrs and 800°C for 2 hrs. Solid lines sh6w calculated 

concentration profiles when the interface is static, that is, 

X(t)=O, and dashed lines are calculated concentration profiles 

when the interface 1s moving; here the initial interface width 
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was assumed to be half of the final width. This result 

indicates that when-the interface migration rate is higher and 

the concentration at the interface ie higher, such as in the case 

of the 730°C for 2 hrs treatment, the concentration profile in a 

static boundary is likely to deviate more from that in a moving 

bounds ry. Concequent Ly, it can be suggest ad that the lace l 

equilibrium at the interface is attained when the interface 

migration rate is slow and the concentration at the interface is 

low. 

In Fig. 51~ the calculated concentration profiles in a 

static boundary and a moving boundary are plotted with the actual 

concentration profiles already shown in Figures 20-24. 

Considering the interface migration rate in this study, the 

condition of a moving interface was approximately followed by 

Fig. 50 (a) in the case of the 730°C intercritical annealing and 

Fig. 50 (c) in the case of the 800°C intercritical annealing. 

The calculated concentration profi La at 800°C for 2 hrs is in 

good agreement with the experiments l profile. This fact is 

consistent with the previous discussion about the Umitation of 

the local equi Ubrium model in a moving interface. 

(b) Step cooUng 

In the early stage of ferrite formation manganese 

segregation at the interface is too localized to be detected as 

de'monstrated in Fig. 28. The phenomenon of sluggish ferrite 

growth can be explained by interface controlled growth such that 

an ly short range order diffusion occurs across the interface. 
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Carbon diffusion in the long range order may be i·nterrupted by 

the highly localized manganese barrier. 

In general, the Avrami rate equation can be written as 

f = 1- axp(-ktnl (4-5) 

where f is a unit volume of transformed phase, k is the rate 

constant which depends on the nucleation and growth rate, and n 

is a numerical exponent whose value can vary from 0.5 to 4. 

Fig. 52 shows the calculated growth curves based on equation (4-

5) as a function of n and the experimental curve at 700°C. The 

calculated dilatation curve for the case that n equals unity is 

in good agreement with the experimental dilatation curve. This 

is the case for grain boundary nucleation after site saturation 

in interface controlled growth [42]. The interpretation for 

ferrite growth in the early stage is consistent with the previous 

discussion that carbon diffusion occurs only over a short range 

near the interface due to the high manganese barrier. 

In the later stage of intercritical annealing, the growth 

rate of ferrite decreases with anneaUng time. This stage may 

ba growth of ferrite with impingement after the nucleation stage 

was camp leted. The width of the spike in Fig. 29 is consistent 

with the calculated value based on the diffusion equation. 

~ =~4.7x1o-15 x 32 x 3600 = 2300 A 

This indicates that manganese diffusion controls the rate of the 

phase transformation in this stage. 

4.2 .3 The growth rate of the transformed phase 

The nucleation and growth models have been discussed, but 
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the d1 fference between the growth rete for reheating and step 

cooling treatments has not been elucidated. These 

transformation steps are summarized in Fig. 53 and Fig. 54. 

Since the growth rate is different especially in the early stage 

of 1ntercritical annealing of the manganese containing steel, the 

distinctive mechanism is attributed to the nucleation stage. 

Ae discussed in the previous section, the sluggish growth of 

ferrite is considered to result from a high manganese interfacial 

barrier. This can be explained quantitatively by the solute 

drag effect. The solute drag effect is strongly dependent on 

the con cent ret 1 on of th a sag reg at ad atoms. The tote l drag 

force exerted by aLL the segregated atoms on the grain boundary 

is given by [ 49 l. 

(4-6) 

where Nv is the number of atoms per unit volume, C
0 

is the bulk 

concentration, C is the concentration of segregated atoms, and E 

is the interaction energy between solute atoms and the grain 

bounds ry. Since the concentration of the segregated atoms is 

substantially localized, Eq. (4-6) can be rewritten as 

[4-7) 

where E'[O) is the derivative of the interaction energy at tha 

interface. This indicates that the interface migration rate 

decreases with increasing concentration of substitutional 

alloying element at the interface due to the drag force. 

On the other hand, in the early stage of the reheating 
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treatment, the manganese concentration of austenite ;s low 

because of the high carbon content in austenite nuclei. This 

leads to a high growth rate of austenite due to the low manganese 

barrier. 

Another possible ides, which may account for this difference 

is the concept of diffusion and interface controlled growth. 

This model, which is generally applied for a binary system, such 

as Fe-C, Fe-Ni [63] can be modified, considering carbon as the 

diffusion species. As already discussed in the previous 

sectionf in the step cooling treatment, long range carbon 

diffusion wes.interrupted by a high manganese barrier at the 

austenite and ferrite interface. Hence, this situation must be 

interface controlled g~owth. In the reheating treatment~ 

carbon diffusion controls the growth of austenite, in which 

paraequilibrium condition was attained. 

4.3 Effect of Alloying Elements on Microstructure Development 

4.3.1 Effect of manganese and silicon 

(a) Reheating 

As ·discussed in the previous section, growth of austenite in 

the Later stage was controlled by substitutional alloying element 

diffusion. A schematic drawing of austenite formation is shown 

1 n Fig. 53. The reason why the growth rate of austenite in a 

silicon containing steel is higher than that in a manganese steel 

can be explained by the fact that the diffusivity of siLicon in 

iron is two orders of magnitude larger than that of manganese. 
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The nucleation rete of austenite in the siLicon containing 

steel is also higher than that in the manganese containing steel 

as can be seen in Fig.16. The effect of alloying elements on 

the tempering of a a-quench ad me rt en site has been ext en siva ly 
.~. 

stud i ad [ 6 2, 63] • It is known that the tetragonality of 

martensite disappears by 300°C in plain carbon steels, whereas in 

steels containing some alloying ele'ments, such as Cr, Mo, W, V, 

Ti, Si, the tetragonal lattice is still observed after tempering 

at 450°C and even as high as 500°C. This fact indicates that 

these alloying elements increase the stability of the 
•··•(.;". ,_ . . ": 

supersaturated iron-carbon solid solution. On the other hand, 

manganese and nickel decrease this stability. Manganese is a 

weak carbide former, found in solid solution in cementite as the 

form of (Fe MnJ 3c which has more stabiLization than cementite, 

whereas silicon has a very Low solubility in cementite. These 

distinctive features Leads to different rates of austenite 

formation. In the silicon containing steel, recrystallization of 

martensite may be more sluggish, but austenite formation from 

cementite is faster than that of the manganese containing steel. 

Thus, a higher growth rete of austenite can be attained. 

(b) Step coo Ling 

In the step cooling treatment, the growth rate of ferrite in 

the manganese containing steel is slower then that in the silicon 

containing steel a~ shown in Fig. 16. Thh experi mente L resuLt 

can be qualitatively explained by the salute drag-Like effect 

proposed by Aaronson [12]. Since manganese reduces the carbon 
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activity in austenite, the driving force for the ferrite growth 

i a ret_a rded by depressing the carbon activity at the interface 

[64]. On the other hand, since siLicon increases the carbon 

activity in austenite, the driving force for ferrite growth is 

Larger [66]. Table 2 shows the influence of manganese, 

silicon, and aluminum on carbon activity [64, 66, 74, 75]. 

A general quantitative formula regarding the calulation of 

the carbon activity was derived by Hi llert [67], assuming that 

the growing A phase inherits the initial alloy content of the B 

phase uM. 

(4-8) 

w~ere ac = the carbon activity at an arbitrary point on the phase 

boundary. 

a~= the carbon activity of the unique A+B equilibrium in 

the binary Fe-e system. 

KM = the distribution coefficient of M between the B and 

A phases, i.e. the partitioning coefficient in this 

study. 

u~ = {1 (1-x~) 

u8 = x8/ (1-x81 c c c 

where x~ and x~ ere usual carbon mole fraction of the A 

- and B phases. 

In the step cooling treatment, A and B phases correspond to 

ferrite and austenite (martensite), resulting in u~ being larger 

A than uc. In a manganese containing steel, the partitioning 
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' 
coefficient of manganese is mora than unity which corresponds to 

From Eq. (4-8), when KM is mo_re than unity, we can 

This result suggests a decrease of carbon activity. The same 

discussion can be applied for a silicon containing steel and the 

calculated result, that is, ac>a~ can be obtained. These values 

are consistent with the above mentioned solute drag-Like affect. 

The other fac~ which s~pports the difference in ferrite 

growth rates between manganese and silicon containing steels is 

the magnitude of the partitioning coefficient shown in Fig. 42. 

As can be sean from Eq. (4-71, a larger concentration difference 

at the interface between ferrite and martensite is attributed to 

a larger solute drag effect, which leads to the slower growth 

rate of ferrite in the manganese steel. 

In the previous discussion, the comparison of the ferrite 

growth rate was presented between the silicon steel at 850°C and 

the manganese steel at 730°C. These intercritical annealing 

t-emperatures were chosen to yield the same amount of undercooling 

for these steels, because the amount of undercooling is more 

sensitive to the phase transformation than the actual annealing 

temperature. However, the effect of the intercritical 

annealing temperature on the growth rate of ferrite must be 

discussed. Accordi'ng to the TTT diagram of the alLays with 

similar alloy composition [68,69], the growth rate of ferrite in 

a siLicon steel is faster at 730°C than that at 850°C. This 

indicates that the difference of the growth rate of ferrite 
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between silicon and manganese steels becomes more pronounced at 

the same intercritical annealing temperature, 730°Co 

4.3.2 Effect of niobium 

In recent years e niobium microalloyed duel phase steel has 

attracted attention, because this alloy exhibits the variation of 

strength with volume fraction of martensite [70-72]. 

In this research the following features of microstructure 

formation of a niobium-manganese containing steel were obtained • 

(1) Recrystallization of lath martensite is retardedc 

(2) The ferrite growth rete of this alloy is slower than that in 

the plain manganese alloy. 

(3) Partitioning of manganese is less significant than that in 

the plain manganese alloy. 

The effect of alloying elements on tempering of martensite 

has been extensively investigated [62,63]. It was demonstrated 

that alloying elements have a substantial effect in lowering Ms 

temperature andaffect the kinetics of the basic reactions and 

t h a p rod u c t s o f t h a r a act i on s, f o r exam p l e, a ll o y c a r b i d as 

rep lace cementite. The carbide former elements, such as V, Ti, 

Mo, Nb, tend to decrease the carbon activity, resulting in 

inhibiting long range carbon diffusion. It can be suggested 

that retardation of recrystallization of martensite is attributed 

to the stability of niobium carbide and its pinniRg the 

substructure and grain boundaries. 

The second and third features of microstructure formation 

indicates that the interface motion was changed by adding 
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niobium. It can be explained that the precipitate particles, 

i.e. NbC, pin the ferrtalaustenite interface [73]. 

4.3.3 Effect of aluminium 

No significant distinction of phase transformation between 

the silicon and aluminum containing steals was noted except that 

there 1s a slight difference in the dependence of partitioning 

coefficients on the annealing temperature. This is consistent 

with the similarity of the ternary phase diagrams between Fe-si-c 

and Fe-Al-G [74]. However, as shown in Table 2, the influence 

of carbon activity in austenite and ferrite is different [75,76] ;: 

SiLicon increases the carbon activity of austenite, while' 

aluminum decreases it. It may be that a different 

transform£?t1on mechanism works in the step cooling treatment. 

However, this was not studied in this research. 

4.4 Summary of Microstructure Development 

In this section, s summary of the h.aat treatments and 

alloying elements on microstructure development is given. 

Fig. 53 shows a schematic diagram of microstructure 

development in Fe-Mn-C and Fe-Si-C systems in the reheating 

treatment. The starting microstructure before the 

intercr1tical annealing is lath martensite with retained 

austenite films along the lath boundaries. In the early stage 

of intercri tical annes ling, recrysta ll1 zat ion starts at the lath 

boundaries and cementite precipitates along the lath boundaries 
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nucleation occurs on the carbide. 
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Subsequently, austenite 

During the i nt ermedi at a 

stage, austenite growth occurs simultaneously with the grain 

growth of ferri t a, as can be seen in the 1 n-si tu HVEM results. 

The austenite in these stage 1~ cleary controlled by carbon 

diffusion for which paraequilibrium model can be applied. In 

the final stage, the growth of austenite is controlled by 

substitutional alloying element diffusion to reach chemical 

aqui l ibrium. In the Fa-Si-c system, the fine l equilibrium can 

be attained in a shoter time than that in the Fe-Mn-c system due 

to the higher diffusivity of silicon then manganese in the iron 

matrix. 

Fig. 54 shows a schematic diagram of the microstructure 

development in the Fe-Mn-C and the Fa-Si-C systems in the step 

cooling treatment. In this treatment, the formation of ferrite 

occurs by proautactoid decomposition at small undarcoolings. 

The growth of ferrite is controlled by both carbon and 

substitutional alloying element diffusion which can be classified 

by ari interface controlled growth model. In the Fe-Mn-C 

system, interface controlled growth dominates and this is 

attributed to the high manganese barrier at the intarface between 

ferrite and austenite. 

4.5 Optimum ALLoy Design and Heat Treatment 

It was known that a silicon containig steel has a better 

combination of strength and elongation than that in e manganese 

. .. 
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containing steel [77-80]. From this work, one of the reasons 

for this fact can be derived. In experimental results of 

substitutional alloying element partitioning, it was found that 

manganese partitions more in the austenite region, aapectally 

adjacent to the interface, than that in the ferrite region, 

whereas at Licon partitions mora in the ferrite region than that 

in the austenite region. Soma of the research to date has bean 

concerned with the di fferenca of hardenass between ferrite and 

martensite and discussed the relation between mechanical 

properties and the hardness of each phase [79]. However, tn 

the aspect of microscopic fracture mechanics, the harmsss near 

the interface is more considerable than the average hardness of 

each phase. In the manganese containing steal, the hardness of 

martensite adjacent to the interface is enhanced due to the 

highly segregated manganese elements while that of ferrite is 

reduced. This may induce microcracks at the interface between 

ferrite and martensite at a relatively lower strain in the 

manganese steal. However, the silicon steel shows an opposite 

tendency to that of the manganese steel; the difference of the 

hardness between ferrite and martensite is much lower. 

Therefore, it can be suggested that a silicon containing steel 

has a batter strength-elongation combination. 

Nevertheless, silicon increases the Ac1 temperature and this 

1& not favorable in the aspect of energy cost of in the reheating 

treatment. Consequently, alloying elements which decreaes Ac1 

temperature, such as manganese, is indispensable in this alloy to 

reduce the total processing cost. In addition, another 
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favorable feature of manganese is to increase the hardenability 

of austenite. 

One of the heat treatments suggested based on this work is 

rapid heating, because it increases the nucleation sites of 

austenite which is attributed to shorten the diffusion path of 

manganese in austenite, resulting in increasing hardenab1l ity of 

austenite. 

In the step cooling treatment, the following points are 

considered to obtain the dual phase structure moat effectively. 

(1) Fla.xibi lity in heat treatment•· for examp La, easy temperature 

control to obtain a given volume fraction of martensite. 

(2) hardanability of austenite. 

Silicon is known as an element which broadens the duel phase 

temperature range which contributes to increase flexibility in 

hast treatment as been documented by Koo and Thomas [77]. 

Additionally, silicon increases the rate of ferrite formation, 

resulting in increase of hardenability of austenite. 

In conclusion, an Fe-5i-Mn-c system is a desirable alloy for 

both heat treatments, in which the contents of carbon, manganese 

and silicon must be designed based on the processing condition, 

such as cooling rate, heat treatment cycles, on-Line rolling 

processing etc •• 
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5 • CONCLUSIONS 

The relation between solute partitioning and microstructure 

formation was investigated and has resulted in the following 

conclusions. 

(1) In the AEM study of partitioning of substitutional solute 

alloying elements, the intensity ratio between manganese and.iron 

was independent of foil thickness, whereas those between 

aluminum, silicon and iron decrease substantially with increasing 

foil thickness. This effect was due to absorption and requires 

the approximate corrections for the silicon and aluminum alloys. 

(2) In the reheating experiment, including the in-situ 

experiment, lath martensite recrystallized and inter lath carbide 

precipitated prior to austenite nu~leation 0!1 these carbides. 

Finally, recrystallization was completed prior to or 

simultaneously with the ferrite grain growth and austenite 

nucleation. However, in bulk samples especially with rapid 

heating, the retained austenite could actually grow without a 

nucleation requirement. Although this was not observed in-situ 

in the TEM, this process cannot be ruled out. Growth of 

austenite was controlled by carbon diffusion in the early stage 

during intercritical annealing and in the later stage by 

substitutional element diffusion as described by Speich et al. 

[22], in the case of a ferrite-pearl ita starting microstructure. 

The manganese concentration profi La in the manganese steel was 

::,:( 

-) 'j 
1'- r. 
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analyzed by the one dimensional diffusion equation assuming local 

equilibrium at the interface. This equation can. be applied in 

the case of low interface migration rates and small partitioning 

coefficient. 

(3) In the step cooling treatment ferrite nucleation occurs 

along prior austenite boundaries to form grain boundary 

allotriomorphs. Assuming equilibrium conditions at the 

interface, a high manganese barrier may be present due to the low 

carbon concentration in austenite. Such was confirmed by the 

experi~entel line profiles of manganese concentration across the 

ferrite-martensite interface. The slower ferri~e growth rate 

in the step cooling treatment than that of the reheating 

treatment is attributed to this high manganese barrier. 

(4) The ferrite growth rate in the silicon containing steel was 

faster than that in the manganese containing steel. This 

result was explained by the respective partitioning coefficients 

and the effect of substitutional element on carbon activity in 

austenite. In the manganese containing steel, the partitioning 

coefficient of manganese substantially depends on the 

intercritical annealing conditions and was larger than those of 

silicon and aluminum. This high partitioning coeffi~ient 

decreases the growth rate of the transformed phase. This 

result supports the solute drag effect theory. Manganese 

reduces the activity of carbon in austenite, resulting in a 

decrease of the driving force for ferrite growth. On the other 
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hand, silicon increases the carbon activity in austenite, so 

supporting a higher ferrite growth retec 

(5) In the niobium-manganese bearing steel, it was found that 

recrystallization of martensite was more sluggish and the growth 

rete was slower than that of the manganese bearing steel. A 

possi.ble explanation for this is that niobium carbide is much 

more stable than cementite and hence inhibits the reaction by 

pinning tha moving ferrite/austenite interface. 
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Alloy Compositions (wt. 0/o} 

Alloy Fe c Si Mn p s Designation 

Ml bal. 0.095 - 1.53 0.004 0.002 

M2 bal. 0.094 - I. 51 0.004 0.002 

Sl bal. 0.105 2.16 0.39 0.004 0.002 
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Tabla 2 

Influence of Substitutional Solutes on Carbon Activity 

Solute 

Carbon Activity 

in Austenite 

Carbon Activity 

in Ferrite 

Carbon Activity 

in Camant1ta 

Mn 

decrease 

decrease 

decrease 

Si Al 

increase decrease 

increase decrease 

increase increase 



Fig. 1. 

Fige 2. 

Fig. 3. 
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Figure Captions 

Schematic of heat treatment of the reheating treatment. 

Schematic of heat t reatm ant of the step coo l1 ng 

treatment. 

Schematic drawing of isotherms l dilstometry in the 

reheating treatment. (sl heat cycle and variation 

length with isothermal annes ling time, (b) variation 

of length with isothermal annealing temperature. 

of 

Fig. 4. Schematic drawing of isothermal dHatometry in the step 

cooling treatment. (a) heat cycle and variation of 

Length with isothermal annealing time, (b) variation of 

length with isothermal annealing temperature. 

Fig. 5. Transmission electron micrographs of the starting 

microstructure before intercritical annealing of the 

alloy M1 showing lath martensite structure. 

(a) bright field, (b) dark field from (002)'Yreflection, 

(c) SAO pattern, (d) analyzed pattern. 

Fig. 6. Transmission electron micrographs showing the 

microstructure o_f the alloy M1 in the very early stage 

of the intercritical annealing. 

(a) bright field, (b) dark field. 

Fig. 7. Scanning electron micrographs showing the change in 

m i c r o s t r u c t u r e of the e ll o y M 1 a ft e r i sot her m a l 

annealing at 730°C in the reheating treatment. 

(a) 10 min., (b) 30 min., [c) 2 hrs, (d) 8 hrs, 

(e) 32 hrs; Specimens water quenched from 730°C. 
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Fig. B. Scanning electron micrographs showing the change in 

microstructure of the alloy M2 after isothermal 

annealing at 730°C in the reheating treatment. 

(a l 1 0 m i n • , ( b l 3 0 m i n • , ( c ) 2 h r a, ( d l 8 h r s, 

(e) 32 hrs; Specimens water quenched from 730°C. 

Fig. 9. ·Scanning electron micrographs showing the change in 

microstructure of the alloy 51 after isothermal 

annealing at 850°C in the reheating treatment. 

(a) 10 min., (b] 30 min., (c) 2 hrs, (d] 8 hrs, 

(e) 32 hrs; Specimens .water quenched from 850°C. 

Fig. 10. Scanning electron micrographs showing the change in 

microstructure of the alloy M1 after isothermal 

annealing at 800°C in the reheating treatment. 

(a) 10 min., (b) 2 hrs; Specimens water quenched from 

aoo 0 c. 

Fig. 11. A sequence of TEM micrographs showing in situ phase 

transformation of the alloy M1.by the hot stage high 

voltage microscope operated at 1500 kV. 

(a) starting microstructure at room temperature, 

(b) 650°C, (c) 710°C, (d) 730°C, (e) 5 min., 

at 730°C, ( fl 60 min. at 730°C. 

Fig. 12. Transmission electron micrographs of alloy M2 by the 

hot stage high voltage microscope operated at 1500 kV. 

(a] starting microstructure at room temperature, 

(b) 60 minutes isothermal annealing at 730°C. 

Fig. 13. 0 p t i c a l m i c r o graphs showing the change i n 

microstructure of the alloy M1 after isothermal 
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annealing at 730°C in the step cooling treatment. 

(a) 10 min., (b) 30 min., (c) 2 hrs, (d) 8 hrs, 

(e) 32 hrs; Specimens water quenched from 730°C. 

Fig.14. Optical micrographs showing the change in 

microstructure of the alloy M2 after isothermal 

annealing at 730°C in the step cooling treatment. 

(a) 10 min., (b) 30 min., (c) 2 hrs, [d) 8 hrs, 

(e) 32 hrs; Specimens water quenched from 730°C. 

Fig. 15. Optical micrographs showing tha change in 

microstructure of the alloy S1 after isothermal 

annealing at 850°C in the step cooling treatment. 

(a) 10 min., (b) 30 min., (c) 2 hrs, (d) 8 hrs; 

Specimens water quenched from 850°C. 

Fig. 16. Variation ofthe volume fraction of martensite with the 

isothermal annealing time. 

Fig.17. Dilatation curves for the alloy M1 in the reheating 

treatment. 

Fig. 18. Dilatation curves for the alloy M1 in the step cooling 

treatment. 

Fig.19. Transmission electron micrographs of dual phase 

structure. 

(a) manganese containing steel, M1, intercritically 

annealed for 2 hrs at 800°C in the reheating 

treatment. 

(b) silicon containing steel, S1, intercritically 

annealed for 2 hrs at 850°C in the reheating 

treatment. 

.. 
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(c) aluminum containing steel, A, intercritically 

annealed for 2 hrs at 850°C in the reheating 

treatment. 

(d) manganese containing steel, M1, intercritica lly 

annealed for 2 hrs at 730°C in the step cooling 

treatment. 

(e) silicon containing steel, S1, intercritically 

annes led for 2 hrs at 850°C in the step cooling 

treatment. 

Fig. 20. Manganese conc·antration profi La of the alloy M1 

intercritically annealed for 2 hrs at 730°C in the 

reheating treatment. 

Fig. 21. Manganese concentration profile of the alloy M1 

intercritically annealed for 2 hrs at 730°C in the 

reheating treatment. 

Fig. 22. Manganese concentration profile of the alloy M1 

intercritically annealed for 10 min. at 800°C in the 

reheating treatment. 

Fig. 23. Manganese concentration profile of the alloy M1 

intercritically annealed for 2 hrs at 800°C in the 

reheating treatment. 

Fig. 24. Manganese concentration profile of the alloy M1 

intercritically annealed for 32 hrs at 800°C in the 

reheating treatment. 

Fig. 25. Manganese concentration profile of the alloy M2 

intercritically annealed for 2 hrs at 800°C in the 

reheating treatment. 
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Fig. 26. Silicon concentration profile of the alloy S1 

intercritically annealed for 30"min. at 850°C in the 

reheating treatment. 

Fig. 27. Silicon concentration profile of the alloy S1 

intercritically annealed for 32hra at 850°C in the 

reheating treatment. 

Fig. 28. Manganese concentration profile of the alloy M1 

intercritically annealed for 2 hra at 730°C in the step 

cooling treatment. 

Fig. 29. Manganese concentration profile of the alloy M1 

intercritically annealed for 32 hrs at 730°C in the 

step cooling treatment. 

Fig. 30. Manganese concentration profile of the alloy M2 

intercritically annealed for 2 hrs at 730°C in the step 

cooling treatment. 

Fig. 31. Silicon concentration profile of the alloy S1 

intercritically annealed for 2 hrs at 850°C in the step 

cooling treatment. 

Fig. 32. Variation of Mn/Fe intensity ratio with the Fe x-ray 

counts of the alloy M1 intercritically annealed for 32 

hrs at B00°C in the rehee~ing treatment. 

Fig. 33. Variation of Si/Fe intensity ratio with the Fe x-ray 

counts of the alloy S1 intercritically annealed for 2 

hrs at 800°C in the reheating treatment. 

Fig. 34. Variation of Si/Fe intensity ratio with the Fe x-ray 

counts of the alloy S1 intercritically annealed for 30 

min. at 850°C in the reheating treatment. 
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Fig. 35. Variation of 81/Fe intensity ratio with the Fe x-ray 

counts of the alloy 81 intercritically annealed for 2 

hrs at 850°C in the reheating treatment. 

Fig. 36. Variation of 8i/Fe intensity ratio with the Fe x-ray 

counts of the alloy 81 intercritically annealed for·2 

hrs at 930°C in the reheating treatment. 

Fig. 37. Variation of 8i/Fe intensity ratio with the Fe x-ray 

counts of the alloy 83 intercritically annealed for 2 

hrs at 850°C in the reheating treatment. 

Fig. 38. Variation of 81/Fe intensity ratio with the Fe x-ray 

counts of the alloy 82 intercritically annealed for 2 

hrs at 930°C in the reheating treatment. 

Fig. 39. Variation of AL/Fe intensity ratio with the Fe x-ray 

counts of the alloy A intercritically annealed for 2 

hrs at B00°C in the reheating treatment. 

Fig. 40. Variation of AL/Fe intensity ratio with the Fe x-ray 

counts of the alloy A intercritically annealed for 2 

hrs at 850°C in the reheating treatment. 

Fig. 41. Variation of AL/Fe intensity ratio with the Fe x-ray 

counts of the alloy A intercrit i ca lly annee led for 2 

hrs at 930°C in the reheating treatment. 

Fig.42. Variation of partitioning coefficients with the 

intercritical annealing times. 

Fig. 43. Variation of partitioning coefficients with the 

intercritical annealing temperatures. 

Fig. 44. Variation of partitioning coefficients with the carbon 

contents of silicon containing steels. 
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Fig. 45. Convergent Beam Electron Diffraction patterns from the 

alloy M1 in (210) orientation. (a) ferrite, (b) 

martensi ta. 

Fig. 46. Absorption coefficients of iron showing iron K 

absorption edge end Ko x-ray of manganese, silicon, and 

e luminum. 

Fig. 47. Ell) spectra taken from the alloy A. 

Fig. 48. Isothermal phase diagram of the Fe-Mn-C system at 

73D°C. 

Fig. 4S. Isothermal phase diagram of the Fa-Si-C system at 

eso0 c. 

Fig. 50. Calculated manganese concentration profile in both 

static and moving boundaries. 

Fig. 51. Manganese concentration profiles and calculated 

profiles. 

(a) 73D°C X 2 hrs, (b) 730°C X 32 hrs, 

(c) aoo 0 c X 2 hrs, (d) eoo0 c X 32 hrs. 

Fig. 52. An isothermal dilatation curve for the alloy M1 at 

700°C and calculated dilatation curve based on 

the Av ram i rate aqua t i on. 

Fig. 53. Schematic drawing of the microstructure formation of the 

manganese and silicon containing steels in the 

reheating treatment. 

Fig. 54. Schematic drawing of the microstructure formation of the 

manganese and silicon containing steels in the 

reheating treatment. 
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