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ABSTRACT 

The ftmctiona1 roles of materials science and ma,terials engineering 

in modern a1~oy design are discussed. It is suggested that following the 

end of World War II evolutionary trends in both methodology and language 
. , ' 

have tended to divide, rather than tmite, these two branches of knowledge. 

Over a period of several decades the net effect has been, on the one hand, 

to isolate materials scientists from materials engineers, and thereby 

prevent them fro~ making greater contributions to technology and, on the 

other,' to deny to materials engineers the potential benefits of the vast 

Understanding ~chieved by the materials scientists •. Several new programs 

in the materials education field are described which have as their aim 

a partial redress of this undesirable situation. The current state of 

development of alloy design, as seen from an academic vi.ewpoint, is 

described with the aid of four illustrative examples taken from current 

student theses research. These examples are: 

(1) a bcc iron alloy having tmusual toughness at temperatures of liquid 

nitrogen an~ below; (2) a series of medium alloy steels whose strength 

and toughness are equivalent to those of the high alloy Iilaraging steels; 

(3) an ultra high strength Fe-Cr-C steel of great toughness which was 
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developed from fundamental considerations of microstructure and sub-

structure; and (4) bcc iron alloys which utilize intermetallic compounds, 

rather than alloy carbides, for elevated temperature dispersion hardening. 
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1. INTRODUCTION 

Materials science and materials engineering are generally considered 

to be separate, though related, fields of endeavor. To the designer of . 

alloys, a knowledge of both fields is essential. The design of alloys 

involves coupli~g basic knowledge with technological needs. One objec-

tive of this paper is to review some of the attempts that have been 

made to str~ngthen the coupling between the two fields and enhance alloy 

design. A second objective is to describe the interdisciplinary educa-

tional programs which have been instituted at the University of California 

at Berkeley, at both the tmdergraduate and graduate levels, to prepare 

students for; careers that require competence in both materials science 

and materials. engineering. 

Materials science is a young relative of the physical sciences, but 

it has evolved rapidly to a highly sophisticated state. Viewed from the 

liniited perspeCtive of the alloy designer, there is no question that, in 

spite of its relative youth, the impact of materials sc:ience upon phys-

ical metallurgy has been truly profound. In essence it may be said that 

from materials ~cience have come the basic laws that govern the design of 

alloys to meet specific property requirements. The modern sophisticated 

analytical and experimental tools of materials science especially those 

.using electron optical, diffraction and spectroscopic methods have 

enabled the metallurgist to identify the details of defect- and micro-

structures, to ascertain their roles in plastic behavior and fracture of· 

solids and, lastly, to produce those elements of internal structure that 

endow alloys with superior properties. Desirable configurations of 
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structure can be produced in new alloys by controlling chemical composi-

tion, mechanical processing, and the phase transformation characteristics. 

In principle, the metallurgist should be able to create alloys 

having tnechaniclil properties that satisfy the design requirements of any 

.existing engineering structure by controlling the chemical composition 

and the thermal; mechanical, thermomechanical and complex processing 

and fabrication treatments of the alloys. Although this is theoretically 

possible, it is not often accomplished in practice. The difficulty is, 

of course, that not enough is yet known about the complex relationships 

bt!tween internal structure and the engineering propet"ties. Conversely. 

engineers cannot define the properties of structural elloys in terms of 

microstructural requirements. Consequently, designers must rely upon 

experience and use "factors' of safety" to guard against certain kinds of 

service failures, particularly fracture. 

Materials engineering is much older than materials scienca- It has 

evolved slmvly, over the centuries. Materials engineering is part art 

and part sci~Ilce--the proportion of each continually but subtly changing 

with time. As an example, Cahn, in a recent review paper, has described 

the roles of materials science, materials engineering and empiricism in 
. 1 

the development of modern superalloys for elevated temperature service. 

In the design of alloys for room and cryogenic service there is a 

highly significant development worthy of special mention. This is the 

development of a branch of continuum mechanics dealing with fracture. 

Utilization of the recent advances in this field greatly enhances the 

coupling between material science and materials engineering. 



,. 

-3-

The resistance to sudden and catastrophic failure is one of the most 

important design requirements of engineering structures. Until the ad-

vent of modern f·racture mechanics. there was no known quantitative way 

to associate tlte microstructure of an alloy with its tendency to fail 

catastrophica,lly ~ Earlier tests, such as the Charpy, do not provide 

quantitative design data. 'The pioneering work of Irwin, et al. in the 

late fifties has resulted ina totally new approach to the problems of 

fracture of complex engineering structures. As is now well known, the 

intrinsic fr~cture toughness of certain alloys can be quantitativelyaraluated 

in terms of 1;he'stress intensity factor, K, with KC being the stress in

tensity required for the catastrophic,propagation of a crack in a sheet 

of material subjected to plane stress, and K
IC 

being the parameter for 
\ 

the'plane strain state. Of particular interest to the ma,terials scientist 

is the observation that both KC and KIC are highly dependent on internal 

structure. TQ.edevelopment of a quantitative approach to fracture has 

provided a vit~link between materials science and materials engineering. 

The mat~rials scientist can hence use his knowledge of 

defect structure and microstructure to produce alloys with enhanced 

resistance to fracture. The mathematical formalism of modern fracture 

mechanics has also been applied to the problem of fract,ure by fatigue, 

but the quant:ita.tive correlation between fatigue failure and microstruc-

ture is not as well understood, as is catastrophic fracture. 

Modem fracture mechanics also provides an important link between 

process 'metallurgists and their professional counterparts, the materials 

engine~rs and the materials scientists. Numerous investigations have 

shown that processing variables, especially those influencing the kind, 

i 

'. I 
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amount, and distribution of impurities, can have a profound effect on 

fracture toughne!3s and fatigue strength. Thus, opportunities now exist 

for an integrated approach to alloy design encompassing alloy chemistry, 

mechanical processing, materials science and materials engineering .. 

Some examples are cited in the paper of alloy design for cryogenic, 

room,and elev~ted temperature service. The examples chosen represent 

attempts to either improve the combination of the ambient temperature 

strength and toughness of commercially available alloys, or to create 

new alloys with properties similar to or better than those existing for 

cryogenic and elevated temperature use. The emphasis is upon the inte

grated materials science-materials engineering approach~ The examples 

used as ill~trations are intended to suggest some of the present capa

bilities of the, materials scientist and the materials engineer that can 

be applied to the design of new alloys. The commercial exploitation of 

wholly new materials designed to meet in some way the needs of present 

and future technology, must await the establishment of cooperative 

programs involving the talents of industry, govemment and universities. 

There is another area where educational instituti9ns can make a 

significant cont~ibution, namely, that of training students in the 

combined fields of materials science and engineering design. In general, 

design engineers have a very limited knowledge about the relationship 

between microstructure and mechanical properties. The language of the 

metallurgist and materials scientist is largely foreign to design 

engineers. Conversely, the language and analytical methods of the 

designer are equally mysterious to most metallurgists. An intimate 
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knowledge of both fields is required for the design of structures that 

will never be in danger of failing catastrophically in service. The 

need for engineering students trained in both fields is evident to 
J1 

employers as well as faculty members. Consequently, there is a move-

ment in curricula planning in engineering colleges toward broadening 

the training,base to permit students to acquire competence in two 

engineering fields. These are called "double major"programs. An 

example of one such program will be discussed in the next section. 
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2. EXAMPLES OF MATERIALS SCIENCE PRINCIPLES APPLIED TO 

ALLOY DESIGN 

The concept of materials scientists designing new alloys is an 

optimistic one. Even though research workers in the materials field 

are cognizan-t of the basic principles of alloy design and are capable 

o·f developing new alloys with interesting properties, there are 

certain critical questions that they are rarely in a position to answer. 

One such question is, "Who needs the new alloys?". Another is, 

"Are the new materials economic and timely?". Market analyses and 

current awareness of advanced technological needs are not the forte 

of professors of materials science. Yet the need for new and better 

materials is o~vious even to laymen. What then, can people in 

universities contribute to the field of useful materials? The position 

. is by no means hopeless. Educational institutions have the 

responsibility for training the future generation of materials 

scientists and engineers, and they can do a more effective job than 

has been common in the past. Furthermore, the faculty themselves can 

become more aware of the needs of technology by regular interaction 

with their colleagues in industry. 

During the past two decades, materials science has grown farther 

and farther away from the technologically related fields of materials 

'. 
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engineering and engineering design. In many ways the concentration of 

efforts on science oriented subjects has been highly useful. It has re-
,.' 

suIted in a far better understanding by metallurgists of the basic 

principles of materials science that must be thoroughly .mastered before 

new and better.alloys can be designed. However, it is now time for ma-

terials scientists to apply these principles to the solution of important 

technological problems. Students trained narrowly ina specialized field, 

such as materials science, will not be able to do this effectively after 

they graduate. A broader educational base is now required, consisting of 

core courses in materials science, materials engineering, and engineering 

design. New,programs of study must be made available to students. They 

must contain .the. core courses required of majors in at ·least two of the 
.'. 

conventional departments, for example, Mechanical Engineering/Materials 

SCience, or Civil Engineering/Materials Science, or Electrical Engineering/ 

Materials Science. Double Major programs in these combined fields have 

been made available to students in the College of Engineering, University 

of California" Berkeley since September 1971. The number of students 

selecting these programs has doubled each year, which shows the growing 

attention the programs are receiving. Equally favorable responses have 

come from employers who are learning about the programs and appreciate 

their merits. 

At the graduate level, the same philosophy has prevailed, but in a 

much less fotmalized manner. Many of the students prefer the traditional 

science orientation, and their programs of study are so oriented. How-

ever, a smaller, but increasing number, are combining their basic training 

in materials science with engineering design and business administration 
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minors. Those who elect this educational route beyond the Masters degree, 

often prefer to receive the Doctor of Engineering degree, instead of the 

Ph. D., at the end of their program. The theses topics of such students 

are generally of the "alloy design" type. Four examples of the products 

of such research are cited below to illustrate what can be accomplished 

in educational institutions as a result of teaching students how to design 

new alloys or enhance the properties of existing ones. Students who have 

worked in this area carry the new concepts and methods to industrial lab-

oratories where they will learn how to combine their science based knowl-
" . 

edge and expel,"imental skills with practical considerations, such as tech-

nological needs, economic considerations, and feasibility of production. 

Hopefully, the lo~g range results will be the commercial production of new 

and better alloys. 

2.1. Enhancement of CryosenicNotch Bar Properties of an Iron Based BCC Alloy 

Metals Qr alloys with the bcc structure can fail either by shear, as in 

fcc metals,or by cleavage. It is now well established that the propensity , 

of bcc metals to fail by cleavage is influenced by a host of compositional 

and structural factors. Some of the compositional and microstructural 

features that are desirable in abcc cryogenic alloy are: (1) the lowest 

possible level of interstitials in solid solution (interstials raise the 

critical resolved shear stress of bcc metals to the cleavage stress as the 

temperature is lowered), (2) the maximum amounts of either nickel or 

manganese in solid solution commensurate with other metallurgical consider-:-

ations, and (3) the finest possible grain size. This listing of desirable 

features is, of course, not complete and is intended only as a guide for 

the selection of an alloy system for study. Iron~rich alloys in the Fe-Ni-Ti 

I¥stemueet the requirements cited above. The titanicm and nickel contents 

.' "!o" 
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in these alloys can be varied to' meet the requirements (1) and (2) above. 

Fine grain sizes can be obtained by thermal or thermal-mechanical means. 

In the study discussed below, the requirements (1) and (2) were met 

* by the alloys Fe-12 pct Ni-O.S pct Ti and Fe-12 pct Ni-O.2S pct Ti. 

After initial processing and forming into desired shape, the alloys were 

solution annealed for 2 hr , air cooled to room temperature, then re-

heated to a designated temperature between 650°C and 800°C, and ice 

brine quenched. 

The results of grain size and impact studies are shown graphically 

in Fig. 1. There was not a simple relationship between the phase diagram 

and the heat t:reatments required for gr:ain refinement. Current studies 

suggest that the. refinement is produced by an increase in the nucleation 

rate of the prior austenite grains above the two phase (a+y) region. 

Apparently the residual defect structure remaining from the duplex (a+y) 

microstructure provides the additioncil. nuclei. The teIlllleratures for ef

fective 'grain refinement were between about 675°C and 775°C, as can be 

seen in Fig. :1(a). 

The -19~oC Charpy V-notch impact energies of both cil.loys reheated 

for 2 hr at temperatures indicated are shown in Fig. l(b). The impact 

energies were uniformly high for. reheating temperatures between 675°C, 

and 775°C, and low for temperatures on either side of this range. It 

was noted that fine grain size and high impact energies were both ob-

tainedfor the same reheat temperatures. Correlations such as these 

were not possible for room temperature tests because of the limited 

capacity of the testing machine (225 ft lbs). 

* All chemical compositions are in wt pct except where otherwise indicated. 
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Macrograpijs of the broken Charpy V-notch bars, optical photomicro~ 

graphs of the microstructure showing the grain size,and scanningelec

tron micrographs of the fracture surface of the Fe";12Ni-O .STi alloy are 

shown in Fig. 2 for several reheat temperatures. It is readily apparent 

that there was a correlation between the grain· size and the rilacro~ and 

micro~fracture appearance. Specimens having a fine grain size showed 

gross amount.s of plasticity on the fracture surfaces of the broken. 

Charpy bars •. Their fracture surfaces at high magnification exhibited 

dimpled rupture that is characteristic of shear (high energy) failure. 

Conversely, specimens having a large grain size showed little plasticity 

on the fracture surface of the Charpy bars and their fracture surfaces 

at high magnification were characterized by flat facets indicative of 

cleavage (low energy) failure. 

The effect of the time of reheat on toughness is shown in Fig. 3' 

for temperatures between 650°C and BOO°C. The energy 8bsorbed at -196°e 

was·. clearly aftmction of both temperature and time. The grain size in 

microns is shown in parentheses on the curves in Fig. 3. At the reheat· 

temperature of 650 oe, the energy absorbed did not appreciably vary from 

its initial low value for times up to 30 hr. At the highest reheat 

temperature of BOOoe the energy absorbed reached a low peak in about 

1/2 hr and then decreased with time to a relatively low value. At 

intermediate temperatures~. viz , 700 0 e and 750oe, the impact energy rose 

rapidly as a function of time to high value~ .. and did not. change for times 

up to 6 hr. As shown in Fig. 3, there was a corresponding reduction 

in grain size with time for specimens treated in the intermediate 

• 
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temperature region. This time~temperature-grain size relationship was 

especially evident for those specimens reheated at 700 o e .. 

. The -196°C impact toughness and yield strength of the Fe-12Ni-0.5Ti 

alloy are compared in Fig. 4 with those reported in the literature for 

2 
two commonly used commercial cryogenic steels. The superior combination 

of strength and toughness of the new alloy is clearly evident. The 

Charpy V-notch impact properties at liquid helium temperatures were in 

excess of 100 ft-lbs. 

The Charpy V-notch impact test has the well known advantages of 

being both ine~ensive and convenient in exploratory alloy design studies 

such as this one. However, the information this test provides has neither 

fundamental s~gnificance nor is it of value in quantitative engineering 

design. Accordi~gly, attempts are being made to correlate structure 

with more meaningful quantities' such as the plane strain fracture tough-

ness and the fatigue crack growth rate. The relatively low yield strength 

(between l49an~ 150 ksi) and the high toughness at liquid nitrogen 

temperatures precluded the determination of valid plain strain fracture 
. . 

toughness in 5/8 inch thick specimens because excessive plastic flow 

occurred. 

Some ty~ical tensile results are shown in Table 1 for test tempera

tures of 23°C and -196°C. The tensile properties were quite insensitive 

to the reheat temperature. It is apparent that those microstructural 

features which influence the impact toughness did not appreciably affect 

the tensile properties. In tests at near liquid helium temperatures 

(-266°C) higher yield and tensile strengths were observed with no 
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appreciable decrease in ductility. The tensile properti.es of the 

Fe-12Ni-0.25Ti alloy were similar to those of the Fe-12Ni-0.5Ti alloy, 

although the strength was somewhat lower (about 5 pct) at all test 

temperatures. (For additional details see references 3-8) •. 

2.2. Ultra Hi&l Strength Steels--Role of Microstructure 

As mentioned earlier, the evolution of a unified theory pf frac-

ture mechanics and the development of reliable test methods for obtaining 

an accurate value for the plane strain fracture toughness (Krc) have 

provided the metallurgist with a quantitative method for evaluating the 

effects of microstructural details on the tendency .of an alloy to 

fracture in a brittle manner. Studies of the relationship between the 

microstructure and the fracture toughness of ultra high strength steels 

have been especially rewarding. For example, the deleterious effects 

of sulfur and other trace impurities have been quantitatively deter

mined. 9 ,10 Also, the relative merits. of steels with bainitic, martensitic, 

or tempered~r~ensitic microstructures have been well documented with 

. 11-13 
respect to t~e~r strength and fracture toughness. Steels are often 

rated according to their relative positions on master plots of plane 

14 strain fracture toughness va yield strength. 

The assumption is generally made that the high hardenability of 

commercial quenched and tempered steels leads to uniform microstructures 

throughout the thickness of fracture toughness specimens, because the 

hardness is nearly constant throughout the thickness.· Elementary 

considerations of micromechanics of fracture lead to the conclusion 

that the. fracture toughness of ultra high strength steels should be 
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highly dependent on relatively small amounts of embtittling micro-

constituents" whereas such microconstituents have little effect on the 

hardness. The detection of minor amounts of austenite decomposition 

products by either optical or electron microscopic techniques is 

deceptive in its apparent simplicity. The detection by optical micros-

copy, for example, of small amounts (of the order of 1 pct) of upper 

bainite in a 5/8 inch thick specimen consisting largely of lower bainite 

orautotempered. martensite demands the utmost care and patience in all 

stages of specimen preparation. It is now established that high resolution 

electron microscopy is needed to distinguish between lower bainite 

and autotetnpered martensite. Unfortunately, the advantages of electron 

microscopy are offset by the disadvantage that large areas cannot be 

scanned readily. A combination of metallographic techniques is general-. 

ly the most affective way to study the structures of heat treated steels. 

When metall~graphic techniques reveal the presence of embrittling struc-

tures in conventionally heat treated steels, alternate heat treatments 

should be devised to either eliminate, or at least minimize, such 

structures. 

Recent studies on a secondary hardening 5 Mo-0.3 C steel have , : 

suggested one way in which improvements in microstructural uniformity 

C'an be achie'ved .• 1S- 17 I i f gh f . h ncreases n racture tou ness 0 more t an 

50 pct were obtained in as quenched specimens by the use of high 

austenitizing temperatures. In this case, the improvement was 

attributed to the reduction of undissolved alloy carbides. In the 

present investigation several commercial steels were heat treated at 
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different austenitizing and tempering temperatures and their strength' 

and fracture toughness determined. The results obtained are reported 

herein. 

The com:po~itions and properties of the steels us~d in the present 

investigation are shown in Table 2. Specimens for optical and electron 

microscopy were taken from the fracture toughness specimens which had 

18 been designed and tested in accordance with ASTM recommended practices. 

Sufficient sampling waS done to ensure that representative microstructures 

were obtained. 

The effect of austenitizing temperature on the fracture toughness 

of as quenched specimens of the 5 Mo-O.3 C steel is shown in Fig. 5. 

The abrupt increase in fracture toughness at a critical austenitizing 

temperature was associated with an increase in grain size (ASTM 7-8 to 

1); the grain size change was concomitant with complete solution of the 

alloy carbi~es. 

Several different microstructural features were responsible for 
" , 

the lower,fracture toughnesses of the three steels when they were 

austenitized at the conventionally used temperature (870°C). The 

optical micrographs of AISI 4130 steel, oil quenched from 870°C, clear-

19 ly showed grains of ferrite and many regions of upper bainite. The 

remainder of the structure was identified by transmission electron 

microscopy as being lower bainite and autotempered martensite. When 

the austenite grain size was increased by first heating the steel to 

l200°C (then furnace cooled to 870°C before oil quenching), there were 

no ferrite grains visible in the optical micrograph, and the amount of 
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upper bainite was substantially lower than that formed during the direct· 

quench from 870°C. The fracture toughness was increased about 30 pct 

by the l200°C treatment. 17 

Free ferrite grains and ferrite plates in upper bainite are regions 

that are mechanically weak. They can fail readily by either plastic flow 

or by cleavage" and thus they tend to initiate microcracks at relatively 

low levels ,of plastic strain. This results in low values of fracture 

toughness, even when dimpled rupture occurs, as ~canning electron micros-

copy revealed was the case for this steel. In additional experiments, 

fracture toughness specimens were quenched into iced brine directly from 

l200°C. Th~ c?oling rate in this case was fast enough to suppress the 

formationo·f upper bainite, although small amot.mts o~ a bainitic product 
, 

were visible in isolated regions in optical micrographs. The remainder 

of the microstructure appeared to be autotempered martensite. Specimens 

given the iced brine quench had exceptionally high fracture toughness 

(100ksi~1n.l/2). 

Another mtcrostructural feature that can have a marked influence on , : 

fracture to!-1~ness is retained austenite. The presence of austenite films 

has been observed by other investigators, and there has been some specula-

20-22 tion about its influence on toughness. However inmartensitic steels 

it is generally assumed that no retained austenite exists if no evidence 

for fcc reflections can be obtained by x-ray diffraction. Since standard 

x-ray methods have a resolution limit of approximately 1 pct, and since 
,. 

the morphological distribution of austenite needs to be characterized it 

is necessary to utilize transmission electron microscopy and diffraction. 

Proof of the existence of very thin films (approximately 200 A thick) 
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of austenite at. martensite lath boundaries was first obtained in the 

studies of Fe-Cr-C steels discussed in Section 2.3 (see ref. 23). In 

the case of AlSI 4340 steel, the presence of retained austenite in oil 

quenched specimens with the larger austenite grains appeared to markedly 

17 
enhance the fracture toughness. Optical micrographs did not reveal 

the structural nature of this steel in any of the conditions investigated. 

Transmission electron microscopy and diffraction showp.d that the struc

ture was pr~marily autotempered martensite with small amounts of lower 

bainite and untempered martensite for both the 870°C, and the 1200° to 

870°C austenitizing conditions. The only significant difference observ-

able in the two steels was that austenite films, 100 to 200 A thick, sur-

rounded a majority of the martensite laths in the specimens that had 

been heated to l200°C, as can be seen in the dark field electron micro-

graph of Fig. 6. whereas there was only a trace of retained austenite 

visible in the specimens heated to 870°C. Additional diffraction and 

dark field microscopy showed that the retained austenite did not transform 

when specimens were cooled to liquid nitrogen temperature. 

Austen.ite is not sensitive to high local stress concentrations and 

does not fail by cleavage, as does ferrite. Consequently, it seemed 

reasonable to conclude that in this case, the presence of another phase, 

properly dispersed, can actually enhance the fracture toughness. 

As is predictable from basic principles of materials science,low 

fracture toughness ofa quenched and tempered steel is associated with 

the presence of certain types of microstructural features. Sulfide in-

clusions act as microcrack nuclei and therefore induce macro fracture 

at relatively low strains in fracture toughness specimens. Similarly, 
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carbide particles undissolved during austenitizing lower toughness. Free 

ferrite, whether present as separate' grains or as platelets in upper 

bainite in ultra high strength steels, lowers fracture toughness by a 

substantial amount. 

Autotempered martensite (with nointer1ath carbides) formed during 

the quenching operation is tough. Lower hainite, and tempered martensite 

free from 1athbotmdary films of carbides ,are also tough and fracture 

resistant microstructural constituents. The presenc~ of retained austenite 

films around autotempered laths of martensite adds substantially to the 

inherent toughness of the autotempered martensitic structure. The sub

structure of martensite itself is also important, e.g. transformation 

twinning in carbon steels lowers toughness. ll 

Figure 7 summarizes the results of tests on steels that had been 

given the l290°C austenitizing treatment. The fracture ,toughness, KIC 

,is plotted against the yield strength. In this figur~ there are two bands 

which show' ~he ranges of yield strength and fracture toughness values 

reported in the literature for commercial AlSI 4340 steel and the 18 Ni 

111araging alloy. The maraging steels are usu~lly considered to have the 

highest value of plane strain fracture toughness obtainable at a given 

yield stre~gth.· The circles are test points for steels given special 

heat treatments'described herein. The toughness values have been moved 

out of the lower and into the upper band. Furthermore, there are theoret

ical reasons to believe that fracture toughnesses well above the maraging 

steel band can be obtained with quenched and tempered steels through 

modifications of chemical composition and thermal treatments. 

Figure 8 shows the approximate range of results obtained with TRIP 
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24-27' .' . . 
steels ~nd how the fracture toughness values compare with those of 

quenched and tempered, and maraging steels. The TRIP steels are metastable 

austenitic ultra high strength steels that transform martensiticallywhen 

plastically deformed. These steels contain 0.3 pct carbon or more, and 

the strain-induced martensite formation provides an additional strengthen-

ingmechanism. 'A volume increase of approximately 3 pct (corresponding 

to a linear/change of 1 pct) is associated with the austenite to martensite 

transformation. The transformation strains augment the ductility and 
, j 

add to the fracture toughness. The volumetric expansion tends to reduce 

the. three dimensional tensile stresses that are developed during plastic 

straining near the apex of a notch. This changes the stress state toward 

a condition which favors a more ductile performance of a fracture tough-

ness specimen. 

At least in theory, steels with lower alloy content than TRIP steels, 
, 0 

but with some TRIP characteristics, can be designed. The fracture tough-

ness values for such steels should fall in the region between the maraging 

and the TRIP steel bands. (For additional details see references15~l7, 

19, 28 and 29). 

2.3. Development of Tough, Ultra-High Strength Fe-Cr-C Steels 

The object:ive of this study was to select a low alloy hardenable steel 

having transformation characteristics that would permit control of micro-

constituents that are deleterious to fracture toughness. In this case, 

the purpose was to devise ways of avoiding the formation of ~iinned mar-

30 tensite, which is known to reduce fracture toughness. Iron-chromi~ 

carbon steels were selected for the investigation. Chromium is not an ef-

31 fective solid solution strengthener in ferritic alloy steels, and so 

.J, 
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substructural changes due to alloy additions can be readily correlated 

with changes in mechanical properties. Furthermore, chromium is relative-

ly inexpensive, and it is effective in increasing hardenability. The 

compositions of the steels are given in Table 3. All steels were aus-

tenitized at llOOoe and quenched in agitated oil. 

A mixed morphology of dislocated and twinned martensites was found 

in all the as-quenched steels. Increases in either carbon or chromium 

content raised the percentage of transformation twins (Figs. 9 and 10) • 

. The 0.17 pct e steels were only slightly twinned, but there was a . notice-

able increase in twinning as chromium level increased. Although all three 

0.17 pcte steels exhibited autotempering, it was more prevalent at the 

lower chromium levels (with correspondingly higher M temperatures). 
s 

The 0.35 pct e steels showed the maximum difference in relative 

amounts of twinned martensite. The twin density increased by a factor of 

approximately two when the chromium content was raised from 4 to 12 pet. 

These results demonstrated conclusively that at a given carbon level, 

chromium enhances transformation twinning in martensite. (Some auto-

tempering was observed in isolated areas of steel 0435). 

The mechanical properties of as-quenched martensites are summarized 

in Fig. 10. The low carbon steels showed little change in strength or 

toughness with increased chromium. This corresponds with only a minor 

increase in the amount of twinning, and confirms that chromium is not a 

solid solution strengthener in steel. However, the high carbon steels 

had a major increase. in strength and drop in toughness as the twin· density 

increased with chromium additions. The brittleness of steel 1235 was 

also indicated by quench cracks along prior austenite grain boundaries. 
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Quench cracking was not encountered in steel 0435. The quench cracks did 

not compromise the KIC results,since scanning electron microscopy showed 

that crack propagation was trans granular. 

One of the most interesting results was the resolution of thin sheets 

of highly deformed retained austenite surrounding sooe of the martensite 

laths in all the as-quenched alloys (identified as austenite by selected 

area diffraction and dark field imaging of fcc spots, Fig. 11). On tem-

pering at 200°C, the interlath austenite was observed less frequently. 

After tempering at 400°C, none was seen, indicating that tempering caused 

the retained austenite to ·transform to ferrite, followed by precipitation 

of interlath carbides •. This replacement of the austenite by interlath 

carbides wasa~companied by a drop in toughness. The variation in proper-·· 

ties with tempering is shown in Fig. l2(a) and (b). 

. 30 32 . Several authors ' have proposed that chemical composition deter-

mines martensitic sUbstructure through its effects on M temperature and s 

strength of martensite. Since Diost alloying elements act as solid solu-

tion strengt~enersin austenite, they increase the thermodynamic driving 

force needed to initiate the martensite shear transformation, and hence 

lower the M temperature. The strength of the martensite over the tempers 

ature ranges of transformation then becomes the controlling factor, and 

slip or twinning or both will depend on the relative values of the critical 

30 resolved shear stress over the Ms -Mf temperature range. . In the present 

work, the steel 0417 had the lowest alloy content, the highest M tempera-
s 

ture, and wao; mainly dislocated. Conversely, the steel 1235 with the 

highest alloy content had the lowest Ms temperature and the highest 

twin density. 
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i,l 

• 

The ()bs~rvations of retained (stabilized) austenite between martensite 

20 laths confirmed suggestions of Seal and Honeycombe, that the absence of 

interlath carbides in Fe-Cr-C steels at tempering temperatures below 

400°C is related to the presence of austenite films at lath boundaries. 

Such films of retained austenite are thus important in stabilizing the 

microstructure and properties up to tempering temperatures of 400°C. In 

the present study, austenite films disappeared after tempering at 400°C, 

and were replaced by'interlath carbides. 

This work showed the important role of substructure on the mechanical 

properties when composition is varied with one component held constant. 

The difference in as-quenched yieid strength in the steels studied can be 

explained' by the relative· c6nttibutions to solid solution strengthening, 

especially tha~ from carbon, and transformation substructure as discussed 

in detail elsewhere. 33-35 

The effect of chromium as a solid solution strengthener in martensite 

is shown to be negligible by the results obtained for the low carbon alloys 

(Fig. 10). Hence, for a given carbon level, any increase in strength as-

sociated with ,a ,higher chromium content must be caused by the increased· 

twin density, n9t by the chromium addition directly. 33 Kelly and Nutting 

have drawn attention to the crystallographic restrictions on slip due to 

transformation twinning. Recent work has shown that twins can themselves 

be twinned which imposes further restrictions on the continuity of dis-

. 36 
location motion. Carbon atom pinning of dislocations is also important. 

. 37 
Twinning has also been observed to increase the hardness of fcc metals. 

If slip is difficult, mechanical twinning is very deleterious, since 

. . 34 
twins are known to be effective as crack nuclei in bee metals. 
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Furthermore twinning dislocatiansin the bcc structure cannot cross slip 

and are not as effective as total dislocations in blunting cracks by 

plastic flow. In untempered martensites especially, twinning must be 

avoided if ~igh toughness is to be achieved. 38 These conclusions are 

well demonstrated in Fig. 10 where for the 0.17 pct carbon steels. Al-

though yield strength did increase as chromium content was increased 

from 4 to l2pct, the toughness dropped as the twin density increased 

(8 pctCr). The property changes were more dramatic for the 0.35 pct C 

steels where for a three-fold increase in chromium content, which caused 

a two-fold incfease in twin density, the strength of .theas-quenched 

martensites increased from 240 to 300 ksi, while the toughness dropped 

from 70 to 20 ksi-inchl / 2 • It is also evident in Fig. 10 that a higher 

yield strength does not necessarily correspond to lower toughness in 
, 

martensite. The as-quenched yield strength of steel 0435 was 84 ksi 

higher than .~hat of steel 1217, yet both had the same fracture toughness. 

The increased carbon content of steel 0435 raised its yield strength over 

. that of steel 1217, while the simultaneous reduction in chromium pre-

vented a large increase in twinning and a corresponding drop in tough-

ness. Hence, by adjusting carbon and alloying element contents in order 

to control the sUbstructure, the strength of martens~~ic steels can be 

improved without . suffering ~ loss of toughness. This suggests a simple 

three-step process for all~ steel design: 

1) add that amount of carbon which will produce the desired strength; 

2) add other alloying elements to produce the required hardenability 

and whatever other properties are desired; and 3) the total solute content 

must be restricted to avoid extensive twinning and 'thereby retain desired 

toughness (e .• g. C < 0.4 pct). 

.. 
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An important result of this research was further experimental 

evidence that as-quenched martensites are not necessadly brittle (e.g., 

none of the 0.17 pct C martensites were brittle, as-quenChed). While 

ithaa often been assumed that martensite must always be tempered after 

quenching to raise toughness to a usable level , so that the consequent 

reduction of strength on tempering is unavoidable, it is emphasized that 

steel 0435" with a plane strain fracture toughness of 70 ksi_in. l /
2 

and 

yield strength, of 240 ksi, qualifies as an ultra high strength ,high 

toughness steel in the as-quenched condition. Its toughness is improved 

without a serious loss in strength when tempered at 200°C.' ~imilar high 

strength and toughness in as-quenched, autotempered, Fe-5 Mo-O. 3 C 

15 martensite have been reported. Figure 13 compares the ultimate 

tensile strength and fracture toughness of steel 0435 with several 

39 
commercial ultl"a high strength steels. It shows that the steel 0435 

matches or exceeds the properties of 18 Ni maraging steels. (For 

additional details, please see reference 23). 

Some further examples of the utilization of phase transformations 

include current programs on dispersion strengthening of martensite. This 

program involye~ application of the principles of dispersion strengthen-

ing by producing precipitation in austenite prior to the phase transforma-

tion to martensite--controlling conditions so as to obtain dislocated 

martensite. The dislocations generated during the transformation mUltiply 

at the particles and simulate the structures otherwise obtainable by 

34 40 thermal-mechanical processing such as ausforming.' Initial results 

41 42 utilizing ausaging and spinodal transformations to produce disper-

sions in austenite are very encouraging. 
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2.4. A BCClron Based Alloy for Elevated Temperature Service 

Most commercial creep resistant materials derive their strength from 

a fine dispersion of a second phase which hinders the movement of dis-

locations. In creep resistant ferritic steels, the fine dispersional-

most invariably consists of carbides, whereas in high nickel content 

superalloys, the dispersed phase may be an intermetallic compound such 
'., 0 • 

as Ni3(Al,Ti). The particle size, morphology, distribution and volume 

fraction of the second phase, the degree of its coherency with the matrix, 

and the mechanical properties of the matrix all affect the creep res is-

tance of dispersion strengthened alloys. The thermal stability of the 

43 second phase particles is also an important factor. 

The mo:rPhology and composition of carbide particles tend. to change 

slowly ate~evat:ed temperatures and this often results in an increase in 

creep rate. An example of such an effect is the loss in creep strength 

of O.lC-loOCr-O.S Mo steel after long time exposure at service because 

. . . 44 
of the formation of an M6C type of carbide. 

The concept of using intermetallic compounds, rather than carbides, 

for increasing the high temperature strength of alloys is decades old, 

but progress toward a realization of this concept has been slow. The . . 

effects of intermetallic compounds such as the sigma phase and Ni3(Al,Ti) 

have been investigated by Mihalisin, et al4S and Decker. 46 Mihalisin 

et a14S found that the presence of sigma lowered both stress-rupture and 

room temperature strengths. Decker46 al~o summarized the status of 

knowledge about . the effects of the Laves phase particles on strength. 

He concluded that in general, when the Laves phase is present in signifi-

cant amounts it "··· can degrade room temperature ductility with little 
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effect on creep properties". The results from the present investigation 

showed, however, that with microstructural control, satisfactory values 

of room temperature strength and ·ductility, as well as good stress-

rupture life, can be attained in very low carbon alloys strengthened 

with the Laves phase Fe2Ta. 

Recently it was demonstrated by Jones,et a147 that in bee Fe-Ta 

alloys, the brittleness, which was due to the presence of a continuous 

gra:f.n botmdary network of the Laves phase Fe2Ta, could be overcome by 

a simple heat treatment whichspheroidized the precipitate. Spheroidiza-

tionof the Laves phase resulted in considerable enhancement of room 

temperature ductility and elevated temperature strength of Fe-Ta alloys. 

Two major limitations of Fe-Ta alloys with respect to their possible 

practical utilization for elevated temperature service were: 

(1) the high ex + y and y + 0 phase transformation temperatures that 

necessitated high temperature heat treatments, and (2) inadequate oxida-

tion resistallce. 48 
An examination of the binary Fe-Cr phase diagram 

indicated that increasing chromium additions to iron continuously lowered 

the y + 0 phase transformation temperatures. The a + y transformation 

temperature, on the other hand, was lowered by chromium additions of up 

to 7 pct, but was raised by further additions of chromium. It seemed 

reasonable to expect that qualitatively, a similar trend would be observed 

on addition of chromium to Fe-Ta alloys. Also, it is well known that 

improvements in oxidati.on resistance are not obtained in ferritic alloys 

49 50 until about 7 pct chromium is present. ' 

The above consideration led to the development of a ternary 

Fe-l at pct Ta-7 at pct Cr alloy (hereafter referred to as alloy Ta7Cr). 
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The Fe-ricl"t portion of the equilibrium phase diagram5l of the Fe-Ta 

system is sho~ in Fig. l4.There are three solid solution regions, 

ex (bee), y (fcc) and 0 (bce). The intermetallic compound, Fe2Ta, is a 

Laves phase, and it has an hexagonal MgZn2 structure. The 0 phase· 

decomposes euteetoidally at 1239°e in accordance with the following 

reaction: 

o{1.1 at pet Ta) -+ y (0.5 at pct Ta) + Fe2Ta 

The y phase reacts peritectoidally with Fe2Ta at 97re to produce the 

ex solid solution: 

y{0.3 at pet Ta) + Fe2Ta -+ a. (0.6 at pet Ta). 

Chromium additions change the compositions and temperatures of these 

. 52 
transformations, as shown in Table 4. The ex -+ y and y -+ 0 transforma-

tion temperatures listed in Table 4 were obtained by d~latometry, and 

the (y + 0) ,-+ IS ,and (Fe2Ta + 0) -+ 0 temperatures were determined by 

metallography •.. 

The structure of the alloy Ta7er in the solution treated (for: I hr 

at 13200e) and water quenched condition was characterized by large 

grains (approximately 1 rom in average diameter) of the retained 0 phase, 

and by an almost continuous grain boundary network of precipitate. When' 

the alloy was. aged at 700oe, additional precipitate formed within the 

grains, but there was no noticeable change in the grain boundary network. 

Microhardness measurements on s.ampels aged for several time intervals at 

700 0 e showed that the hardness first increased with increasing aging time, 

reached a maximum after 40 minutes of aging, and then decreased. The 

microstructure of the alloy in the peak hardness condition is shown in 

Fig. 15(a). When the aged alloy was heated to 1100oe, the matrix 
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transformed to the face centered cubic solid solution, and the grain 

boundary precipitate spheroidized. On cooling from the y phase field, 

the matrix a.gain transformed to a, with a consequent refinement in grain 

size. The structure after this treatment consisted of spheroidized 

precipitate particles in a matrix of a which was characterized by ir-

regular grain botmdaries, as shown in Fig. l5(b). In Fig. 16 is shown 

a transmission electron micrograph of a carbon extraction replica showing 

a tmiform distribution of almost 'spherical particles of. the Laves phase 

53 in the spheroidized alloy. 

The tensile properties of the Ta7Cr alloy, after aging at 700°C for 

40 minutes were characterized by yield and ultimate tensile strengths 

which decreased very gradually with increase in test temperature up to 

about 600°C; at this temperature the 0.2 pct offset yield strength was 

about 70 pet of the room temperature value. The room temperature frac-

ture was brittle as indicated by the scanning electron fracto graph shown 

in Fig. l7(a). The room temperature fracture behavior was changed from 

brittle to ductile by the spheroidizing heat treatment that followed aging. 

The fracture surface of the tensile specimen tested at room temperature 

after spheroidizing at 1100°C for 10 minutes is shown in Fig. 17(b). In 

this figure, there is evidence of a significant amount of plastic 

deformation, as indicated by a dimpled appearance. Fracture occurred by 

void nucleation and growth at the interfaces between Fe2Ta particles 

. and the matrix. * The yield strength, tensile strength, and fracture 

elongation are plotted as a function of the test temperature in Fig. 18 

for the alloy in spheroidized condition. The results were similar to 

those of the. alloy in the aged condition except that all the mechanical 

*0.2 pct offset. 
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properties were increased in the spheroidizedalloy.· The improvements 

were attributed to the cOmPined effects of spheroidization of the grain 

boundary precipitate, reduction ingrain size, and an increase in dis-

location density. 

Short-ti.me tensile properties do not provide adequate information 

about high temPerature strength, and so stress-rupture tests were made on 

the Ta7Cr alloy. The temperatures selected for evaluation were 1000°F 

(538°C) and 1100°F (593°C). Stress VB time to rupture data for ll00°F 

(593°C) are. plotted in Fig. ·19. Also shown in the figure are the stress-

rupture properties reported in the literature for 0.3C-l Cr-lMo-0.25V 

steel, 0.15C-9Cr-lMo steel, Greek Ascaloy and 403, 410 and 422 stainless 

54 steels. . At 1100°F, the Ta7Cr alloy resUlts were above those reported 

for the 0.15C-9Cr-lMo steel,and 403 and 410 stainless steels, but 

below those for the Greek Asealoy, 422 stainless steel and the 

0.3C-1Cr-1M~0~?5V steel •. 

The strengthening effect of molybdenum in solid so~ution in ferrite 

55-57 is well known so 0.5 at pct of molybdenum was added to the Ta7Cr 

alloy, and the alloy Ta7CrMo was developed. The expe.ctedstrengthening 

was found when stress-rupture tests were performed at 1100°F (593°C) on 

the Ta7CrMo alloy. The results are shown in Fig. 19. Additional de-

ail d i f ~ hi did 1 h 53,58-60 ten ormat~on on t s stu y s reporte e sew ere. . 
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3. SUMMARY 

The functional roles of materials science and materials engineering 

have been broadly discussed. It has been suggested that following the 

end of World War II evolutionary trends in both methodology and language 

. have tended to divide, rather than unite, these two branches of knowledge. 

Over a period of several decades the net effect has b~en, on the one 

hand, to isolate materials scientists from materials engineers ,and 

thereby prevent them from making greater contributions to technology and, 

on the other, to deny to materials engineers the potential benefits of 

the vast understanding achieved by the materials scientists. Several 

new programs in ,the materials education field are described which have 

as their aim a partial redress of this undesirable situation. 
. " . 

The current state of development of alloy design, as seen from an 

academic viewpoint, has been described with the aid of four illustrative 

examples taken from current student theses research. The examples used 

for illustration are by no means ready for immediate engineering ap-

plications. c ,The, graduate students involved in these programs have 

acquired a brea.dth of experimental skill as well as basic knowledge in 

both materials science and materials engineering. When these students 

leave the university to go into industrial and government laboratories 

they will be in strong positions to combine their research experience 

and fundamental knowledge with the practical considerations of commerce. 

Armed with this knowledge and experience they should be in a favorable 

position to attack the unsolved technological problemS of modern 

society. 
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TABLE 1. Tensile Properties of the Fe-12Ni-0.5Ti Alloy 

2 Hour Reheat at 750°C 2 Hour Reheat at 850°C 

Test Yield Ultimate Elong., Red. Yield 
* 

Ultimate Elong., Red. 
Temp., Strength, Tensile pet in Strength Tensile pet in 
°c ksi Strength, Area, ksi Strength, Area, 

ksi pet ksi pet 

23 90.3 98.6 21 84 90.8 98.3 21 86 

-196 139.5 153.0 18 75 140.0 150.5 21 74 

* 0.2 pet offset. 



TABLE 2. Austenitizing and Tempering Temperatures, Fracture Toughness and Yield Strength 
of 5 Me-0.3e, AISI 4130 and AISI 4340 Steels 

/ Steel Austenitizing Quenching' Tempering 0.2% Yield. Fracture 
(Composi tion) Temperature, °C Meditml - Temperature, °C -Strength T°l:lg~~:72 ' . 

ksi ksl-1n 

5Mo~0.60Mn-0.30C 870 Iced Brine As Quenched 194 S2 
(Laboratory heat) 1200 Iced Brine As Quenched • 214 100 

1200 Iced Brine 150 210 104* 
1200 Iced Brine 225 196 109* 

AISI 4130 870 Oil As Quenched 201 57 
(0.30C-0.8SCr- 120D-+-870** Oil As Quenched 210 73 
0.46Mn-0.20Mo) 1200 Iced .Brine As Quenched 214 100 I 

W 
(Connnercial steel) 1200 Iced Brine . 200 210 110 ..., 

I 
"" ". 
;. ~. 

AISI 4340 870 Oil As Quenched 231 35 
(0.40C-0.72Cr. 1200-+870** Oil As Quenched 231 63 
1. 73Ni-0.80Mn- 870 Oil 200 235 62 
0.24Mo) 1200-+870** Oil 200 230 75 
(Conmercia1 steel) 

.*~, rather than KIC ' va1ues~ 
**Specimens cooled slowly from 1200°C to 870°C before quenching to maintain quenching 

conditions identical with 870°C austenitized specimens. . 
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TABLE 3. Chemical Compositions of Fe-Cr~C Steels 

~lloy ComEosition 2 wt Ect Ms 
Number C Cr Si 0 Temp. , °c 

0417 0.18 4.2 0.14 0.001 408 

0817 0.16 8.4 0.15 0.002 358 

1217 0.17 12.0 0.15 0.002 286 

0435 0.35 4.0 0.06 0.003 320 

1235 0.34 12.2 0.10 0.002 182 
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TABLE 4. Phase Trans:formation Temperatures :for Fe-Ta-Cr Alloys 

Phase Transformationa -
and Temperatures (OC) 

; 

AlloY' Composition 
y -+- 6 y + 6 -+- 6 or a-+-y 

Fe2Ta + 6 -+-6 

Fe-1 at pet Ta 974 1238 ·1340 

Fe-1 at pet Ta-3 at pet Cr 890 1230 1300 

Fe-1 at pet Ta-5 at pet Cr 880 1210 1280 

Fe-l at pet Ta~7 at pet Cr 870 1160 1250 

) . 
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FIGURE CAPTIONS 

Fig. 1. The effect of reheat temperature on (a) the grain size of the 

Fe-12Ni-0.5Ti alloy,and (b) the Charpy V-notch impact energy 

at -l96°C for the Fe-12Ni-0.5Ti and Fe-12Ni-0.25Ti alloys. The 

time at reheat temperature was 2 hrin each case. 

Fig. ,2 • Macrographs of broken Charpy bars, optical micrographs of 

microstructure, and scanning electron fractographs of Charpy 

bars of the Fe-12-Ni-0.5Ti alloy reheated for 2 hr at the 

indicated temperatures,tested at.-196°C. 

Fig. 3. The effect of time of reheat at indicated temperatures on the 

Charpy V-notch impact energy at -196°C for the Fe-12Ni-O.5Ti 

alloy. The grain size in microns is shown in parentheses on 

the curves. 

Fig. 4. A comparative plot of the yield strength and Charpy V-notch 

impact toughness, both measured at._-l96°C, for two commercial 

2 cryogenic steels and the Fe-l2Ni-:O.5Ti alloy. 

Fig. 5. Influence of austenitizing temperature on the room temperature 

plane strain fracture toughness, KIC ' of as-quenched 

5Mo-0.3C steel. 

Fig. 6. Transmission electron: micrographs of AISI 4340 steel heated 

to l200°C before oil quenching, (a) bright field image, 

(b) dark field image, showing reversal of contrast at austenite 

films between martensite laths. 



Fig. 7. 

Fig. 8. 

Fig. 9. 

" ,. , ' , 
v ,: oJ 
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. :.i 

\,) 

p,lots of fracture toughness, KIC ' vs yield strength. The 
~. .' . 

tuo,shaded bands represent the range of values found in the 

literature forAISI 4340 and maraging steels. The circles' 

are data points from the present investigation. 

Plots of fracture toughness vs yield strength. Bands for 

commercial steels (~C) and metastable austenitic TRIP 

,:,tee~s (KC). 

T~ansmission electron micrographs of as-quenched (a) dislocated 

(Steel 0435), and (b) twinned (Steel 1235) martensites. 

Fig. 10. Room temperature mechanical properties and twin densities of 

as-quenched martensitic steels~ 

Fig. 11. Transmission electron micrographs showing retained austenite 

at martensite lath boundaries in steel 0817, (a) bright field 

image., and (b) dark field image. 

Fig. 12. .Room temperaturemechani-calproperties of as-queriched and 

tcatnpered (a) 0.17 pct C steels, and (b) 0.35 pct C steels. 

Drop in toughness at the 400°C tempering temperature is due 

to precipitation of interlaths carbide films. 

Fig. 13. Tensile strength and fracture toughness of steel 0435 compared 

23 39 to some commercial alloy steels. ' 

Fig. 14. Iron-rich portion of the equilibrium phase diagram of the 

Fe-Ta system. 

Fig. 15 •. Optical micrographs showing the microstructure of alloy Ta7Cr, 

(a) aged at 700°C for 40 min, and (b) aged at 700°C, and 

spher.oidized at 1100°C for 10 min. 
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Fig. 16. Transmission electron micrograph of a c'arbon replica showing 

the Laves phase particles extracted from alloy Ta7Cr 

spheroidized at 1100°C for 10 min. 

Fig. 17. Scanning electron fractographs of alloy Ta7Cr tested in 

tensile tests at ~2°C following (a) aging at 700°C for 40 min, 

and (b) aging at 700°C, and spheroidizing at 1100°C for 10 min. 

Fig. 18. Effect of test temperature on the short-time yield strength, 

ultimate tensile strength, and fracture elongation of 

spheroidized alloy Ta7Cr. 

Fig. 19. Stress vs rupture time at 1100°F (593°C) for alloys Ta7Cr and . 
Ta7CrMo. Also shown are the results reported in the literature54 

for 0.3C-lCr .... lMo-0.25V steel, 0.15C....:gCr-lMo steel, Greek 

Asco1oy, and the AISI types 403, 410 and 422 stainless steels. 
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Fig. 6 
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(b) XBB 7211-5622 (a&c only) 

Fig. 9 
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(b) 
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Fig. 15 
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r------------------LEGALNOTICE---------------------. 

This report was prepared as an account of work sponsored by the 
United States Government. Neither the United States nor the United 
States Atomic Energy Commission, nor any of their employees, nor 
any of their contractors, subcontractors, or their employees, makes 
any warranty, express or implied, or assumes any legal liability or 
responsibility for the accuracy, completeness or usefulness of any 
information, apparatus, product or process disclosed, or represents 
that its use would not infringe privately owned rights. 



TECHNICAL INFORMA TION DIVISION 

LAWRENCE BERKELEY LABORATORY 

UNIVERSITY OF CALIFORNIA 

BERKELEY, CALIFORNIA 94720 

~ 


