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ABSTRACT

Observations of the microstructure and creep
behavior of two commercial silicon carbides are
presented. A combination of fechniques has been used to
characterize the microstructure. Sequential creep
rupture testing has been carried out in an inert
environment at varied temperatures and strain rates, and
scanning electron microscopy has been used to observe
creep crack propagation and damage development with
increasing strain. Basic theory is developed for stress
fields and creep rates around a crack tip and is related
to the observed brittle to ductile transition .in the
material as well as room temperature behavior of deformed

beams.
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1. INTRODUCTION

The ﬂigh temperature failure of ceramics has been
shown to involve two predominant regimes: high stress
ruptures by the extension of pre-existing cracks and low
stress fractures that occur by damage accumulation (Fig.
1). The transition between regimes coincides with a
relatively abrupt change in rupture strain (Fig. 1) and
is accompanied by the creep blunting of pre-existing
flaws (Fig. 2). Some aspects of the blunting transition

have been studied for various 11*,1203,1_6 SiC7-10 and

. 11
Sl3N4
this vitally important aspect of creep rupture is still

materials. However, present understanding of

speculative. The prevalent speculation is that blunting
occurs when the stress and displacement field ahead of
the crack reduces below a threshold value, at which the
nucleation of a crack tip damage zone (i.e. cavities at
grain boundaries and/or in amorphous phases) is
suppressed, resulting in a threshold stress intensity,
Ken (Fig. 3).

At stress intensities below K rupture occurs by

th’

damage accumulation. For A1203, failure in this damage

controlled regime has been shown to occur by the growth
and coalescence of shear bands that nucleate at large

microstructural and chemical heterogeneities within the

1-6

material. When such mechanisms are suppressed, by
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having superior microstructural and chemical homo-

geneity,12 alternative failure processes can be expected.

13
2 2

indicates that, in some cases, sufficient

Indeed, recent research on 2roO
14-16

(TZP) and A1203/Zr0
composites
damage does not occur below the blunting threshold and
the material then becomes superplastic.

The abrupt change in rupture behavior around the
blunting threshold can be regarded as a transition from
cfeep brittleness to creep ductility, involving a com-
petition between flow (creep) and fracture, as depicted
schematically in Fig. 4. The rupture characteristics
ascertained for constant strain-rate conditions should

thus exhibit a transition temperature, T below which

£
the material fails at small strains (by crack growth from
pre-existing flaws) and above which creep ductility
obtains, with failure proceeding by damage mechanism.

The intent of the present research is to examine
aspects of the brittle-to-ductile transition for two SiC
materials, as needed to further understand this important

=18 has provided

phenomenon. Some prior research on SiC
indirect evidence of a blunting threshold, that varies
with temperature, microstructure and énvironmént. This
research has also suggested that both the threshold and

the creep crack growth above the threshold are dominated

by the presence and the characteristics of amorphous
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7
grain boundary phases that either pre-exist or are formed
by exposure to oxidizing environments. Specifically, low
viscosity and 1low surface energy amorphous phases
accelerate the crack growth and reduce the relative
blunting threshold, Kth/Kc’ (as also established for
various Al,0,°"° and sin,tt

23 374
present research is performed in an inert environment in

materials, Fig. 5). The

an attempt to preserve the initial phase characteristics
during testing.

An important constituent of the current research is
the thorough characterization of the materials and the
direct observation of crack blunting and of damage.
These aspects ‘of the research are presented first,
followed by measurements of mechanical behavior and

interpretation of the brittle to ductile transition.
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2.  MATERIALS

2.1 Processing Conditions

17 e
by mixing a

One silicon carbide* was manufactured
fine, high purity silicon carbide powder with 0.5-5 wt%
aluminum in a ball mill, using cobalt bonded tungsten
carbide grinding media and hot-pressed at 2075°C and 18
MPa. The other material** was a sintered o-SiC con-

18 The

taining boron and excess carbon as sintering aids.
silicon carbide powder containing excess carbon was mixed
with boron carbide powder in a ball mill using tungsten
carbide balls. It was sintered at 2100°C in an atmos-
phere of argon. The carbon is believed to partially
remove the silica layer on the silicon carbide powder and
thus allow matter transport. The boron is then presumed
to diffuse into the silicon carbide grain boundaries and

19 The excess

pore surfaces and promote densification.
carbon may also inhibit exaggerated grain growth by

pinning the grain boundaries.

*NC-203, Norton Co., Worchester, Ma.

**Hexalloy, Sohio Engineered Materials, Niagara Falls, NY
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2.2 Specimen Preparation

Surfaces subject to examination were first mechan-
ically polished. The polishing procedure began with 15
pm diamond paste on glass, reduced to 9 ym and then 6 pm:
the latter on a lapping wheel. Polishing was completed
with 1 uym diamond paste on a vibration polisher. Several
specimens were thermally treated to highlight grain
boundaries prior to examination. Treatments were con-
ducted in vacuum or argoﬁ atmospheres. Temperatures
ranged from 1300°C to 1600°C and times from 15 to 45

minutes.

2.3 Characterization Techniques

Chemical analysis was performed on both materials to
determine the total boron, silicon, carbon, and oxygen
contents. For boron analysis samples were crushed and
the boron leached out into an acid solution. This solu-
tion was then plasma heated and the photon intensities
characteristic of boron determined. The silicon content
was determined by fusing powdered SiC. The resultant
glass was dissolved in a hydrochloric acid solution and
the silicon evaluated using atomic absorption. The
carbon content was determined by fusing with an oxidant
to evolve carbon dioxide. The carbon dioxide content was
then analyzed using a coulometer and a carbonate stan-

dard.
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Finally, the oxygen content was determined by neutron
activation analysis. Other impurities were identified
using semi-quantitative spectroscopic procedures.

A microprobe was- used to determine the composition
of second phase impurities from X-ray spectra and maps.
The scanning electron microscope (SEM) was used to obtain
information about porosity and carbon inclusions: the
former on uncoated, mechanically polished surfaces and
the latter on gold coated fracture surfaces. Trans-
mission electron microscopy (TEM) was used to examine
grain boundary phases employing both light and dark field
techniques. Electron energy 1loss spectroscopy also
identified the principal second phases.

Finally, the amounts of each SiC polytype present
were determined using X-ray diffraction in conjunction

with the analysis described by Rexer, et al.20

2.4 Material Characteristics

i. Hot-Pressed Silicon Carbide

Specimens having a light thermal etch observed in
the optical microscope revealed a grain size of about 1.5
Mm. The chemical analysis (Table 1) indicated appre-
ciable oxygen, aluminum, tungsten and cobalt. The
tungsten and cobalt were presumably introduced by the
cobalt bonded tungsten carbide grinding media used to mix

the initial powders.
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Table 1

Material Composition

MATERIAL

(quantitative MAJOR IMPURITIES
composition) (semi-quantitative)

Hot-Pressed SiC 1.50 wty Al
29.84 wty% C 2.50 wt% W
64.89 wt¥% Si 0.10 wt¥% Co
50 ppm B 0.10 wt) Fe

1.70 wt% O
Sintered a-SiC 0.18 wt¥% Al
30.50 wt¥% C 0.07 wt¥% Ca
69.40 wt¥% Si 0.06 wt¥% Cu
0.15 wt¥% B 0.16 wty¥ Fe

0.23 wt¥% O
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Microprobe analysis confirmed appreciable quantities
of second phases. Backscattered electron images (Fig. 6)
and related X-ray spectra identified silicides (Fig. 7)
having variable composition. Some of these are tungsten
silicide (dashed 1line) while others are a mixture of
tungsten, cobalt, and iron silicides (solid line). The
silicides are also revealed by TEM as intergranular
second phase particles (Fig. 8). Attempts to image a
grain boundary phase in the TEM were unsuccessful,
indicating that amorphous phases, if present, must be
less than ~5£ in width. A surface examined by SEM after
a short thermal etch in argon shows large scale inhomo-
geneities (Fig. 9). The crack like features are presumed
to be formed by volatilization of SiO formed by the
reaction of SiC with A1203*, subject to low oxygen
partial pressure conditions. A longer thermal etch
revealed a high number density of bright-contrast second
phase particles (Fig. 10) that increase in quantity with
time, indicating that these phases migrate to the free
surface at high temperature. X-ray analysis of these
phases indicates that they are silicides having variable
composition (Figs. 1lla and b). Even longer thermal

treatments cause the particles to assume different

*SiC + A1203 > Si0o + A14C3
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21
morphologies and X-ray mapping shows compositional varia-
tions between the differently shaped particles (Fig. 12).
Note that the aluminum is present everywhere while the
other cations are confined to the second phase.

The X-ray diffraction data were consistent with a
predominance of the 6H polytype, and detectable quanti-
ties of 15R, 4H and 3C, together comprising about 5% of
the volume of the material.

ii. Sintered Silicon Carbide

Optical observations of thermally etched specimens
revealed a grain size of about 10.pm. Chemical analysis
(Table 1) indicated few impurities. Residual carbon is
also implied by these results. Specifically, by assuming
that all the silicon and boron present are in the form of
carbides the residual carbon content can be estimated as
0.8 wty)%. The presence of residual carbon is confirmed by
transmission electron microscopy (Fig. 13a). Most defin-
itively, the fine structure of the energy loss spectrum
identifies the material as graphite (Fig. 13b). Addi-
tionally the laminar structure is consistent with the
graphitic form. The graphite is present both at inter-
granular and intragranular sites (Fig. 14). The residual
graphite is also well delineated on fracture faces (Fig.
15). Titanium and vanadium silicides have also been

identified (Figs. 16, 17).
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Finally, X-ray diffraction indicated mostly 6H
polytype with about 5 voly) 3C and trace amounts of 15R

and 4H.



29

3. MECHANICAL PROPERTIES

3.1 Techniques

The mechanical properties were investigated in four
point flexure using 3x3x30 mm beams. Some beams were
indented on the tensile surface, with a 200N Knoop
indent, such that the long axis of the indenter was
oriented perpendicular to the applied stress axis. The
indent created a semicircular crack having 125 to 150 um
radius. The residual stress was removed by surface
polishing. The edges of the tensile surface were also
bevelled to remove edge flaws that might cause premature
failure.

The fracture toughness was determined as a function
of temperature by using indented beams tested at a
strain-rate of 6x10™° s™T. The initial flaw size due to
the indent was measured on the fracture surface in the
SEM. The critical stress intensity factor, Kc’ was

determined with the relation21

K. = (2/yn) oya ' (1)
where o 1is the applied stress and a is the initial flaw
radius.

Creep tests were performed at 1600 to 1800°C in an
argon atmosphere, and at constant displacement rates of

1077 to 107° m/s and the steady state creep properties
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characterized by22

£ =¢_ () (2)

where ¢ 1s the strain rate, ¢ 1s the stress, n is the

creep exponent, and €o and o, are constants. The

steady-state stress on the tensile surface was calculated

using23

_3(L - 2)P 2n + 1

o [ 1 (3)
bh2 3n

where L is the outer span in four point bending, £ is the
inner span, P is the load, b is the thickness, and h is
the height.

Sequential testing was used in some cases, with SEM
examinations conducted between each iteration. The
evolution of damage on the tensile surface and the be-
havior of the indentation flaws were thereby observed.
At the conclusion of sequential testing (at about 10%
strain on the tensile surface) the beams were fractured
at room temperature. The material directly in front of
the crack tip was then examined for damage in the SEM and

a nominal toughness ascertained using Eq. (1).
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3.2 Theoretical Results

Stationary cracks in a body subject to steady-state
creep generate displacement and strain fields directly
analogous to the corresponding non-linear hardening
solutions. Consequently the behavior of cracks in the
vicinity of the brittle to ductile transition temperature
can be addressed and interpreted by invoking the appro-
priate non-linear solutions. The relevant results are
summarized in this section. For a non-linear material

subject to steady-state creep (Eg. 2) the stresses out-

side the blunting region have the form:24
S
& s (n+l)
01] = [ (E* ] a.’l] (4)
(o] o ¢ Ir

where C* is the loading parameter, r is the distance from
the crack tip, and I and 0.. are non-dimensional co-

1]
efficients tabulated by Hutchinson.25

At the crack tip,
blunting occurs, and the stresses are 1locally reduced
below the value predicted by Egq. (4). wWithin this
regime, the stresses are approximately given by the
stress at r = 2b (Fig. 18),26 with b being the crack tip
opening displacement that evolves during steady-state in

accordance with26
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. C*
b =20.6 (0—') (5)
t
where o4 is the stress at the crack tip. Hence, 1in

steady-state

_ c*, Fw
b =20.6 (g—)(T-) (6)

t €5

where ¢ is the remote strain. Rearranging Eq. (4) gives

(r 5 2b):
n
g C*
+1 ~n+1
O?j = | ® —) ogj ‘ (7)
I re

C*=0_¢€¢_ah (8)

where hs is a constant, gives

1
o.. h.a (o+D)
- - ~ S
s - It ¢l O3 = 2B
(9)
1
0. h a (n+l)
l! » S ~, =
s = [z1p! 95 (r > 2b)



34
The oyy stress in the crack plane predicted by Egs. (9)
is plotted in Fig. 19 for n=2 (typical of the present
experiments), whereupon hs =,1'4' I =5.8, and Eij = 1.8.
When test specimens are cooled under 1load, the
stresses given by Egs. (9) remain. Hence, when the load
is removed at ©room temperature, residual stresses

develop. Load removal is an elastic process, whereupon

the unloading stresses close to the tip are:

& 2a %
52~ Geag) (10)

Such that the residual stress c?y at the near tip for n=2
(r < 2b) is:

C 1/3

%
R 2
vy = % [-89 () - (559 ] (11)

g
where 02 is now the remote stress on the body during
creep and upon cooling.

Conduct of a room temperature fracture test on
specimens cooled under load is governed by superposition
of the new elastic field upon the residual field. At
fracture, when cr°° = S, the stresses near the tip are then

1/3
) (12)

a = (S - cg)( 2

«89
vy (o)

(

logf

2a )
b+2r
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The fracture process may be analyzed on the basis of thé

stress field.

3.3 Properties

The results of the fracture toughness tests (Table
2) show that Kia is temperature insensitive 1in the
sintered material. The hot-pressed material has a some-
what higher room temperature toughness than the sintered
materiél, but the toughness diminishes at higher tempera-
ture to a 1level comparable to that of the sintered
material. Specimens tested at room temperature after
exposure to steady-state at high temperature gave nominal
toughnesses 1larger than the sharp-crack toughness, as
indicated in Table 2. |

The creep testing revealed an abrupt transition from
brittle to ductile behavior (Figs. 20 and 21, Tables 3a
and b) such that, in the ductile region, the strain on
the tensile surface exceeded 10% without failure. At
strain-rates of ~10"/ s~ the transition for the hot-
pressed material occurred between 1650 and 1700°C, and
for the sintered material between 1750 and 1800°C. 1In
the ductile range the creep exponent of the hot pressed
silicon carbide was 2.3 and for the sintered silicon
carbide 1.7. These values are in the range expected for

superplastic behavior,27 consistent with the extensive

ductility observed above the transition temperature.



Table 2

Fracture Toughness of SiC as a function
of Temperature

Sintered SicC Test #1 Test #2
Room temperature 2.7 Mpaym 2.7 MPaym
1500°C 2.7
1600°C 2:7 3.0
1700°cC 2.9 2.6
1800°cC 247 2.8

Hot-Pressed SiC

Room Temperature 3.9 4.0
1400°C 2.8
1500°C 2.7 2.6
1600°C 2.4 2.6
1700°C 2.6 2.4

Room Tempeature Tests of Deformed Beams

Nominal
Specimen Toughness
NC1l1 5.0
Cl1i 5.5
Cl2 6.0

37
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Specimen

NC2
NC3
NC5
NC7
NC7
NC8-

NC4
NC9S
NC16
NC1lé

Temp
(°C)

1600
1600
1600
1600
1650
1650

1700
1700
1750
1750

Indented Beams

NC10
NC1l1
NC11
NC1l2
NC13
NC1l4
NC15

1700
1700
1700
1700
1750
1750
1750

Table 3a

Strain
Rate,
(sec

6.8x10
3.4x10
1.7x10
6.8x10
1.7x10
1.7X10

1.7x10
1.7x10
9.5x10
9.5x10

1.7x10
2.2x10
2.2x10
2.2x10
4.8x10
9.5x10
9.5x10

)
-7
=7
~7
-8
-7
=7
7
2
7
7

=7
-7
-7
-7
-6
-7
-7

HOT-PRESSED SiC (NC203)

Total
Strain

5%
6%
3%
6%

3%
57
10%
1%
2%
6%
3%

Mode

Fracture
Fracture
Fracture
Fracture
Fracture
Fracture

Flow
Flow
Flow
Flow

Flow
Flow
Flow
Fracture
Fracture
Flow
Flow

40

Stress
(MPa)

199
184
414
252
127
334

250
235
253
245

215
310
310
305
195
160
200
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Table 3b

SINTERED «a-SiC (Carborundum)

Strain

Temp Rate, Total Stress
Specimen (°C) (sec 7) Strain Mode (MPa)
cé 1700 1.6x1077 Fracture 262
Cc7 1750 1.6x10_, Fracture 190
c8 1800 1.6x10_7 4% Flow 173
C9o 1800 3.2x10_7 3% Flow 225
C9o 1800 3.2x10_7 6% Flow 250
C10 1750 1.6x10 Fracture 208
Indented Beams
c11 1800 3.2x10:; 3.5% Flow 180
Cl1l 1800 3.2xlO_7 6% Flow 185
Cl1l 1800 3.2x10_7 8.5% Flow 190
Cl2 1800 4.3x10_7 49 Flow 228

cl2 1800 4.3x10 6% Flow 230
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Indentation cracks above the transition temperature
in the sintered material exhibited blunting and opening
without growth (Fig. 22). Furthermore, the only damage
evident in the material occurred in the vicinity of the
blunt tip in the form of cavities that seemingly
initiated at graphite inclusions (Fig. 23). In the
hot-pressed material, the behavior above the transition
temperature had some differing features. 1In particular,
some crack growth occurred (Fig. 24) albeit at a low
crack growth rates. For example, the crack velocity was

T

m/s at values of the crack driving force C* ~ .013
N/ms. viz at a nominal K ~ 5.5 MPa 4m. Appreciable
damage was also detected in a crack tip zone (Fig. 25)
consisting of lenticular shaped facet cavities typical of

those apparent during creep crack growth.28

4. DISCUSSION

The brittle to ductile transition in ceramics in-
volves local competition between flow and fracture. At
this simplest level, flow at elevated temperature is
governed by steady-state creep and fracture involves the
brittle propagation of an initial crack. For nominally
single phase SiC materials, brittle fracture from a sharp
crack 1s expected to be a temperature insensitive pro-

cess, as affirmed by the fracture toughness measurements
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FIG. 25




47
(Table 2). Consequently, the 'brittle strength'! of the
materials is also temperature insensitive, as plotted on
Figs. 26 and 27. Converselyy deformation is strongly
temperature dependent, as governed by the creep process
(Figs. 26 and 27). A transition from brittle to ductile
behavior would be expected to occur when the flow stress
becomes smaller than the fracture stress. However, the
process must occur everywhere in the body. The most
critical region 1is clearly within the crack tip field
(see Figs. 18 and 19). Further discussion thus involves
consideration of the competing deformation and fracture

processes near the crack tip.

4.1 The Flow Stress

The creep process in both materials exhibits charac-
teristics typical of superplasticity: notably a stress
exponent, n ~ 2, and an activation energy comparable to
that for grain boundary diffusion. The creep law thus
has the form;

2

¢/D, ~ (0% a1/ /ukT) (b/a) (13)

where b is the Burgers vector, Q@ the molecular volume and

Dy, the grain boundary diffusion coefficient.
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4.2 The Fracture Stress

The onset of crack blunting at» elevated temperature
clearly changes the brittle fracture process. Prediction
of trends in the brittle fracture stress with temperature
thus requires that both the operative fracture mechanism
’in the presence of a blunt crack be established and the -
rate of blunting be ascertained. Analysis of the tests
performed at room temperature on cracks subjected to high
temperature blunting provides some information pertinent
to these issues. |

The present premise is that fracture from blunt
cracks 1is governed by the peak tensile stress in the
crack field, ; (Fig. 19). This stress may be derived
from the measured strength S using Eq. (15), and then
using K to estimate the size of the microstructural flaw
needed to cause failure; a. = (n/4)(Kc/t;)2. This pro-
cedure suggests flaws ~12pym in diameter, comparable to
the size of the voids observed in the crack tip region.
The present hypothesis, therefore, is that the voids are
fracture sites and hence that trends in the fracture
stress are governed by variations in the peak stress with
blunting and by the growth of wvoids in the crack tip

damage zone.
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Detailed considerations of trends in fracture stress
would include statistical considerations comparable to
those used to describe the brittle-to-ductile transition

in steels.zg’30

Insufficient information exists for this
purpose. Nevertheless, some 1insight can be gained by
noting the trend in the peak stress during high tempera-
ture testing, obtained from Egs. (6) and (9), viz,

A

o/a, ~ 0.93/Je (14)

Furthermore, during a typical test, the stress and strain

vary as Fig. (28);

Ep = Egg tan[(n/2)(0m/oss)] (15)

where the subscript ss refers to steady-state flow.
Combination of Egs. (14) and (15) reveals a maximum in ;,
which occurs when o, ~ 0.55 Ogs* Consequently when the
steady-state creep stress becomes less than about 1.4

times the fracture stress, creep ductility is assured.
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5. CONCLUSIONS

Silicon carbide exhibits a transition from creep-
brittleness to creep-ductility. Below the transition
temperature the material fails by brittle crack exten-
sion. Above the transition temperature the material is
superplastic and can withstand strains in excess of 10%.
Indentation cracks above the transition temperature in
sintered silicon carbide open and blunt with damage
around the crack tip characterized by cavities opening at
graphite inclusions. The indentation c¢racks in the
hot-pressed material open, stay sharp, and propagate at a
Qery slow rate with cavity formatioh on grain facets in
front of the crack tip.

The brittle fracture stress of silicon carbide at
rapid strain rates is temperature insensitive. However,
the deformation stress is strongly dependent on strain
rate and temperature. The blunting rate is a deformation
process that determines whether the crack will extend.
If a crack blunts readily the stress field around its tip
is reduced, therefore preventing brittle fracture.
Constant strain rate deformation creates a maximum peak
stress ahead of a crack tip when the applied stress
reaches slightly more than half the flow stress. If the
material can survive this point it will continue to

deform to large strains.
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