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MECHANISMS OF FATIGUE CRACK PROPAGATION AND FRACTURE-TOUGHNESS

BEHAVIOR IN ADVANCED ALUMINUM-LITHIUM ALLOYS

Kondapavuluru T. Venkateswara Rao

ABSTRACT

Mechanisms and mechanics influencing the fatigue crack
propagation and plane-strain fracture toughness behavior of commercial
aluminum-lithium alloys are investigated as a function of the
microstructure and plate o:ientation, both at _ambient and 1liquid
nitrogen temperatures., With ultra-low density, improved elastic modulus
and high strength, in comparison to existing 7XXX and 2XXX ailoys, the
alioys additionally exhibit éuperior long (2 10 mm) fatigue crack
properties, even after prolonged exposures at high temperatures, excel
under tension-dominated spéctrum loading and in some instaﬁces show
superior fracture toughness wvalues at ambiént and 1liquid niﬁrogen
temperatures. However, the propertieé are strongly dependent on plate
orientation; moreerr the benefits of lithium additions are not
realized for small (2-1000 um) fatigue cracks.

These observations are rationalized as consequences éf the
domin;nt role of extrinsic toughening (or crack tipvshielding)
mechanisms on the mechanical behavior of aluminum-litﬁiﬁm alloys. For
example, enhanced crack deflection and crack path tortuousity promocé
high levels of shielding and reduce long fatigue crack growth rates,
whereas, small flaws of limited wake devoid of similar benefits of

crack deflection and meandering, accordingly propagate at faster rates.



As the grain structures are largely unrecrystallized, anisotropic and
textured, analogous to laminated composites, the weak planes of faster
crack growth by  delamination are responsible for the anisotropy in
mechanical properties. Conversely, such'delamination§ along weak planes
are also . accountable for the remarkable properties in the other
orientations, through crack-arrester .and crack-divider delamination
tougheniﬁg; the latter being a prime reason for the excellent fracture
toughness and ductility properties of aluminum-lithium alloys at

cryogenic temperatures.

Professor Robert 0. Ritchie,
Chairman,

Ph.D Thesis Committee.
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CHAPTER I

ALUMINUM-LITHIUM ALLOYS: AN OVERVIEW

1.1 HISTORICAL BACKGROUND

Goals for future gubsonic, supersonic and hypersonic flight and
space explofation require advanced materials with low density, high
strength and stability at elevated temperatures (1). Efforts to design
materials conforming to these requirements by adding lithium to
aluminum alloys, date back as early as 1924 in Germany, when the first
lithium-containing alloy, Scleron (Al1-12Zn-3Cu-0.6Mn-0.1Li) was
iptroduced (2). Research aﬁd patents on alloys using higher lithium:
contents and other trace elements (Cd, Mn étc.,) soon followed in U.S
and Germany. Such developments were however, greatly overshadowed by
the introduction of Duralumin-type and Al-Cuon-Mg aluminum alloys,
which were the dominant advanced high strength matefials of that time.
Also, the influence of cold work on the precipitation kinetics and
thermomechanical treatments, so critical for achieving optimal
combinations of streﬁ;th and toughness, were relatively unexplored (3).

Nevertheless, continued efforts at Alcoa (4), Pechiney (5) and in
Great Britain (6,7), culminated in the first commercial alloy

registered as 2020 with nominal composition (wt. %) of Al-4.5Cu-1.1Li-

O.SMn-O.ZCd, by Alcoa in 1957 (8,9). In the T6 temper, the alloy

exhibits yield and ultimate strengths of 531 and 579 MPa, respectively,
with an elongation of 3 %. Aircraft producers quickly recognized the

potential for weight savings and built the A-5A and RA-5C, Vigilante

.aircraft for the U.S Navy. Just simply substituting 2020 for 7075-T651



in the upper and lower wing skins, weight savings of 73 kg or nearly
6 % were realised (3). However, following general concerns over the
fracture behavior ofb 2020, production was halted ahd the aircraft
recalled, in spite of their successful performance for over two decades
without any serious corrosion or fatigue probleﬁs. Thus the Vigilantes
remain the only préduction application for aluminum-lithium alloys to
date. Since then, substantial research effort at several universities,
fuﬁding agencies and research laboratories, have brought forefront the
low density éluminum-lithium alloy technology as summarized

chronologically in Fig. 1.1 (10-14).

1.2 IMPETUS FOR AL-LI ALLOY DEVELOPMENT

The rapid escalation in fuel costs in the aerospace industry in
1973 has rekindled research oﬁ aluminum-lithium alloy development (10-
13), with the objective of developing more fuel efficient aircraft. Of
the wvarious engineering properties of materials that can lead to
potential weight savings, reducing the density as shown in Fig.-l.Z, is
the most efféctive (15,16). Apart from beryllium, which is very
hazardous to health, lithium‘is the only other metal known to reduce
the density and increase the stiffness of aluminum. Each weight percent
of lithium added to aluminum lowers the density approximately 3 % and
improves the elastic modulus by nearly 6v% (Fig. 1.3), for 1lithium
additions upto 4 wt. % (17,18). As a result; direct substitutions by
aluminum-lithium for conventional alloys can yield nearly 11 % weight
savings; and upto 17 % by redesigning aircraft, téking full advantage
of the new materials, thus offering substantial fuel cost savings (14).

Today, using improved alloy design and thermo-mechanical

-
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events during the development of

aluminum-lithium alloys spanning over a period of over 60
years (adapted from Ref. 14).
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treatment procedures, aluminum-lithium alloys currently offer
attractive combinations of strength, ductility, fracture toughness and
fatigue crack propagation resistance, comparable and in many cases
supgffdr to traditional high strength Al-Cu and Al-Zn-Mg alloys (10-
13), particularly at cryogenic temperatures (19-21). In addition, the
alloys are ‘superplastic (10-13,22,23), and the components .cah be
produced to near-net shape in a single opefation. Typical structural
applications include, skins and bspars for the fuselage and wings,

doors, and body stringers and frames of commercial transport, military

- and fighter aircraft, in various product forms. In view of the

‘remarkable cryogenic properties of these materials, they are

additionally strong candidates for liquid-hydrogen, -oxygen and natural

gas fuel tanks, in particular, for existing and future transatmospheric

and hypersonic aircraft applications.

1.3 EARLY PROBLEMS- SOLUTIONS

Early development of binary aluminum-lithium alloys was plagued
by con;efns over poor ductility and fracture properties. Such
deficiencies in ductility and toughness of #1uminum-lithium alloys can
be traced, at least in part, to the inhomogenous mnature of their
deformation characteristics or slip (24), regulting from coherent
particle hardening of spherical S'(A13Li) precipitates. In additionm,
the presence of equilibrium ¢ (ALLi) precipitates at the grain
boundaries can cause §’'-precipitate free zones (PFZs), which can induce
further strain localization and promote intergranular failure (25).
Moreover, alkali impurities (Na, K, and Ca), sulphu; and hydrogen can

also segregate to the grain boundaries (26-29), lower the grain



boundary strength and additionally contribute to the poor toughness of
these planar slip materials. |

Consequently, for the develoément of commercial alloys, slip has
been homogenized by introducing dispersoids (Zr, Mn additions) and
semi-coherent or incoherent plate pfecipitétes such as Tj(Al,CuLi),
9'(A12Cu) and S’(A12CuMg), through copper and magnesium additions (10-
13,17,30-32. Also refer Figs. 3.2-3.5, Sections 3.3 & 3.4 of this
thesis). Concurrent developments in the:thermo-mechanical processing
have optimized aluminum-lithium alloy microstructures for the best
combinations of strength and ;oughness, although thé resulting material
tends to be highly anisotropic and textured, particularly-where small
Zr additions are used to inhibit recrystallization. The thermo-

mechanical treatments typically involve, solution treating (or

‘homogenizing) just above the solvus temperature, water quenching and a

2-3 % permanent stretch, before aging naturally (at room temperature),
or artificially at a higher temperature, to obtain the desired
combinationvof strength, ductility and fracture toughness (32).
Simultaneously, improved casting procedures minimized the embrittlemént

effects due to Na, K 'and H at the grain boundaries.

1.4 COMMERCIAL ALLOYS: CURRENT STATUS

Extensive research and development efforts over the past seven
years, in academic and industrial laboratories have identified Al-Li-
Cu-Zr and Al-Li-Cu-Mg-Zr systems to meet alloy design target
specifications concerning density, strength; ducﬁility and fracture
toughness properties. Most alloys investigated have compositions in the

range of 2-3 wt. % Li, 1-3 wt. % Cu, 1-2 wt. % Mg and 0.1-0.2 wt. % Zr,



~and are mainly processed by ingot metallurgy (I/M) techniques. All of
thé’major aluminum producers including Alcoa, Alcan, Pechiney, Kaiser
aﬁaiReynolds have converged on such compositions registered as 2090,
2091, 8090 and 8091, and already established large-scale production
facilities (33,34).

The variations in composition of the commercial Al-Li-Cu-Zr and
Al-Li-Cu-Mg-Zr systems reflect alloys developed specifically for the
five primary categories, namely for low density, high strength, damage
tolerance, stress corrosion cracking ;esistance apd supefplasticity.
Prominent among these materials are 2090 and 8091; projected as high
strength replacements for 7XXX alloys, whereas 8090 and 2091 ére aimed
forvmedium sﬁrength and . damage tolerant applications replacing 2XXX
alloys. Materials are currently available in various product forms,
i.e., shéets, plates, extrusions and forgings, in different tempers (or
microstructures), invariably controlled by thermomechanical tre#tments
discussed earlier. In the present study, the mechanical properties of
alloys 2090, 2091, 8090 and 8091 were all examinedvin the plate form.

Although, production by I/M techniques appears to be the most
popular route, the powder metallurgy (P/M)_approach has also received
considerable attention. Notable among thé methods are rapid
solidification, rotary atomization and mechaniéal alloying (35). The
potentiai payoffs using these techniques, result from additional
reductions in density by incorporating lithium in excess of 3 wt. §&,
high strengths by unique compositions of alloying elements (Zr, Cr,
ﬁn, Ge, Cu, Mg), not possible through conventional I/M techniques.

Besides, the strengthening oxides and carbides also contribute to their



superior corrosion resistance and high temperature properties. In this
regard, Al-4Li-1Cu-0.5Mg-0.5Zr and AL-905-XL (Al-4Mg-2Li) alloys of
Allied-Signal Inc. and Inco-Alloys International (or Novamet) appear
promising (36,37). Presently, ~they are limited by adversities
concerning Segregation.gf alloying elements, large amouﬁts of second
phases, interme;allic particles and low fracture toughness (35).
Economics of manufacturing_ﬁill be a critical aspect for the success of

the Al-Li P/M technology.

1.5 OTHER COMPETING TECHNOLOGIES

With the advent of aluminum-lithium alloys, the aluminum alloy
technology appears.rejuvenated and now'strongly competes with emerging
advanced cémposite technologies, for structural aircraft and aerospace
applications. Based on organic (graphite-epoxy, graphite-polyimide,
carbon-carbon) and metal (aluminum, titanium and their alloys)
matrices, and alumina (A1203), boron (B),'boron carbide (B,C), silicon
carbide (SiC), Kevlar (an organic fiber) and carbon, in the form of
fibérs, whiskers or particulates, these composites offer impressive
combinations of sfrength, stiffness and high temperature resistance
(1,38). In addition, aramid polymer reinforced aluminum laminates
(ARALL) being developed at ﬁelft UniQersity and Alcoa, by bonding
aramid fibers sandwiched between thin sheets of aluminum, using resins
show exceptional fatigue resistance (39,40).

Despite meager limitations regarding specific stiffness and high
temperature stability, aluminum-lithium alloys enjoy several advantages
over cdmposite materials. Economically, Al-Li alloys are only three

times as expensive . as conventional. aluminum alloys, whereas competing.



composites are at least ten times, and upto thirty times as expensive;
either as raw materials or manufactured items (41)L.Second1y,blithium
alloy development technology is compatible with existing manufacturing
meth8&§ such as sheet forming, forging etc., to obtain the finished
product; composites may require new forming processes and investments.
Finally, in spite of the isotropy in mechanical properties of metal
matrix composites, their ductility and fracture toughness levels are
vunacceptably low (42,43), similar to early experieﬁces in Al-Li alloy
development. Moreover, similar to behavior reported in aluminum-lithium
alloys (44), there are questions concerning the performance of fatigue-

resistant ARALL laminates, under compression loading (41).

1.6 SCOPE OF THE PRESENT WORK

In the present study, the mechanical properties of the principal
commercial Al-Li-Cu-2r and Al-Li-Cu-Mg-Zr systemé are experimentally
investigated in detail, and the underlying mechanisms, mechanics and
the mechanistic implications carefully documented. The fatigue crack.
growth properties of commercial aluminum-1lithium alloys, with respect
to long and small fétigue cracks (Chs. IV and V), under the influence
of single peak tensile overloads (Ch. VI) and after prolonged high
temperature exﬁosures (Ch. VII), are examined and the results compafed
to traditional high strength aluminum allqys. In addition, the fracture
toughness and uniaxial tensile properties are evaluated, as a function
" of microstructure and plate orientation, at ambient and liquid nitrogen
temperatures, in chapters III and VIII, respectively. |

In general, the materials exhibit excellent (long) fatigue crack

growth resistance, enhanced retardations following tensile overloads
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under spectrum fatigue loading and superior strength-toughness
combinations at cryogenic temperatures (with .a few exceptions), when
compared to ZXXX and 7XXX series high-strength aluminum alloys.
Concurrently however, the observed discrepancies between long and small
fatigue crack growth rates are the highest, and the strength, toughness
and fatigue properties strongly sensitivé to plate orientation.

Such contrasting effects are.reasoned to be consequences of the
principal role of "erack-tip shielding" (45,46), in the mechanical
behavior of aluminum-iithium alloys.‘ The term "crack tip shielding",
common in ceramic literature, refers to the general phenomenon, where
the crack advance is impeded by reducing the "local crack driving
force" (extrinsic toughening), as opposed to increasing the
microstructural resistance of the material (intrinsic toughening).

Stress-induced martensitic phase transformations (47), microcracking

" (48) and crack bridging (49) are a few examples of shielding

mechanisms, which are responsible for the improved toughness of brittle
solids (Fig. 1.4). In the case of aluminum-lithium alloys, extensive
crack deflection, crack-path tortuosity, crack-wake plasticity and
premature wedging of fracture surface asperities (crack closure) in
fatigue, and the incidence of short transverse delaminations during

monotonic fracture are responsible for crack tip shielding.
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fatigue resistance 66). ‘
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CHAPTER II

MATERIALS AND EXPERIMENTAL PROCEDURES

2.1 MATERIALS

COmmeré1é1 12-15 mm thick plateé_of aluminum-lithium alloys
ALCAN-8090, 8091 and PECHINEY-2091 were gested in their recommended
peak and naturally aged tempers, whereas, ALCOA-2090 was investigated
in the eiperimental' T8E41 condition. In addition, traditional high
strength aluminum alloys 2124, 7150 were also examined in the various
tempers to draw parallels Eetween the fatigue and fracture resistance
of 'yarious commercial aluminum and aluminum-lithium alloys. Nominal
composition 1limits for the alioys tested and the heat treatment
procedures used to obtain the different microstructures are listed in

Tables 2.1 and 2.2, respectively.

2.2 MICROSTRUCTURES
| All alloys tend to show a pancake-shaped grain structure
elongated along the rolling direction, with a greater degree of
anisotropy and general 1lack of recrystallization in the 1lithium-
containing alloys. Respective grain size measurements aléng the
longitudinal (L), transverse (T) and short-transversev(S) directions
are summarized ‘in Table 2.3, together with the primary hardening
precipitates.

Microsﬁructures in commercial aluminum-lithium alloys are
primarily unrecrystallized and hardened by coherent ¢ (Al4Li), B’-1like

(Al5Cu), T; (Al,Culi), S’  (Al,CuMg) precipitates and B’ (Al4Zr)

o)



Table 2.1: Nominal Chemical Compositions of Commercial Aluminum and
Aluminum-Lithium alloys investigated (wt. %)

17

-----------------------------------------------------------------------

Li Cu
Alcoa 2090 2.05
Alcan 8090 2.50
Alcan | 8091 2.60
Pechiney 2091 1.7-
2.3

Alcoa 2124 --
Alcoai 7150 --

2.86 0.01 0.01 0.02
1.30 0.70 -- 0.20
1.90 0.90 -- 0.10

1.8- 1.1- 0.25 0.30
2.5 1.9

4.50 1.50 0.25 0.30

0.01
0.10
0.10

0.20

Zr Al
0.02 0.12 bal
-- 0.12 bal
-~ 0.12 bal
0.10 0.04- bal
0.16
0.15 " -- bal

2090 T8E41(peak aged)

8090 T351
8090 T8X

8091 T351
8091 T8X

2091 T351
2091 T8X

2124 T351
2124 T751

7150 - T351
7150 Té651
7150 T751

(uhderaged)
(peak aged)

(underaged)
(peak aged)

(underaged)
(peak aged)

(underaged)
(over aged)

(underaged)
(peak aged)
(over aged)

solution treat, 6% stretch,

solution treat, 3%.stretch,
T351 + aged 16 hr at 190°C

solution treat, 3% stretch,
T351 + aged 16 hr at 190°C

solution treat, 3% stretch,
T351 + aged 10 hr at 135°C

solution treat, 2% stretch,
solution treat, 2% stretch,

solution treat, 2% stretch,
solution treat, 2% stretch,
solution treat, 2% stretch,

aged 24 hr at 163°C

naturally aged

naturally aged

naturally aged

naturally aged
aged 48 hr at 190°C

‘aged 1.5 hr at 121°C

aged 100 hr at 121°%C
aged 24 hr at 121°C
+ 40 hr at 163°C
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Table 2.3: Summary of the Grain-Size Dimensions and Strengthening
Precipitates in the Various Commercial Aluminum Alloys

L T

S

2090-T8E41

8090-T351
8090-T8X

8091-T351
8091-T8X

2091-T351
2091-T8X

2124-T351
©2124-T751

7150-T351
7150-T651
7150-T751

0.3 65

1-2 600
350

750

25
50
50

30

8’ (Al3Li), Ty(Al,CulLi), 6'(Al,Cu), B'(Al;Zr)
8’ (Al3Li), B’ (AlyZr) |

§’(Al3Li), T;(Al,CuLi), S'(Al,CuMg), B'(Al3Zr)
8’ (Al3Li), B'(AlyZr)

§'(Al4Li), S’(Al,CuMg), B’ (Al3Zr)

8’ (Al5Li), B’ (AlgZr) -

8’ (Al3Li), B’ (AlyZr)

GP zones

@(AlzCU), A17CU2FG, Allz(Fe,Mn)3Si, MgZSi

GP zomnes

matrix n'(Manz-Mg(CuAl)z), n(Man2 compounds)

Table 2.4: Room Temperature Mechanical Properties of Existing High-
Strength Aluminum Alloys Investigated

2124-T351
2124-T751

7150-T351
7150-T651

Yield Strength U.T.S $ Elongation  Fracture Toughness
(MPa) (MPa)  (on 25 mm) K1 (MPa/m)
360 488 17.8 24
370 440 10.2 42 N
371 485 6.8 37
404 480 6.0 21
372 478 7.1 29 ’

7150-T751



dispersoids in the matrix. Evolution of these microstructures in the
various Al-Li alloys is discussed in Chapter III. Among the various

lithium-containing alloys, 8091 alloy is relatively fine grained, hence

less anisotropic and 2091 shows evidence of a small degree of

recrystallization.

On the other hand, structures in 2124 are recrystallized and show
evidence of GP zones and several constituent phases, including
A17Cu2Fe,.Allz(Fe,Mn)3Si, MgZSi and A12CuMg; ove;aging leads to grain
boundary precipitation (1). In 7150, 4 to 8 nm diameter GP zones are
present ip~ the underaged structures, which are replaced by semi-
coherent n’ (ManZ-Mg(CﬁAlfz) precipitates on peak aging, and coarsened
matrix n’ and incoherent n (MgZn, compouhds) in both matrix and grain
ﬁoundariés on overaging (2). Room temperature mechanical properties of

high-strength aluminum alloys 2124, 7150 are listed in Table 2.4 (1,2).

2.3 MECHANICAL TESTING
2.3.1 Fatigue Crack Growth: Long Cracks

Crack growth tests on long _(ZAlO mm) through thickness ’cracks
were performed with 6 to 7 mm thick test pieces, using compact C(T)
specimens in the L-T, T-L, and L+45 (LT-TL) orientations, double
cantiléver beam DC(B) specimens in the S-L and S-T orientations, and
four-point single-edge-notched bend SEN(B) specimens in the T-S
orientation (Fig. 2.1)..The two letters used in the nomenclature as per
ASTM specifications, refer to the loading and crack growth directions,
respectively, in that order. Details of the various specimen geometries
are shown in Fig. 2.2. Since the through thickness strength variations

in the commercial plates are quite significant all specimens were
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1:

XBL 8610-3731

Nomenclature relating to test specimen orientation and

geometry relevant to long fatigue crack growth tests., Note
that the first and second letters refer to the loading
and crack growth direction respectively.
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' ' Compact tension
f——
. 17.5 mm J,-/ @ (C(T))

] 1
60 mm I_C: 12.7 mm D

X,

G Double

- 4 cantilever
&5 mm ,‘_;_;; - beam (DCB)

T 127 mm ——o O :

12.73m_ | . ——cﬁ

Single-

edge-notched
3mm bend (SEN(B))
N |

I _
! I T 127 mm
25.4 mm ' {
12.7 mm-{ H lo— 12.7 mm
! - 70'mm —!
w , Thickness of all specimens = 6.35 mm

XBL 884-8417

Fig. 2.2: Dimensions of the compact C(T), single-edged-notched bend
SEN(B)and double-cantilever-beam DC(B) samples used to study
the fatigue and fracture toughness behavior in the various
plate orientations.
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machined from the mid-section thicknesses.

Tests were conducted in controlled room temperature air (22°c,

45 % relative humidity), using automated electro-servo-hydraulic"

teéting machines operating under stress intensity (K) control at a
sinusoidal ffequency of 50 Hz, ovef a range of 16ad ratios
(R = K i 1/Kpax) from 0.1 to 0.75. Fatigue threshold stress  intensity
o-11

ranges (AKTH), defined at a maximum growth rate of 1 m/cycle, were

approached using both manual and computer-controlled 1load-shedding
procedures (normalized K-gradient .set between 0.1-0.15 mm'l), with
crack lengths continuously monitored using d.c. electrical potential
methods. Simﬁltaneous measurement of crack closure was achieved using
back-face strain gages on C(T) and SEN(B) samples, and crack mbuth
opening displacement gages on DC(B) samples. Using these techniques,
the closure stress intensity (Kcl) was defined during unloading, at
first‘contact of the fracture surfaces, from the load corresponding to
the initial deviation from linearity of the elastic compliance curve
(Fig. 2.3). Crack growth rate data are ‘presented in terms of the
nominal stress intensity range (4K = K .. .- K; ;. ), and the effective
stress inteﬁsity range, defined as AKeff- Kpax- Ke1-
2.3.2 Fatigue Crack Growth: Small Cracks

To examine the early growth of  naturally-occurring,
microstructurally-small (2-1000 ym) surface cr#cks, fatigue tests were
performed by acetate replication techniques on smooth, unnotched,
rectangular specimens, cycled in four-point bending (Fig. 2.4a) in room

temperature air using electro-servo-hydraulic testing machines. Tests

were conducted at a cyclic frequency of 50 Hz (sine wave) with a load
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D.C.

potential == f—'- :

&

Crack length

Backface Time

strain ‘ '_l
f'

Applied K

Compression strain

XBL 884-8416

Fig. 2.3: Schematic illustration of the principal experimental methods
used to continuously monitor crack length and crack closure.
Crack closure was measured as the closure stress intensity
(Kcl), at first deviation from linearity on the compliance
curve, obtained using back-face strain compliance techniques.
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. Fig. 2.4: a) Smooth and b) waisted geometries of four-point bend

specimens used to measure small crack growth rates.
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ratio of 0.1, where the maximium bending stresses on the surface did
not exceed 0.9 times the yield stress of the material. Due to the high
strength and poor short-transverse properties of 2090-T8E4l, tests in
this alioy were carried out on waisted specimens (Fig. 2.4b) to
minimize fhe occurrence of mid-section delamination cracks in the plane
of loading, where the shear stresses are a maximum.

Tesﬁs were interrupted approximately every 5,000 to 10,000 cycles
and held at the mean load to permit replication of the electropolished -
and lightly etched specimen surface. Replicas were subsequently gold
coated by sputtering, to permit better resolution of the surface crack
length (2¢), and examined using the optical microscope. Witﬁ such
procedures, small cracks of lengths between 2-1000 pm could be reédily
monitored, with a resolution of better than 0.5 um. Growth rates
(Aa/AN) were then computed in terms of the mean crack extension within
such time increments. Typical initiation lives, i.e, to detect a 0.5 mm
visible crack, varied between 1-4 X 105 cycles. Using these procedurés,
detection of crack increments between 1-5 um was possible such that
crack growth rates as low as 5 X 10°10 m/cycle could be readily
monitored..

As the computed plastic zone sizes reﬁained small (typically 4 %)
compared to the crack size, characterization of small-crack growth
rates in terms of K was deemed to be appropriate. Stress intensity
factors were computed using the Newman and Raju equation (3) for semi-
ellip;ical surface flaws assuming an a/c (crack depth to half the
surface crack length) ratio of 0.8, based on serial sectioning

experiments. Owing to the high degree of crack deflection and
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meandering, crack lengths were measured as the pfojected lengths normal
to the bending tensile stresses.
2.3;3 Fracture Toughness and Tensile Properties

| fracture-toughness testing was performed.with 6-8 mm thick
compact C(T) and single-edée-notched. bend SEN(B) samples loaded in
four-point bending for the L-T, T-L, L+45 and T-S orientations, and
double-cantilever-beam DC(B) specimens for the S-L and S-T
orientations. All_ specimens were 1initially fatigue precracked, at
R = 0.1, to a crack length-to-specimen width ratio (a/W) of 0.45-0.55,
All results represent plane strain valués, except where noted.
Corresponding uniaxial tensile properties in the longitudinal direction
were assessed using 6.4 mm round tensile specimens with a 25 mm gage

length.

2.4 FRACTOGRAPHY AND CRACK PATH PROFILES

Fracture surfaces of the test specimens separated due to crack
growth”under fatigue and monotonic fracture, and the associated crack
path morphologies in the various alloys, were examined in the scanning
electron microscope. Crack path profiles were additionally observed,
using the optical microscope, by metallographically polishing sections
of the wunbroken ﬁest pieces, taken at the center thickness,
perpendicular to the fracture surface, in the plane of loading. Some
sections were also taken normal to the crack growth direction and the
fracture surface. Cracks were impregnated with epoxylprior to
peolishing, for better edge retention and the specimens etched using
Kellers reagenﬁ. The extent of (excess) crack surface corrosion

deposits was estimated by scanning Augef spectroscopy (4), using a
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tantalum oxide standard and an Ar' sputtering rate of 25 nm/min.
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CHAPTER TIII

MICROSTRUCTURES AND FRACTURE TOUGHNESS

" 3.1 INTRODUCTION

The influence of microstructure on the strength, toughness and

fatigue-crack growth resistance of experimental aluminum-lithium alloys
is widely reported in literature (1-12), however, there is a paucity of
data on the performance of commercial alloys. M&reover, the properties
are expected to be strongly sensitive to plate orientation, since the
commercial alloys show highly elongated and primarily unrecrystallized
grain structures, due iﬁ part to zirconium additions and extensive
thermo-mechanical processing treatments. It is therefore the primary
objective of this chapter to characterize and compare the strength and
fracture toughness properties of the principal commercial aluﬁinum-
lithium alloys, 2090-T8E41, 8090, 8091 and 2091, as a function of
microstructure and plate orientation at ambient temperatures, and
identify the related mechanisms of monotonic fracture. In the following
chapters, the cyclic crack growth properties of these materials are

examined in detail.

3.2 EXPERIMENTAL DETAILS

‘Commercial Al-Li alloys, 8090, 8091 and 2091 were examined in the
as received, underaged (T351) and recommended peak (T8X) tempers,.and
2090 in the experimental T8E4l temper. Microstructural characterization
was performed by optical and t;ansmiSsion electron (TEM) microscopy.

Thin foils were prepared by mechanical grinding and electropolishing,
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using twin-jet polishing in a 30 % HNOj-methanol electrolyte solution
at -25°C with a potential difference of 15-20 V; samples were
subsequently examined in a Philips-400 microscope equipped with energy-
dispersive X-ray analysis facilities.

Uniaxial tensile tests were performed on round tensile samples
machined in the longitudinal direction, whereas the fracture toughness,
K;., measurements were obtained for the L-T, T-L, T-S, L+45, S-L and S-
T orientations, using different specimen geometries (see Ch. II for
details). Crack path morphologies and fracture surfaces were inspected

using optical and scanning electron microscopy, respectively.

3.3 RESULTS
3.3.1 Microstructures

Three-dimensional optical micrographs of the as-received
microstructures in the 2090, 8090, 8091 and 2091 alloys are illustrated
in Fig. 3.1; in general they reveal unrecrystallized, anisotropic grain
structures typical of thermomechanical processing, with pancake-shaped
grains grossly elongated in the rolling direction. Certain alloys,
however, show small differences, notably 8091 is much finer grained and
hence the least anisotropic, and some degree of recrystallization is
evident in 2091 along with a high density of inclusions or constituent
phases. Quantitative estimates of the grain-size dimensions are listed
in Table 2.3; no apparent changes were noticed after artificial aging.

Further microstructural examination using TEM revealed fine
equiaxed subgrain structures, approximately 2-3 pum in diameter, within

the larger unrecrystallized grains (Fig. 3.2a). In the naturally-aged
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XBB 864-3075D

Fig. 3.1: Three-dimensional optical micrographs of commercial aluminum-
lithium alloys, showing the unrecrystallized and pancake-
shaped grain structures in a) 2090, b) 8090, c¢) 8091, and d)
2091. Note the smaller degree of recrystallization in the
2091 alloy and the finer grain size of the 8091 alloy.
(etched in Keller’s reagent).
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XBB 884-4114A

Transmission electron micrographs of microstructures in 8090-
T351 which are typical of all alloys in the naturally-aged
condition, showing a) bright-field and b) dark-field images
of the fine distribution of &' (Al3Li) precipitates and B!
(Al3Zr) dispersoids. The centered dark-field micrograph in b)
was obtained using the ¢'(100) superlattice reflection.
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T351 condition, all alloys were strengthened by an extremely fine
homogenous distribution of coherent, ordered, spherical 6'(A13Li)
precipitates and B’ (A13Zr) dispersoids; mno evidence of other
precipitate phases was seen in this condition. Precipitation of §’ and
B' was generally uniform within the matrix, without preference for
grain or subgrain boundaries (Fig. 3.2b).

With artificial aging to commercial peak-aged (T8) tempers, all
alloys showed §'-precipitate coarsening, coupled with the formation of
other plate or lathe-like precipitates. In the Al-Li-Cu-Zr alloy 2090,
precipitation of T, (AIZCuLi) and O'-like (AIZCu/A12CuLi) plates, with
(111) and (100) habits respectively, was evenly distributed throughout
the matrix, as shown in Fig. 3.3. In addition, §' precipitates formed
on B'-like platelets and around B' dispersoids (17-20). Grain-boundary
precipitation in this alloy appears to be largely suppressed by the
pre-aging deformation which accelerates the heterogenous nucleation of
T, precipitates.

In the Mg-containing 8090 and 8091 alloys, precipitation of 6'-
like plates is replaced by heterogenously nucleated S (Al,CuMg) or S'
(precursor to S) laths, which are orthorhombic with a (021) habit
(20). In Fig. 3.4, TEM micrographs show the various phases present in
8090, namely spherical §', composite B'-¢&', T;-plate and S-lathe
precipitates. Small degrees of grain- boundary precipitation result in
0.5 pm-wide &'-PFZs in this alloy after aging 16 hr at 190°C. In
comparison, the copper-rich Al-Li-Cu-Mg-Zr alloy 8091 is strengthened
by &’ and S phases (Fig. 3.5), with T, precipitation largely

suppressed; however, widespread grain-boundary precipitation is
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XBB 883-2386A

Transmission electron micrographs of microstructures of peak-
aged 8091-T8X alloy, showing a) bright-field and b) dark-
field images of heterogeneous dispersion of lathes of the S’
or S (Al,CuMg) phase, and c) bright-field and d) dark-field
images of ¢ and grain-boundary precipitates and
corresponding &'-PFZ. Dark-field micrographs were imaged
using the S and §' precipitate reflections, respectively.
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evident, with the consequent formation of lithium-depleted PFZs.

Microstructures in 2091 following aging for 10 hr at 135°C appear
to be hardened predominantly by intense dislocation tangles, ¢’
precipitation and B’ dispersoids (Fig. 3.6). The size of '
precipitates on artificial aging remained extremely fine (A7 nm in
diameter), with no evidence of S or Tl precipitation (21,22). A
listing of the primary hardening precipitates in each alloy is given in
Table 2.3.
3.3.2 Tensile Properties

Ambient-temperature mechanical properties of the 2090, 8090, 8091
and 2091 alloys as a function of aging condition are compared in Table
3.1 (Refer Table 1.4 for the properties of traditional alloys 2124 and
7150). Typical of precipitation-hardened systems, aging to peak temper
results in an increase in yield and tensile strengths with a concurrent
reduction in ductility and strain-hardening exponents. Alloy 2090-
T8E41 showed the highest strength, approximately 20 to 30 % stronger
than the highest toughness 2091-T8X alloy; moreover, this alloy was
between 20 to 53 % stronger than 2124-T351 and 23 to 37 % stronger than
7150-T651 (Table 2.4).
3.3.3 Plane-Strain Fracture Toughness

Fracture toughnesses in the L-T orientation were generally
improved with artificial aging, except in 8091 where an"v 47 % loss was
evident (resulting from extensive grain-boundary precipitation).
Conversely, toughnesses in the S-L orientation, which were 40 to 50 %
lower than in the L-T orientation, were degraded with aging, except in

2091 where a ~n 32 % increase was apparent. In general, strength,
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XBB 884-4116A

Transmission electron micrographs of microstructures of peak-
aged 2091-T8X alloy, showing fine uniform distribution of &'
(Al4Li) precipitates and B’ (Al3Zr) dispersoids. Centered
dark-field image obtained §' superlattice reflection.
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Table 3.1: Ambient-Temperature Mechanical Properties of
Commercial Aluminum-Lithium Alloys

Yield & " % *Strain-Hargening Fracture

Alloy Strength™ U.T.S. Elongation® Exponent Toughness
(MPa) (MPa)  (on 25 mm) n (MPavi)

2090-T8E41 552 589 9.3 0.06 36 (L-T)

17 (S-L)

2091-T351 369 442 10.3 0.12 33 (1-m)

19 (S-L)

2091-T8X 425 483 8.0 0.10 46% (L-T)

25 (S-L)

8090-T351 226 352 16.7 0.19 27 (L-T)

16 (S-L)

8090-T8X 482 534 6.1 0.08 36 (L-T)

13 (S-L)

8091-T351 309 417 LOL7 0.16 SEY (113

17 (S-L)

8091-T8X 537 581 6.3 0.07 20 (L-T)

9 (S-L)

* 6 5
L direction

Table 3.2: Orientation Dependence of Mechanical
Properties in 2090-T8E41l Alloy

Orientation  Yield Strength U.T.S % Elongation Fracture Toughness

(MPa) (MPa) (on 25 mm) Kie (MPa/m)
Longitudinal 552 589 9.3 36 (L-T)
Transverse 548 579 5t 24 (T-L)
65t (T-5)
Short-Transverse 372 448 1.0 17 (S-L)
16 (S-T)

Longitudinal + 45° 460 514 10.9 28 (L+45)

*K  values not meeting the ASTM E 399 plane-strain thickness
requirement.
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ductility and toughness properties were all strongly dependent upon
orientation. For example, in the 2090-T8E41 alloy (Table 3.2), yield
strengths varied by almost 50 %, from 372 MPa (S-L) to 552 MPa (L-T);
ductility values by almost an order of magnitude, from 1 % (S-T) to
10.9 & (L+45); and fracture toughness values by a factor of over 4,
from 16 MPa/m (S-T) to 65 MPa/m (T-S).
3.3.4 Fractography and Crack Path Morphology

Scanning electron microscopy of fracture surfaces revealed that
all uniaxial tensile specimens failed predominantly in shear at roughly
35 to 45 deg to the tensile axis, without significant necking prior to
failure. Corresponding fracture morphologies and crack-path profiles
in the toughness samples are shown in Figs. 3.7-3.10. For the
underaged T351 conditions (L-T orientation), whereas fracture surfaces
in the 2091 alloy were characterized by a predominantly transgranular
shear mechanism, in 8091 and 8090 fractures consisted of (ductile) wvoid
coalescence around cracked and uncracked Cu-rich and Mg-rich
intermetallics, second-phase particles and constituent phases
(Fig. 3.7). In addition, all wunderaged alloys showed evidence of
isolated secondary cracks (short-transverse delaminations) surrounded
by small shear regions (Fig. 3.7). With artificial aging, failure
mechanisms in (peak-aged) 2091-T8X changed to ductile void coalescence
(Fig. 3.8d), with no evidence of secondary cracking (Fig. 3.9),
consistent with the higher short-transverse toughness of this
microstructure. In contrast, fracture mechanisms in (peak-aged) 8091-
T8X became fully intergranular, whereas in (peak-aged) 8090-T8X they

changed to predominantly transgranular shear with a small fraction of
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XBB 884-4117A

Scanning electron micrographs of fracture surfaces of
naturally-aged (T351) microstructures in a) 8090, b) 8091
and c¢) 2091 in the longitudinal (L-T) orientation. Fracture
occurs by microvoid coalescence in 8090 and 8091 and by a
transgranular shear mechanism in 2091. Note the incidence of
short-transverse delaminations (splitting), particularly in
2091. Arrow 1indicates the general direction of crack
growth.
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XBB 884-4118A

Fig. 3.8: Scanning electron micrographs of fracture surfaces of peak-

aged (T8) microstructures in a) 2090, b) 8090, c¢) 8091 and d)
2091 in the longitudinal (L-T) orientation. Fracture occurs
by transgranular microvoid coalescence in 2091, by
intergranular ductile fracture in 8091, and by a
transgranular shear mechanism with short-transverse
delaminations (through-thickness splitting) in 8090 and 2090.
Arrow indicates the general direction of crack growth.
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XBB 884-4119A

Optical micrograph showing ductile fracture by wvoid
initiation and growth around intermetallic particles in the
2091-T8X alloy (L-T orientation). Arrow indicates the
general direction of crack growth.
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Fig. 3.10:

XBB 884-4120A

Scanning electron micrographs of fracture surfaces of a)
8091-T351, b) 8091-T8X and c¢) 2090-T8E41 in the short-
transverse (S-L) orientation, showing intergranular
delamination-type fractures. Note the fine dimpled
substructure on grain-boundary facets in peak-aged (T8)
alloys, characteristic of microstructures with significant
grain-boundary precipitation and soft PFZs. Arrow indicates
the general direction of crack growth.
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void growth around small uncracked particles; secondary cracking was
also evident in 8090 as continuous short-transverse delaminations,
similar to behavior in 2090-T8E41l (Fig. 3.8).

Fractures in the short-transverse orientations occurred by a
predominantly intergranular delamination mechanism in all materials
(Fig. 3.10), except 2091 and 8090-T351 which failed by ductile void
coalescence. Spectroscopy on the intergranular surfaces revealed
pockets of Cu- and Fe-rich intermetallics; in addition, the presence of
fine dimples on the intergranular facets in 8090, 2090-T8E41, 8090-T8X
suggest preferential failure in the soft PFZs. Both these factors

contribute to poor short-transverse toughness in these alloys.

3.4 DISCUSSION
3.4.1 Microstructure and Strengthening Precipitates

Current observations regarding the strengthening precipitates in
commercial aluminum-lithium alloys are consistent with studies on
solid-state phase transformations in the Al-Li-Cu-Zr and Al-Li-Cu-Mg-Zr
systems reported elsewhere (5-10,17-20). Naturally-aged
microstructures are seen to be strengthened primarily by a fine
homogeneous dispersion of §' precipitates and B' dispersoids. Further
aging promotes the growth of §' and the formation of S and T; plates.
Precipitation of Ty occurs in competition with S for copper atoms and
available nucleation sites, although it is absent in the copper-rich
8091 alloy. The widespread precipitation of S or S’ is heterogeneous
around regions of high dislocation density in the matrix and along
grain and subgrain boundaries. It is not clear, however, whether the

dislocations result from pre-aging deformation or from wvacancies
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released by lithium atoms during the progressive growth of §’, although
the fine-scale nature of §' precipitation and the absence of S and 1
phases in the 2091 alloy, even after peak aging, would appear to
support the latter explanation.
3.4.2 Tensile Properties

Variations in strength and ductility observed during aging of
the commercial alloys are typical of many precipitation-hardened
systems. In the naturally-aged condition, hardening results from Li, Cu
and Mg in solid solution, the precipitation of &’ and B'’, and the
presence of dislocation substructures from pre-aging deformation. With
further aging, the coarsening of §', coupled with the formation of Tq,
B’ and/or S plates, leads to further improvements in strength. In the
T351 and T8X conditions, these precipitates remain coherent with the
matrix and thus deformation proceeds by dislocation shearing; the
highest strength levels are thus attained in alloys with the highest
copper content, e.g., 2090, which has the largest volume fraction of
strengthening Ty, 6'-like, plate precipitates.
3.4.3 Fracture Toughness Behavior
3.4.3.1 Longitudinal (L-T) Fracture Toughness

In precipitation-hardened aluminum alloys, aging to peak hardness
generally results in a decrease in the ambient-temperature fracture
toughness, concurrent with a change in fracture mode from transgranular
to intergranular ductile fracture (24). Specifically, the lower
toughness 1is associated with the formation of grain-boundary
precipitates which act as preferential sites for void nucleation; in

addition, strain localization in the softer PFZs further weakens the
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boundaries, an effect accentuated by the lower strain-hardening
capacity of peak-aged microstructures (23-26). In certain alloys,
overaging results in a partial recovery in toughness, despite further
reductions in strength.

Similar behavior has been reported for several experimental
aluminum-lithium alloys (27-29), although the superior toughness of
underaged microstructures has been additionally related to crack
deflection and bifurcation (27,28). For the commercial Al-Li alloys
studied in the present work, however, superior strength/toughness
properties are achieved generally with peak-aging tempers (8091 is the

exception); possible reasons for this are discussed below.

8091: Underaged microstructures in 8091 fail by transgranular
ductile fracture associated with void coalescence around second-phase
in the matrix; with further aging, the formation of grain-boundary
precipitates leads to intergranular ductile fracture (29) and a
corresponding reduction in fracture toughness. Evidence for the latter
is shown by the fine dimples on intergranular and intersubgranular

facets on fracture surfaces for the T8X condition (Fig. 3.8c).

8090 and 2091: In contrast, aging to peak strength in the 8090 and 2091

alloys causes an increase in fracture toughness, despite reductions in
ductility and strain-hardening exponent. However, the low volume
fraction of grain-boundary precipitates, which are completely absent in
2091 and seen only at high-angle grain boundaries in 8090, suggests

that other mechanisms are active.

First, in peak-aged 8090, the copious matrix precipitation of Ty-
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plates and S-lathes tends to disperse slip by promoting cross slip
within individual slip bands. Concurrently, the very low short-
transverse toughness leads to extensive intergranular (through-
thickness) delaminations (Fig. 3.8b); such splitting tends to relax
through-thickness constraint by causing the plane-strain fracture
process to be divided into several parallel plane-stress fractures. As
modelled and experimentally verified in Ch. VIII, the plane-stress
fracture toughness in Al-Li alloys is typically some 25 % higher than
for plane strain, such that the occurrence of through-thickness
splitting can result in a significant increase in toughness. This
mechanism is termed crack-divider delamination toughening, and is
commonly observed in laminated materials (30-32); in Al-Li alloys, it
is also enhanced by low temperatures and is a major factor contributing
to the large increases in toughness shown by certain Al-Li alloys at
cryogenic temperatures (14,16).

Second, in 2091, extensive short-transverse splitting is seen in
underaged microstructures; moreover, since aging to peak strength
improves the S-L toughness by over 25 %, splitting is not seen on
fracture surfaces of the T8X microstructure. The higher peak-aged
toughness in this alloy instead appears to be associated with a ductile
transgranular void-coalescence mechanism (Fig. 3.8d). Such differences
in the extent of short-transverse splitting in peak-aged
microstructures of 2091 and 8090 can be seen in Fig. 3.11. Although
precise reasons for this anomaly are unclear, the effect may be related
to the small degree of recrystallization and lower aging times and

temperatures in the 2091 alloy.
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XBB 884-4121A

Metallographic sections, perpendicular to the crack-growth
direction, in peak-aged microstructures of a) 2091-T8X and
b) 2090-T8E41, showing high-toughness ductile fracture with
substantial shear lips in 2091-T8X, in contrast to failure

‘by a local transgranular shear mechanism with extensive

short-transverse delaminations in 2090,
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Underaged microstructures of 2091 and 8090 are also seen to
exhibit some degree of crack bifurcation at the onset of fracture. Such
bifurcation, however, is predominantly a surface effect (Fig. 3.12),
and was never seen in the other alloys. It is therefore concluded
that toughening from crack deflection and bifurcation, although deemed
to be important in experimental Al-Li alloys (27), 1is a relatively

insignificant mechanism in commercial alloys for L-T orientations.

2090: The behavior of 2090-T8E4l is similar to that of peak-aged 8090;
the excellent toughness appears to result from uniform precipitation of
Ty and ©'-plates, negligible grain-boundary precipitation, and
significant crack-divider delamination toughening. This commercial
temper offers an optimal strength/toughness combination; further aging
degrades both properties due to grain-boundary precipitation and
related phenomena as shown in Ch. VII.
3.4.3.2 Short-Transverse (S-L) Fracture Toughness

For all commercial alloys, the short-transverse fracture
toughness is roughly 50 % lower than in the L-T orientation. With the
exception of 2091 and 8090-T351, such low toughnesses are associated
with an intergranular delamination-type fracture (Fig. 3.10).
Plausible reasons for the poor grain-boundary strength, even in
underaged structures, are the presence of coarse Fe/Cu- or Mg/Cu-rich
constituent particles (1-2 pm in diameter), and the segregation of Na

and K impurities to grain boundaries (15,34). In addition, in situ

Auger spectroscopy studies (33) have shown that lithium segregation to
grain boundaries can occur readily during aging, prior to the

formation of grain-boundary particles and PFZs. Since a large fraction



XBB 884-4122A

Metallographic sections taken perpendicular to the crack-
growth direction at a) the surface and b) the interior of a
sample of 2091-T351 alloy (L-T orientation), showing that
crack bifurcation at the onset of fracture 1is predominantly

a surface effect. Arrow indicates the general direction of
crack growth.

50
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of the weak grain boundaries are aligned normal to the short-transverse
direction, owing to the unrecrystallized, anisotropic nature of the
grain structure, low short-transverse toughness is to be expected.
With continued aging, general grain-boundary precipitation further
weakens the boundaries and accentuates this effect, leading to ductile
intergranular failures (Fig. 3.10b,c), and even lower short-transverse
toughness values.
3.4.4 Influence of Plate Orientation

As alluded to above, akin to behavior in laminated composites
(30-32), the poor short-transverse strength and toughness of commercial
aluminum-lithium alloys can provide a source of weak interfaces which
act to improve toughness in perpendicular orientations, particularly at
lower temperatures (14,16). As illustrated schematically in Fig. 3.13
(also see Section 8.4), in the L-T and T-L orientations short-
transverse delaminations give rise to crack-divider delamination
toughening, which promotes local plane-stress fracture. Even greater
toughening, however, is achieved in the T-S and L-S (crack-arrester)
orientations through crack deflection and bifurcation at v90 deg (i.e.,
the Cook-Gordon mechanism (36) for crack stopping at weak interfaces),
as shown for the 2090 alloy in Fig. 3.14. Experimental results showing
the influence of orientation on the mechanical properties of the 2090
alloy are listed in Table 3.2; toughness values for the T-S orientation
can be seen to be over 80 % higher than in the L-T orientation and over
a factor of 4 times higher than in the S-T and S-L orientations.

Estimates for the toughness improvements in the T-S (crack

arrester) orientation due to delamination normal to the crack growth
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Crack
divider
(L—TJH{J

fifinﬁwﬁ* = = Crack

: —— arrester

[ !

e = (T-S,L-S)

Crack

delamination
(S-L,S-T)

XBL 883-844

Fig. 3.13: Schematic illustration of orientations for crack extension
in an anisotropic material containing specific planes of
weakness in one direction. L-T and T-L orientations
correspond to crack divider, T-S and L-S to crack arrester,
and S-L ans S-T to crack delamination (or short-transverse).
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XBB 883-2355A

Fig. 3.14: Delamination toughening in the crack-arrester orientation
due to crack deflection along weak short-transverse planes
for 2090-T8E41 alloy tested in the T-S orientation
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direction, compared to the L-T value can be made using the linear-
elastic solutions of Cotterell and Rice (37). For the in-plane
deflection of a crack through an angle 6 (deflected segment small
compared to crack length), the local Mode I and Mode II stress-
intensity factors, k; and k,, are given in terms of their global

values, KI and KII’ and angular functions aij(e) as:

k)

ap1(8) Ky + apy(8) Ky ... (L
Since Kyy is zero and first-order solutions for aij(G) give:

cosB(G/Z) and

a11(8)

ay1(8) = sin(8/2) cos?(8/2)  ........ (2)

such that the effective stress intensity ahead of the crack tip

deflected through 90 deg is approximately:
= 2 2\1/2
Kope = (°+ kp®iW% =089 B sucounss (3)

Nonlinear-elastic solutions would suggest a slightly larger effect
(38). Such simple modelling predicts that the toughness in the crack
arrester orientation should be nearly two (1/0.49) times higher. In
2090-T8E41 the room temperature L-T toughness is 36 MPa/m; the
calculated Ky, value for the T-S orientation is thus of the order of
70 MPa/ﬁl which is close to the measured value of 65 MPavm.

Anisotropy in mechanical properties 1is also evident for
orientations in the rolling plane due to the pronounced texture

imparted during prior deformation, which persists due to inhibition of
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recrystallization. For exampie, compared to the L-T orientation, the
L+45 (LT-TL) orientation shows approximately 20 % lower strength and
toughness (Table 3.2). fexturé is also promoted by the preferred habit
planes of the plate-like precipitates in the matrix. In additionm,
strength variations thrcﬁgh the thickness éf coﬁmercial plates of Al-Li
alloyé are presentlyvquité significant; this has.beeﬁ attributed to
variations in texture, quench rate and subsequent microstructure (39).
3.4.5 Models for Fracture Toughness Behavior

Modelling of fracture-toughness behavior in ductile alloys, where
the crack extends by a microvoid coalescence mechénism, is often based
on criteria of the critical crack-tip opening displacement (dc)
exceeding the mean spacing of the void initiating particles (dp)
(23,40), or a critical fracture-strain (sf*) being exceeded over a
_ charaéteristic microstructural dimension (ro*) (41,42). Proposed modéls
in literature for high strength aluminum alloys, and the e#pressions

suggested are summarized below:

Hahn and Rosenfield (23): Critical crack-tip displacement model,
Rpg © loy E7 Dy (n/6)1M/2 wel/6 (4)

Garrett and Knott (24): Critical strain criterion applied over the

characteristic width of the plastic zone size,
*
Rg = n [oy eg” E/]H/2 e (5)

Chen and Knott (43): Critical stress model, where exceeding the
cohesion strength of the dispersoid/matrix interface triggers void

coalescence within the shear bands,
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%
Kic = n [0y E' d 0, /Dp]l/?- .......... (6)

where, E’' 1is the Young’s modulus E in plane stress and E/(1 - vz) in
plane strain, v is Poisson’s ratio, Oy is the flow stress,‘Dp and Ve
are respectively the diameter and volume fraction of the void

s s . * , . '
initiating particles, o, , 1is the cohesion strength of the

c
particle/matrix interface and the value of ef* is the fracture strain
appropriate to the crack-tip stress state. As noted by _the authors
themselves, the Hahn and Rosenfield modei predicts unusual trends of
increasing toughness with increasing strength and particle size. On the
other hand, in the models proposed by Knott and co-workers (24,43), the
constant of proportionality has the dimensions of (length)l/z, and
appear to be dimensionally unsound.

In essence, these models imply that the fracture toughness,
Jic = K%C/E', for the extension of a ductile crack is simply the
product of the flow stress, a lqcal ductility and a characteristic
microstructural dimension (44), except where the length dimension has
been empirically related t§ the strain hardening coefficient (23,43).
Applying these concepts to the present results on the (L-T) fracture-
toughness behavior of commercial aluminum-lithium alloys (Fig. 3.15),
indicates that a critical-strain approach works reasonably well for
microstructures which fail predominantly by ductile microvoid
coalescence (e.g., most underaged structures and 8091). However, for
more complex failure mechanisms which often additionally involve short-
transverse splitting (e.g., in peak-aged microstructures and at 77 K,
see Ch. VIII for further discussion), observed trends in.KIc are almost

exactly the reverse of that predicted by these models, implying that a



Fracture Toughness, K,. (MPa~x/m)

Fig.

57

60
\ 77 K
L
50 -
o _
2091-T8X o
.. ) '0 \
- 4
R o
40 - R
8090-T8x o ©
e ® ' ,* 8091-T351 \
2090-T8E41 .«
v 2091-1351 o ‘
30' o ' "
| o | Q
KA 8090-T361 -
. \
"
~ , ‘ o]
20 ., 8091-T8X
'0
L4
L
[ 4
0‘.
10 - o :
TN , o 77K
K N Ductile fracture e 298 K
o models (298 K) ’
. 0 - . T 13 T ‘l T
‘ o 2 3 5 6
n\/oy, V(MP3)
XBL 885-1574
3.15: Comparison of. experimental fracture-toughness results for

commercial Al-Li alloys with Hahn and Rosenfield’s (23) and
Garrett and Knott’s (24) models for ductile fracture in
aluminum alloys, showing K;. values at ambient temperature
and at 77 K plotted as a function of nvg, (n is strain-
hardening coefficient, 0, is yield strength). Note that,
apart from 8091 alloy at 598 K, the toughness properties of
2090, 2091 and 8090 with respect to aging condition and at
77 K show opposite behavior to model predictions.
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precise understanding of the fracture mechanisms in these instances is
far from complete.
3.4.6 Comparison with Traditional Aluminum Alloys

; As illustrated in Fig. 3.16a for peak-aged microstructures in the
L-% ~orientation, the ambient-temperature strength-toughness
combinations shown by commercial aluminum-lithium alloys are comparaBle
with, and in many cases exceed, that shown by traditional ﬁigh-strength
2000 and 7000 series aluminum alloys currently used for structural
aerospace applications. Similar resﬁlcs have been reported for
behavior at cryogenic temperatures (14,16). It is considered that the
superior strength and toughness properties shown by these alloys,
specifically 2090, 2091 and 8090, are related to such factors as
limited grain-boundary precipitation, homogeneous deformation promoted
by uniform and widespread precipitation of S and Ty phases, and the
occurrence of delamination toughening from short-transverse (through-
thickness) splitting. However, it must be remembered that, unlike
traditional alloys, these properties are highly anisotrdpic. and the
superior strength and crack-growth resistance shown by Ai-Li alloys in
the longitudinal and transverse directions must be balanced by
generally far inferior short-transverse properﬁies (Fig. 3.16b). In
this regard, commercial aluminum-lithium alloys behave more like

aligned composites and laminates than monolithic materials.

3.5 CONCLUSIONS
Based on above study of the role of microstructure in influencing
the ambient-temperature strength and fracture-toughness properties of

commercial aluminum-lithium alloys 209Q, 2091, 8090 and ,80917_as a
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Fig. 3.16: Ambient-temperature strength-toughness properties of
commercial aluminum-lithium alloys, compared to traditional
high-strength aluminum alloys, for a) L-T and b) S-L
orientations. Note the excellent strength-toughness
combinations shown by 2090-T8E4L, 8090-T8X and 2091-T8X in
the L-T orientation. '
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function of plate orientation, the following conclusions can be made:

1. With the exception of 8091, commercial aluminum-lithium alloys
show superior combinations éf strength and toughness in the peak-aged
c%ﬁaition (L and L-T orientations),. Such behavior is contrary to that
observed in several experimental Al-Li alloys aﬁd in traditiomnal high-
strength aluminum alloys.

2. Such superior strengtﬁ/toughness properties shown by peak-aged
(T8X) 2090, 2091 and 8090 alloys in the L and L-T orientations are
primarily attributed to an increased volume fraction of cohéfent,'
strengthening precipitates in the matrix,_miniﬁal grainoﬁoundary
precipitation and thus negligible PFZs, and delamination toughening
from the occurrence of extensive short-transverse (through-thickness)
splitting.

3. In the 8091 alloy, conversely, grain-boundary precipitation is
not suppressed during artificial aging,  with the result that the
fracture toughness of the peak-aged (T8X) microstructure in this alloy
is much reduced. Such behavior is similar to that shown by traditional
aluminum alloys and is associated with fracﬁure via a ductile
intergranular mechanism.

4. The anisotropic, unrecrystallized grain structure and marked
deformation texture shown by commercial Al-Li alloys lead to mechanical
properties that are highly depen&ent. on plate orientation. For
example, compared to the L and L-T orientations, strengﬁh and toughness
properties in the 2090-T8E41 alloy are approximately 20 % lower in the
L+45 orientation,.and 30‘to‘50 % lower in the S-L and S-T orientations.

On the other hand, the poor short- transverse properties provide a
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contribution to "toughening" in perpendicular orientations, i.e., from

crack-divider and crack-arrester delamination toughening in the L-T and

T-S orientations, respectively.

5. Despite such strongly directional properties, the strength-

toughness combinations exhibited by peak-aged microstructures of

commercial 2090, 2091 and 8090 alloys (L and L-T orientations) are

- superior to that shown by traditional high-strength aluminum alloys

currently used for structural aerospace applications.
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CHAPTER IV

FATIGUE CRACK GROWTH: LONG CRACKS

4.1 INTRODUCTION

Aithough several studies to date on the fatigue crack propagation
behavior of lithium-containing aluminum alloys, have reported generally
improved fatigue resistance compared to traditional 2000- and 7006-
" series alloys (1-9), several aspects regarding such inferences remain
unexplored. First, the mechanisms responsible for their superiority are
not clearly understood. Second, there are concerns over variations in
. the fatigue crack gfowth properties with plate .orientation,
specifically with regard§ to shoft-transverse (S-L, S-T) orientatioms.
And finally, conclusions regérding their excellent fatigue properties
are exclusively based on long (2 10 mm) crack results; little is known
about the anomalous naturg of small (<1 mm) fatigue cracks in these
materials.

Accordingly, the objective of the. present chapter 1is to
investigate the mechanisms influencing the growth rate behavior of long
fatigue cracks in commercial aluminum-lithium alloys 2090, 8090, 8091
and 2091, as a function of microstructure, load ratio and plate
orientation, and compare the properties with standard aerospace
aluminum alloys; smali fatigue crack growth resistance of these

materials is evaluated in the following chapter.

4.2 EXPERIMENTAL DETAILS

Alloys 8090, 8091 and 2091 were tested under constant amplitude
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loading conditions (R. = 0.1, 50 Hz. refer Ch. II for details), in the
underaged (T351) and peak aged (T8X) microstructures, in the L-T
orientation. Influence of load ratio and plate orientation were studied
in the near-peak aged alloy 2090-T8E41l. The L-T, T-L, L+45 and T-S
orientations were tested for R = 0.1, 0.5 and 0.75; ‘S-L and S-T
orientations for R = 0.1.‘

Fatigue fracture surfaces and crack path morphologies were
carefully examined using scanning electron and optical microscopy.
Changes in the degree of cfack deflection and fracture surface..
roughness were characterized in terms of the 1lineal roughness. In
addition, the extent of (excess) crack surface corrosion deposits was
estimated by scanning Auger spectroscopy, using a tantalum oxide

standard and an Art sputtering rate of 25 nm/min.

4.3 REéULTS
- 4.3.1 Behavior in alloys 8090, 8091 and 2091

Variation in the fatigue crack propagation rates of long fatigue
cracks, plotted.as a function of the nominal stress intensity range, AK
is shown in Fig. 4.1la for the naturally aged and peak aged
microstructures of the Pechiney alloy 2091. Associated crack closure
levels expressed in terms of the closure stress intensity normalized
with respect to the maximum stress intensity (K;1/Kpax) are compared in
Fig. 4.1b. It is abparent that artificial aging to peak temper clearly
improves the (long) fatigue crack growth resistance of 2091, for all
stress intensity levels ranging from fatigue-thresholds to near-
instability. Measured levels of crack closure are also higher,

concurrent with an observed increase in the degree of crack deflection
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XBB 885-4511A

a) Fatigue crack growth rates, b) normalized crack closure
levels as a function of AK (R = 0.1) and c¢) fatigue crack
path morphologies in 2091-T351 and 2091-T8X. Note the lower
growth rates in the peak aged microstructure consistent with
the higher levels of crack closure and increased degree of
crack meandering. Arrow shows the general direction of crack
growth .
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and meandering in the fatigue crack path morphology (Fig. 4.1c).

Analogous growth rate behavior for long cracks in Alcan alloys
8090 and 8091 (R = 0.1) is coﬁpared Fig. 4.2. In both alloys nominal
and effective threshold values are decreased by aging to peak strength
(Table 4.1), although behavior at higher growth rates is less affected.
Accordingly, growth rates are slower for the undoraged condition in Al-
Li-Cu-Mg-Zr alloy 8090, at near-threshold AK 1oveis; behavior at high
AK levels marked by crossovers. However, in case of 8091, artificially
aging to peak strength clearly increases crack growth rates and impairs
the fatigue resistance. Similar to observations on the fractufe
toughness, such behavior appears'to be associated with the fine grain
size and weakening of the grain boundaries, due to extensive grain
boundary ’precipitation. Measured <crack closure levels were
correspondingly lower, as the fatigue crack path morphology becomes
more linear (see Taole 4.1).
4.3.2 Comparison with Traditional Alloys 2124 and 7150

A coooarison of fatigue crack propagation rates of loﬁg cracks in
the various commercial aluminum-lithium alloys (L-T orientation) in
tﬁeir recommended peak temper, with traditional high strength aluminum
alloys, 2124-T351 and 7150-T651 (10,11), is shown in Fig. 4.3a as a
function of AK. Wito the exception of near-threshold behavior of
underaged 2124, groﬁth rates in lithiuo;containing alloys are seen to
be 1-2 orders of magnitude slower over the entire spectrum of growth
rates. Such behavior can be related primarily to the high levels of
crack closure, which unlike ﬁraditional high strength aluminum alloys

are maintained at very high levels (K, ;/K; ..V 0.5) even at AK’'s of upto
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Fig. 4.2: Constant amplitude fatigue crack growth rate behavior of long
cracks (R = 0.1) in the naturally aged (T351) and peak aged
(T8X) microstructures of a) 8090 and b) 8091. Note that the
properties of 8091 clearly deteriorate with artificial aging.
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Table 4.1: Near-Threshold Fatigue Crack Propagation Data for
Various Commercial Aluminum-Lithium Alloys

Alloy Threshold (MPa/—) Closure CTOD* (am) Lineal
AKTH bR ¢F K.1/Knax Max Cycllc Roughness
2090-T8E41 '3.86 0.84 0.86 255 103 1.23
8090-T351 4,13 0.87 0.85 356 144 1.22
8090-T8X 3.49 0.57 0.89 239 97 1.20
8091-T351 2.91 0.81 0.79 181 74 1.17
8091-T8X 2.43 0.78 0.67 105 43 1.07
2091-T351 2.81 1.04 - 0.66 169 68 1.20
2091-T8X 3.30 0.86 : 0.81 222 90 1.29

------------------------------------------------------------------------

Table 4.2: Crack Path Morphology Measurements and Near-Threshold
Crack Growth Data in 2090-T8E4l at R = 0.1

-----------------------------------------------------------------------

Mean Excess

Orienta- Threshold cTop™ Lineal Angular Oxide
tion 0Kry OK gg max cyclic Roughness Deviation Thickness
S T T e
L-T 3.86 0.84 255 103 1.23 20.4 -

T-L 3.21 0.97 177 .72 1.26 17.3 2

.T-8 3.06 0.97 162 65 1.83 39.2 -

S-L 2.60 1.36 117 47 1.11 3.6 -

S-T 2.75 1.09 130 53 1.11 4.5 -

L+45 2.46 0.71 124 50 1 .8 -

*Maximum and cyclic CTOD computed fron10.6K%ax/G E and 0.6 KZ/ZO E,

respectively, where E is Young's modulus and oy is’ the yield strength
of the material (22).
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Note the general superiority of

the lithium-containing alloys, specifically, 2090-T8E4l.
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15 MPa/m. Among the Al-Li alloys, peak aged 2090 and 8091 display the
best and worst (long crack) fatigue properties, respectively,
concurrent with the highesﬁ and lowest levels of crack closure measured
in these materials.
4.3.3 Alloy 2090-T8E41l: Influence of Plate Orient;;ion

Despite the slower crack growth rates in aluminum-lithium alloys
in general, and 2090 in particular, the fgtigue crack propagation
behavior is strongly anisotropic, as shown in Fig. 4.4a for the L-T, T-
L, T-S, S-L, S-T, and L+45 orientations in 2090-T8E4l (R = 0.1). Growth
rates (at fixed AK) vary by up to 4 orders of magnitude between the
various orientations,. consistent wi;h large changes in crack closure
(Fig. 4.4b). The more commonly tested T-L and L-T orientations, ana
the T-S orientation, show the slowest growth rates, with threshold AKTH
valués between 3 and 4 MPa,/m. These orientations generally develop the
highest closure levels, e.g., Ke1 Qalues approach 0.9 Koax close to
AKTH in the L-T orientation. Conversely, S-L and S-I orientations show
the fasﬁest growth rates,.coﬁsistent with the lower measured levels of
crack closure. The lowest threshoid (AKTH = 2.4 MPa/E) is found in the
L+45 orientation, which has 16 % lower yield strength.
4.3.4 Alloy 2090-T8E41: Role of Load Ratio

Corresponding crack.growth rate behavior at high load ratios,

specifically for R = 0.1, 0.5 and 0.75, are shown for the L-T

orientation in Fig. 4.5. Characteristic of most metallic materials

(12), the role of load ratio is most prominent at near-threshold
levels, resulting in faster crack growth rates and sharp reduction in

AKTH values, with increasing R. Similar trends were noted for the T-L,
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Fig. 4.4: Variation in a) fatigue crack growth rates and b) closure
levels (long cracks) in 2090-T8E41l alloy at R = 0.1 as a
function of orientation. Note how growth rates parallel to
the rolling plane (S-L, S-T) are generally the fastest,
whereas growth rates normal to the rolling plane (L-T, T-S)
are the slowest consistent with the low and high measured
levels of crack closure.
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function of both nominal and effective stress intensity
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T-S and L+45 orientations.
4.3.5.Fractography and Crack Path Morphology

Morphologies of the fatigue fracture surfaces and crack paths for

Ehe%§arious alloys (peak aged T8X condition, L-T orientation, R = 0.1)

af;>compared in Fig. 4.6. Qualitatively, surfaces in 2090, 8090 and
2091 are very rough with large transgranulér shear facéts o;
asperities, concurrent with highly deflected and zig-zag fatigue crack
paths, characteristic of coherent-particle hardened (planar slip)
microstructures (11,13,14). Conversely, crack paths are observed to be
more or less linear in 8091 and the transgranular fatigue fracture
surfaces relatively flat, consistent with rlower closure levels and
faster crack growth rates.

Although there is some evidence of slight abrasion and corrosion
debris, resulting from asperity contact and fretting oxidation, excess
oxide film thickness values measured uging Auger spectroscopy (1l5) were
of the order of 2-3 nm; a mere 2 % of the compuﬁed near-threshold crack
opening displacements (Table 4.1), indi;ating that the contribution to
closure from oxide deposits (15-18) is relatively minor in these
alloys. Conversely, contributions from crack deflection (18) and the
resultant roughness-induced crack closure (19-21) apgear to be far more
significant, evident from the high lineal roughnesses. Relevant (long)
fatigue crack propagation data at near-threshold stress intensities, of
all materials in ‘the various conditions are summarized in Table 4.1.

Scanning electron micrographs of the fatigue fracture surfacés

imaged at intermediate &K levels (5 - 10 MPaﬁ;, R = 0.1), typical of

the entire range of growth rates at all load ratios, are shown in
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Fig. 4.6: Scanning electron and optical micrographs of the fatigue

fracture surfaces and crack path morhologies, respectively,
in the alloys a) 2090-T8E41l, b) 8090-T8X, ¢)8091-T8X and
d)2091-T8X. Note the rough surfaces and deflected crack paths
in 2090, 2091 and 8090 and the relatively flat surface and
linear crack path in 8091. Arrow indicates the general
direction of crack growth.
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Fig. 4.7 for the various orientations; corresponding crack path
profiles are compared in Fig. 4.8. For the L-T and T-L orientations,
where growth rates are slower, crack paths are relatively planar but
show evidence of local slip-band cracking on the scale of the grain
size (Fig. 4.7a,b). As a result, fracture surface morphology is faceted
with alternating rough and smooth bands running parallel to the crack
growth direction for the L-T and T-L (Fig. 4.8a,b), and normal to the
crack growth direction for the T-S (Fig. 4.7d) orientations. However,
in the T-S orientation, for all load ratios tested, at longer crack
lengths the crack undergoes major (v 90°) deflection (parallel to the
tensile stress axis) to follow an intergranular, delamination-type
failure along the rolling plane (Fig. 4.8d). Delamination-type
separation parallel to the rolling plane is characteristic of the S-L
and S-T orientations (Fig. 4.8e,f); fracture surfaces were smooth and

intergranular (Fig. 4.7e,f), and the corresponding crack growth rates

faster.

4.4 DISCUSSION
4.4.1 Mechanisms Influencing the Growth Rate Behavior

Present results confirm prior observations (1-9) on the superior
fatigue crack growth behavior of commercial aluminum-lithium alloys,
over conventional 7XXX and 2XXX aerospace aluminum alloys*. Various
arguments such as lower crack opening displacements at a given stress

intensity due to improvements in elastic modulus (2), shearable nature

It is to be understood that this conclusion applies exclusively for
long (210 mm) fatigue cracks, as small (£ 1 mm) cracks comparable to
the scale of the microstructure or local plasticity can grow at
faster rates and such excellence may not be apparent (See Ch. V).
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Scanning electron micrographs of near-threshold fatigue
fracture surfaces in 2090-T8E41 alloy, at AK levels between
3 and 8 MPay/m (R = 0.1), for a) L-T, b) T-L, e¢) T-S, d) S§-L,
e) S-T, and f) L+45 orientations. Arrow indicates general
direction of crack growth.
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Fig. 4.8: Crack path morphology for long crack growth at R = 0.1 in
2090-T8E41 alloy in a) T-L, b) L-T, c¢) L+45, d) T-S, e) S-L
and f) S-T orientations. Profiles are derived from
metallographic sections taken perpendicular to the crack
surface at the center of the specimen, are typical for all
load ratios tested.
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of &' precipitates which assist reversible slip and reduce the damage
ahead of the crack tip (2,3,6) and crack deflection, related closure
mechanisms (4,6-9) induced by §' precipitates have been put forth to
explain the observed excellent long fatigue crack properties of
aluminum-lithium alloys. Considering, the high levels of crack closure
measured in these materials, observed strong dependence of near-
threshold growth rates on the load ratio and the anomalously high small
crack growth rates (refer Ch. V), crack closure or what is now referred
to as crack tip shielding in fatigue (see Refs. 10,23,24 and Section
1.7) in fatigue appears to be the prominent factor responsible for the
excellent long fatigue crack properties.

The prominent mechanisms by which shielding develops in aluminum-
lithium alloys, appear to be related to crack branching and deflection,
which induce a multiplicative reduction in local stress intensity at
the crack tip, and consequent roughness-induced crack closure
(Fig. 4.9), where the wedging action of resulting enlarged fracture
surface asperities acts to open the crack, thereby reducing the local
stress intensity range by effectively raising K ;, (Fig. 4.10). Such
wedge or contact shielding mechanisms predominate, only at low load
ratios and low AK levels, where the size of the wedge becomes
comparable to the crack opening displacements. Shielding due to
deflection is expected to be independent of R and AK (provided the
crack path morphology remains similar) (10,23). In addition,
contribution from cyclic plasticity (25) enhances the wedging effect;
the role of corrosion debris being relatively minor in these alloys.

As shown in Fig. 4.11, the marked planar slip characteristics of
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Meandering fatigue crack paths and resultant wedging of
fracture surface asperities combined with crack ¢tip
plasticity are the predominant mechanisms by which aluminum-
lithium alloys develop superior (long) fatigue crack
properties. Micrograph obtained on the specimen surface for

2090-T8E41. Arrow indicates the general direction of crack
growth.
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Fig. 4.10: Schematic illustration of crack tip shielding in aluminum-
lithium alloy 2090-T8E4l, showing primary mechanisms and
their consequences to crack growth behavior.
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aluminum-lithium alloys can induce crystallographic crack growth, with
cracking along slip bands. This is clearly seen as either macroscopic
crack branching, where the entire crack deviates at an angle (v 459)
away from the plane of maximum tensile stresses (Fig. 4.1la, 2090-
T8E41, L-T orientation), or faceted crack growth, where the crack
"zig-zags" along the principal stress plane (Fig. 4.11b). In addition,
deflection can also occur due to linkage between intergranular
delaminations, all of which act to promote closure in aluminum-1lithium
alloys. Crystallographic texture and coarse, unrecrystallized grain
structures further accentuate these effects and render the properties
to be sensitive to plate orientation.

Aithough, such crystallographic crack growth and benefits of
shielding are not uncommon during fatigue crack growth in age-hardened
aluminum alloys (11,13,14), their role is limited to mnear-threshold
growth rate regimes. In the case of Al-Li alloys, the attainable levels
of crack closure are much higher and are maintained over higher AK
levels, accounting for the much slower growth rates compared to
traditional aluminum alloys. For example, K,; values may approach as
high as 90 % of the applied maximum stress intensity at near-
thresholds, and are sustained to over 50 %, even at AK levels of 10
MPavm, as seen for alloy 2090-T8E41 in the L-T orientation.

4.4.2 Influence of Plate Orientation

However, the degree to which cracks deflect in the wvarious
orientations, greatly dictates the anisotropy in crack growth rates.
Thus, the fastest growth rates (and low levels of shielding) are

expected in the short transverse, S-L and S-T orientations, where the
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Types of crack path meandering during fatigue crack
propagation in 2090-T8E41 alloy, showing a) macroscopic
crack branching in the L-T orientation, b) microscopic
crack deflection (crystallographic slip-band cracking) in
L+45 orientation, and c¢) intergranular delamination-type
cracking in S-L orientation.
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unrecrystallized elongated grain structure provides a weak path along
the grain boundaries, with little deflection. Conversely, the slowest
crack gfowth rates (high shielding le&els) are seen in the L-T, T-L and
T-S orientations, where cracks undergo significant crystallographic
créck deflection and delamiﬁation'normal to the crack p1§pe. Behavior
is thus analogous to an aligned composite (26,27),’asvfhe planes of
weakness oriented'pefpeﬁdicuiar to the short-;r;n#?érse direction
benefits crack growth properties normal to these,pianes kby shielding),
as obserQed for the fracture toughness alike.
4.4.3 Load Ratio Effécté |

The observed increase in the near-threshold fatigue craék growth
rates with increase in R, is generally consistent with a diminished
éffect of closure at high load ratios, specifically from crack wedging.
mechanisms (10).v In fact, by plotting the growth rate data in terms of
AKeff‘(after allowing for closure), the variation in da/dN with.load
ratio is much reduced (Fig. 4.5). Accordingly, the superior fatigue
properties of Al-Li alloy 2090, so clearly apparent when cémpared at
R = 0.1, appear to be partially.compromised when evaluated at R = 0.75
(Fig. 4.12). Besides the observed ranking in materials, with respect
to. fatigue resiétance, is expected to be éuite differeﬁc when evaluated
under tension-compression (R = -1) loading, since the compre;sion
portion of the cycIe acts to annul the benefits of wedée shielding
mechanisms.
4.4.4 Microstructural Effects

Qualitatively, materials which show the highest 1evéls of crack

closure, concurrently show slower crack growth rates and vice versa.
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Fig. 4.12: Comparison of the fatigue crack growth rates of long cracks
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Accordingly, recharacteriziﬁg the crack propagation data in terms of
the closure corrected effective driving force, AK g¢ (Fig. 4.13)
rationalizes most of the observed differences with respect to
microstructure and composiﬁion.

This should not to be seen to imply that alloy chemistry and
microstructure are uniﬁportant to fatigue in Al-Li alloys, since it is
the microstructure which affects crack deflection, which in turn
promotes crack closure. In fact, three microstructural sources of crack
deflection can be identified in these alloys. First, the strong
deformation texture in commercial alloys, which in unrecrystallized
alloys‘persists from pre-aging stretch, often causes crack growth at
odd angles to the plane of maximﬁm tensile stress (macroscopic
branching). Second, poor short-transverse properties, resulting from
anisotropic graiﬁ structures and weakgned grain boundaries due to grain
boundary precipitates, segregation of Fe-, Cu-rich constituent
particles and possible Na, K embrittlement can lead to intergranular
crack deflection; depending upon orientation this leads to crack-
arrester deflections of crack-divider delaminations. Third, and most
importantly, the copius intragranular precipitation of ¢§', 8’, T; and
S’ precipitates, which produces marked planarity of slip, induces
crystallographic, zig-zag cfack paths as shown in Figs. 4.9 and 4.10b.
Accordingiy, with extensive grain boundary.precipitatioﬁ and
associéted formation of PFZs, as for example in 8091-T8X, the degree of
crack vdeflection and hence the extent of crack closure, 1is
substantially reduced, with the result ﬁhat crack growth rates are

significantly faster. Overall, underaged microstructures of all
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materials, including 2090 (28), show better fatigue resistance over the
peak aged, concurrent with the enhanced crack deflection promoted by
planar slip; 2091 is the only exception similar to observations on the

fracture toughness behavior.

4.5 CONCLUSIONS

Based on the above study on the crack propagation aﬁd crack closure
behavior of long (2 10 mm) fatigue cracks in ,c;mﬁércial plates of
aluminum-lithium alloys, the following concldsidns can be made:

1. Rates of fatigue crack growth in comme;cial Al-Li alloys were
found to be generally superior to ﬁhose in 2124 and 7150 aluminum
alloys (over the entire sbectrum of da/dN from 10712 o 10°° m/cycle),
despite having 30 % higher strength. The behavior was primarily
associated with highly deflected and branched crack paths, which
promote ;ignificant crack tip shielding from crack deflection and
consequént closure due to premature contéct of Ithe mating fracture
surfaces.

2. In general, naturally aged (T351) tempers of all lithium-
containing aluminum alloys, excepting .2091, exhibit optimal (long
crack) fatigue properties, consistent with improved levels of
shielding. Although extensive grain boundary precipitation and
resultant formation of § -precipitate free zones in peak aged 8091 was
responsible for the faster growth rates and low shielding levels, other
materials in peak temper still show optimal fatigue properties.

3. Fatigue crack growth rates in 2090, plotted as a function of the
nominal stress intensity range AK, show large mean stress effects,

consistent with the high closure levels at low R. By plotting as a
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function of the effective stress intensity AK_ g¢ (after correcting for
closure), the load ratio dependence of growth rates is significantly
diminished. Accordingly, thg remarkable long fatigue properties of 2090
may not be apparent, when compared at R = 0.75.

'AS&J;Facigue crack growth and closure behavior in commercial Al-Li

Coa N
a

a118§g in general, and 2090-T8E4l in particular, was found to be highly
anisoffopic, wiﬁh growth rates varying by up to 4 orders between
various orieﬁtations. The fastest growth rates (and associated lowest
levels of closure), are observed where crack extension occurs.parallel
to the rolling plane (S-L and S-T orientations); the slowest growth
rates (with the highest'levels of closure), conversely are observed
where crack extension is perpendicular to the rolling plane (L-T, T-L
and T-S orientations).

5. Marked differences observed in the growth rates.ﬁith respect to
plate orientation in 2090-T8E41, are also attributed to differences in
v crack~tip shielding from crack deflectidn and closure, arising from
differences in the‘craék path morphology. Unrecrystallized, elongated
grain structures promote delamination failures in the S-L and S-T
orientations, with little shielding. in contrast, significant shielding
is developed fbr crack extension p;rpendiculaf to the rolling plane (L-
T, T-L, T-S), which is primarily crystallographic with evidence of

microscopic deflection and macroscopic branching.
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CHAPTER V

FATIGUE CRACK GROWTH: SMALL CRACKS

5.1 INTRODUCTION

Reliability of safety-critical components and structures is of
prime importance for modern aerosﬁace applications. This is generally
assessed using fracture mechanics-based methodologies, wherein, flaws
are assumed to pre-exist from the initial loading cycle, and the
~lifetime of the structure estimated as the number ofvcycles to grow
sgch a flaw to failure. By integrating, tﬁe experimental growth rate
(da/dN) response of fatiguevcfacks plotted as a function of thé stress
intensity range (4K) in a given microstructure under representative
environmental and loadiﬁg conditions, from initial to final ecrack
sizes, these lifetimes may be computed (1).

Although the approach 1s considered to be inherently
conservative, as .the crack initiation life is assumed to be zero,
problems can arise from the  "anomalous" behavior of small cracks
(X1 mm), which approach the dimensions of the microstructure or local
plasticity (2). Such small cracks are known to propagate at AK levels
well below the fatigue threshold, AKpy, below which fatigue cracks are
presumed dormant, and in general to grow at rates far in excess of long
(2 10 mm) cracks at the same (nominal) stress intensity range (2-7). As
a result, there exists a strong potentiai for dangerously non-
conservative life predictions, since damage-tolerant 1lifetime
calculations are almost invariably based on long crack data.

Advanced aluminum-lithium alloys are of particular interest in
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this regard, aé despite their unquestionable superior (long) fatigug
crack growth properties over traditional high-strength aluminum alloys
(8-14), there are serious doubts concerning fhei: resistance to small
fatigue cracks (15,16). In view of the significance of the "small_'
crack® ‘effect in potential airframe aﬁd. fuel tank materials, the
objeétive of the preéent éhapter is to examine the growth rate .
characteristics of naturally-occurring, microstructurally-small (2-
1000 pum), surface cracks in a series of commercial aluminum-lithium
alloys, and compare such behavior with that observed (17) in

traditional high-strength 2124 and 7150 aluminum alloys.

5.2 EXPERIMENTAL DETAILS

Smooth rectangular bend samples of Al-Li alloys, 2091 and 8091
and traditional alloys, 2124 and 7150 were tested in various tempers
(L-T orientation) using replication techniques (see Ch. 1II for
details). Small crack growth resistance of 2090 was evaluated in the
T8E41 temper for the L-T, T-t and T-S orientations. Cracked specimens
and acetatg‘replicas were subsequently examined in the scanning

electron microscope.

5.3 RESULTS
5.3.1 Behavior in 2090-T8E4l

The fatigue crack growth rate behavior of microstructurally-small
(2 to 1000 pm) surface cracks in 2090-T8E41 (R = 0.1) is plotted in
Fig. 5.1 as a function of crack length ti.e., depth of the surface
flaw) for the L-T, T-L and T-S orientations; It is seen that cracks as .

small as 2 pyn can grow at rates exceeding 10-10 m/cycle without any
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clear effect of plate orientation.

The above data on smali cracké, now repldttéd_as a function of
AK, are compared with long crack results from the previous chaptef, in
Fig. 5.2. Clearly, there is significant scatter in the small crack
results, althoﬁ§h this is to be expected as growth.rates are.ﬁeasured
below continuum levels, and reflect local variations ih thé crack
velocity as it encounters various microstructural featurés. However, at
the same AK, growth rates for small cracks exceed those of long cracks,
similar to behavior reported in other material systems (2-7,15-17). The
effect becomes most pronounced with decreasing growth rates, such that
at near-threshold levels, the propagation rates of small cracks can be
upto 2-3 orders of magnitude faster than long cracks. Furthermore, they
continue to propagate at AK levels 1less than 1 MPa/m, without any
apparent sign of an intrinsic threshold.
5.3.2 Aluminum-Lithium Alloys 20§l and 8091

Corresponding growth rate properties of small cracks in 2091 and
8091 are shown in Fig. 5.3. Results for the T351 and T8X tempers of
2091 (Fig. 5.3a) and T351 temper'of 8091 (Fig. 5.3b) are plotted as a
function of AK and are compared with long crack data. Behavior appears
essentially similar to 2090-T8E4l, in that small cracks grow at rates
far faster than long cracks at equivalent near-threshold stress
intensity levels, and further continue to propagate at stress
intensities as low as 0.7 MPa/m, well below the long crack threshold
0Ky - |

Notably, unlike long crack behavior, small cracks in.2091

(Fig. 5.3a) tend to be far less sensitive to microstructure. For
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examplé,-thé distinctly superior crack growth properties of the peak
aged microstructures, which are clearly observed for long cracks (see
"Ch. 1IV), are simply not evident in the smail‘cféék results.

Nucleation of fhese incipient, microstructurally-small fatigue
cracks is seen to occur along slip bénds, preferentially at the local
- heterogeneities in the.microstructure, namely, Fe-Cu rich inclusions,
constituent phases or second phase particles (Fig. 5.4). Subsequent
crack growth is highly crystallographic, as:the'crack meanders along
intersecting slip bands or deflects as it enéoﬁﬁters grain boundaries,
or other microstructural barriers. However, with increasing crack
lengths, and as a result increasing AKvlevel;, they presumably start
developing closure, due to which the growth rate behavior ultimately
approaches that of a long crack.

5.3.3 Small Cracks in 2124 and 7i50

Growth rate response of small fatigue cracks in traditional
alloys 2124 and 7150 in the different tempers is shown in Fig. 5.5.
General observations are identical to those noted above for the
lithium-containing alloys, i.e., anomalously high growth rates for
small cracks without any apparent effect of microstructure. However,
small cracks do tend to show a decreasing tendency for crack deflection
with increased aging times, similar to observations for long cracks. In
addition, in view of the generally superior long crack properties of
aluminum-lithium alloys, the discrepancy between long and small crack

growth rates in these materials may be lower.

5.4 DISCUSSION

It is concluded from the previous chapter, that the fatigue
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Growth morphology of small surface fatigue cracks. a) Crack
initiation near Fe-Cu rich inclusions, b) subsequent growth
following slip band cracking and c) frequent crack deflection
at the grain boundaries. Micrographs obtained by scanning
electron microscopy of the gold-coated acetate replicas of
specimen surfaces in 2091-T351. Arrow indicates the direction
of applied stresses.
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behavior of long cracks is strongly influenced by crack closure (aﬁd
crack deflection) mechanisms, particularly at lower growth rates below
typically 1078 m/cycle. Crack closure and deflection as alluded to in
earlier chapters, represent a general class of toughening mechanisms
known as crack tip shielding, which act to reduce the‘local driving
force actually experienced at the crack_ﬁip (17). In con&entional
high-strength aluminum alloys, the role of these closure mechaniéms is
restricted to near-threshold stress intensities. On the other hand,
fatigue crack-paths in aluminum-lithium alloys, afe especially tortuous
due to the marked planarity of slip from the s precipitation and the
strong .anisotropy/texture and lack of recrystgllization, which is
imparted by comﬁé%cial thermomechanical treatments. Consequently, as
the deflected crack path morphology pergists to AK ievels as high ‘as
A 20 MPa/m in these materials (13), aluminum-lithium alloys tend to
show generally superior (long) crack growth properties over a wide
spectrum of growth ratés.

Crack closure and deflection mechanisms act primarily on the wake
of the crack, and thus are brone to be dependent on crack size (17).
This implies that due to their limited Qake, microstructurally-small
cracks are unlikely to deveiop shielding as long cracks, and thus, at
the same nominal AK, experience a 1arger effective near-tip "driving

force". In fact, in situ closure stress measurements on small cracks

have indicated negligible closure levels in 2090 and similar alloys
(16). It is considered that this is primarily the reason for the marked
discrepancies observed between lpng and small fatigue cracks; namely,

anomalously faster and "sub-threshold" growth rates of small cracks
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(Figs. 5.2-5.3, 5.5). However, with increasing length suéh cracks begin
to develop closure (16,17) such that growth rates merge with long crack
data once shielding levels approach that of long flaws. .In the present
study; this occurs aﬁ nominal AK levels of between 4 and 8 MPa/g, when
crack lengths exceed approximately 700 to 1000 um.

These notions can be substantiated by comparing the small crack
data Qith that of long cr#cks where the role of crack closure has been
minimized. This is illustrated for 2090-T8E41 in Fig. 5.6, where it
can be seen that the lohg and small crack growth rates come into closer
correspondence, when long crack data are presented in terms of AKeff,
where exﬁerimental measurements of Kél are used to subtract the closure
contribution. Similarly, buﬁ to a lesser extent, small crack growth
rates correspond to long crack data measured at high load ratios (R =
0.75).* This implies that the behévior‘of small flaws largely reflects
that of long cracks without the obvious benefits of closure.

Although the reduced role of crack closure at small crack sizes
appears to be the prominent mechanism responsible for their accelerated
_growth rate behavior, it is apparent from Fig. 5.6 that small flaws
still propagate below the effective threshold, indicating ‘that the
small crack effect cannot be attributed solely to the closure concept.
Additional factofs which have been identified as contributing to
discfepanciés in long and small crack behaviof include enhanced crack
tip openingvstrains (19), surface microplasticity (20), differencés'iﬁ

* . ‘

Recent studies by Hertzberg and colworkers (18) have shown that by
measuring long ?rack groyth rétgs_under constant K .. /increasing Kmin
loading conditions, which minimize crack closure, a conservative
estimate of Aa/AN vs. AK behavior for small cracks can be obtained,
except at very low, sub-threshold stress intensities.
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Fig. 5.6: Long (2 10 mm) and small (2-1000 um) fatigue crack‘ growth

rate behavior (at R = 0.1} in aluminum-lithium alloy 2090-
T8E41 as a function of AK,’ showing comparison with i) long
crack data characterized in terms of 8K, fg, and 1ii) long
crack data monitored at high load ratios (R = 0.75).
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crack geometry (21,22), interactions of small flaws with the
microstructural features of comparable dimensions (20,23,24), and
definition of an appropriate "crack driving force" (25). Moreover,
since naturally occurring, small cracks initiate at "weak links" in the
microstrgcture, forming crack frénts which eﬁcompass_only relatively
few grains, unlike through-thickness long cracks ﬁheir growth will not
be averaged over many disadvantageously oriented grains (7).

Moreover, as long cracks in lithium-containing aluminum alloys
tend to develop the moét .shielding‘ due to théir extremely tortuous
crack paths, the difference between long and small crack growth rates
appears to be maximized in these materials. As shown in Fig. 5.7, small
crack growth féges in 2090-T8E41, 2091-T351 and 8091-T351 remain
comparable, to behavior in 2124 and 7150 aluminum alloys. This further
justifies some studies which report comparable or slightly inferior
fatigue resistance of Al-Li alloys over traditional Al-alloys (26),
when comparing the common S-N type behavior.

1 Finally, despite considerable scatter, in contrast to long crack
behavior (Fig. 4.1), small crack growth rates in aluminum alloys are
comparatively lesé sensitive to both microstructure and éomposition. It
appears that small cracks. do not perceive the continuum- and their
growth rate. response is pgrely statistical in nature, determined
largely by the local flaw distributions. Since long crack data at
higher growth rates and at high load ratios are similarly less
sensitive to microstructure (e.g., ref. 17), this suggests that the
origin of microstructural effec;s on fatigue crack propagation behavior

in aluminum alloys results primarily from shielding mechanisms. Since
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Fig. 5.7:

Variation of the fatigue crack propagation rates of small (2-
1000 pum) surface cracks in commercial aluminum alloys as a
function of a) nominal stress intensity range (AK) and b)
crack length (a). Data are compared for aluminum-lithium
alloys 2090-T8E4l, 2091-T351, 2091-T8X and 8091-T351, and
traditional high-strength alloys 2124 and 7150 in wvarious
aging conditions.
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slip planarity and grain size (and hence morphology of crack path) are
known to be relevant, it would appear that crack deflection and
resulting roughness-induced crack closure provide the major

contribution.

5.5 CONCLUSIONS
From the results presented in this chapter on the fatigue crack
propagation behaﬁior of naturally-occurrihg, microstructurally-small
. (2-1000 pm) surface cracks in commercial aluminum-}ithium alloys 2090-
T8E41, 2091-T351, 2091-T8X and 8091-T351 and traditional high-strength
aluminum alloys 2124 and 7150, the following conclusions may be made:

1. Small fatiguevcrack'growth rates in all commercial aluminum and
aluminum-lithium alloys were up to 2-4 orders of magnitude faster than
corresponding gfowth rates for long cracks at equiQalent (nominal)
stress intensity ranges. In contrast to long crack results, over a wide
spectrum of growﬁh rates from 10710 to 1078 m/cycle, the influence of
_microstructure'and composition on small crack behavior was relatively
minor.

2. The accelerated growth rate behavior of small fatigue cracké,
which predominates below typically 10°8 m/cycle, 1is attributed
primarily to the restricted role of crack closure for flaws of limited
wake. Principally, crack meandering and the resultant premature contact
of fracturé surface asperities appear to be the doﬁinant means by which
closure develops in precipitation-hardened aluminum alloy systems.

3. The‘discrepancy between long and small fatigue crack behavior
appears to be maximized in aluminum-lithium alloys. This is in part due

to their superior long crack properties which result from very high
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- levels of shielding promoted by tortuous crack paths (induced by v

“intense planar slip and strong deformation texture). However, the small
“¢rack growth resistance of commercial aluminum-lithium alloys remains

comparable to traditional high strength aluminum alloys..
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CHAPTER VI

FATIGUE CRACK GROWTH: EFFECT OF SINGLE TENSILE OVERLOADS

6.1 INTRODUCTION

Although fatigue crack growth rates characterized under constant
amplitude loading are important for providing baseline crack
propagation data, and defining fundamental mechanisms of crack advance,
majority of components in service are subjected to variable amplitude
loading, with the effect that load interaction effects are clearly of
practical significance. Transient load excursions are known to affect
crack growth rates, and in many cases considerably extend the fatigue
life (1-22). The purpose of the present chapter is to examine the load
interaction effects with respect to single ﬁeak tensile overloads in

aluminum-lithium alloys, specifically 2090-T8E41.

6.2 BACKGROUND

The transient crack growth rate response for a Mode I fatigue
crack followiﬁg a single spike tensile overload typically involves an
initial brief acceleration in crack growth immediately after the
overload, followed by a prolonged period of retardation until crack
arrest or growth rates return‘to their steady-state (baseline) levels
(12) (Fig. 6.1). The magnitude of the delay following the overload is
measured either in terms of crack length,'i.e., the delay distance (ayg)
or the crack length affeéted by the delay (a ¢f), -or the number of
delay cycles (Nd)’ and for a given material, microstructure and

environment is a function of the baseline stress intensity range (4Kp),
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the load ratio R, the magnitude. of the overload (overload ratio) and
. “sequence, and the specimen thickness (1-28).
| Despite a general accord on the macroscopic aspects of post-
overload crack growth retardation phenomenon during Mode I fatigue
loading (1-22), precise mechanistic origins remain unclear. Numerous‘
mechanisms have been proposed, which rely on such concepts as a)
residual stresses (1,2), where the higher strains generated in the
overload plastic zone result in an increase in the residual compressiﬁe
stress field aheéd of the crack on unloading; b) crack closure (3-12),
where the residual stresses enhance plasticity-induced closure in the
wake of the advancing crack; c) plastic blunting of the crack tip at
the overload (13); d). crack deflection and associated roughness-induced
closure (14,15), where the local crack driving force is reduced by a
deviation of the crack path and subsequent wedging of the crack
surfaces by asperities; e) strain hardening (16,17), from either
monotonic hardening of the material in the .overload plastic zone
. following single overloads or cyclic hardening after block 1loading
sequences; and f) changes in crack front profile for large.overloads on
thin sheets (18), where "pop-in" type crack extension at the overload
precedes slower crack growth at the (blaﬁe stress) edges of the
specimen.

0f these mechanisms, crack closure appears to provide the primary
basis for rationalizing many of the observed effects. In fact, for
Mode III fatigue crack growth in (antiplanej shear, where crack closure
induced by wedge shielding mechanisms is not relevant, no transient

retardations are observed and growth rates immediately accelerate on
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application of the tensile overload (29). However, as most research
has been performed at relatively high stress intensity ranges (2-
9,13,15-24), few studies describe the micromechanisms of transient
crack growth behavior at low stress intensities (12,14,26{28), where
the prominent mechanisms of closure are quite different (e.g., refs.
30-33).. There is also a paucity of data whiqh show any quantitative
measurement of the variation in closure during the overload sequence.
Moreovef, the few results which have been published, i.e., the_surface
observations by Davidson et al. (10) on powder aluminum alléys of an
increase in closure load after the overload, and the compliance
measurements of others (25-27) on both low alloy steels and aluminum
alloys which show a decrease, are highly conflicting.

In view of the extremely high levels of crack closure dgveloped
in coherent particle-hardened alloys (34-39), aluminum-lithium alloy
v2090-T8E4l represents an ideal material for conducting such mechanistic
studies. Thé present study attempts to elucidate the salient mechanisms
ofvpost40verload retardation in the recently developed alloy, 2090-

T8E41 and comﬁare the behavior with traditional 2124 and 7150 alloys.

6.3'EXPERIMENTAL DETAILS
6.3.1 Single Tensile Overloads

Single peak tensile overloads of magnitudes between 50 and 150 %
were applied under constant AK cycling conditions for a series of
baseline stress intensity. ranges from 4 to 14 MPa/m at R = 0.1 with a
frequency of 0.01 Hz. The transient crack growth ana closure behavior
were then carefully monitored immediately after the overload with the

baseline. loading resumed at constant AK. Behavior in 2090 at a
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Saseline AK of 8 MPa/m was compared wiﬁh identical experiments.in 2124
and 7150. Details regarding the test set-up are given in Chapter II.
6.3.2 Surface Removal Experiments | |

To study the relative contributions to post-overload behavior,
frqm deformation at thev specimen surface (™ plane streés) and the
interior (plane strain), experiments were additionally petformed whére
surface layers (corresponding to 1.25 mm, i.e., 20 % of the specimen
thickness) were carefully machined from each face following 100 %
overloads at constant baseline AK values of 4 and 12 MPa/m. Results
were compared with identical tests on full thickness samples.
6.3.3 Crack Closure

Macroscopic (global) measurements of crack closure were performed

in situ using back-face strain compliance techniques and under constant

amplitude cycling, closure was assessed in terms of the closure stress
intehsity, Kcl (see Ch. II). In addition, an offset elasﬁic
displacement. method (12,32) was used to improve sensitivity. Following
;ensile overloads, two distinct indications of crack surface contact
could be detected from the unloading compliance curve. fhese have been
referred to as upper and lower closure loads (9) but are interpreted
here (12) to signify changes in neaf—tip and far-field (global).closure
during unloading. Near-tip closure, which represents wedge thelding
in the immediate wake of the crack tip, was additionally evaluated
using side-face strain gauges mounted 1 - 2 mm ahead of the crack tip.
6.3.4 Fractography ’
By periodically interrupting tests, crack tip profiles were

examined metallographically at the specimen surface with both optical-
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and scanhing electron microscopy before, during and after the overload
event. In addition, on completion of the test, crack profiles on the
specimen surface (Vv plane stress) were compared with those imaged at

specimen4mid-thickness (plane strain).

6.4 RESULTS
6.4.1 Influence of Overload Ratio

Data showing the transieht growth rate response in the 2090 alloy
following 50, 100 and 150 % single tensile overloads, applied at a
constant baseline AK levels of 4 and 8 MPa/m, are plotted in Fig. 6.2
as a function of crack growth distance  from the overload event. As
depicted schematically in Fig. 6.1, the onset of the overloéd_induces
‘an initial brief accéleration followed by a period of retardation, the
duration of which increases progressively with increasing éverload
ratio. Although 50 % overloads produce ﬁegligible effects, 100 %
overloads applied,at near-threshold baseline 4K levels of &4 MPa/m are
sufficient to éompletely arrest the crack. Results in 7150-T651 and
2124-T351 alloys at a baseline AK of 8 MPa/m are qualitatively similar,
but associated retardations appear to be smalle? (Fig. 6.3).

6.4.2 Influence of Baseline Stress Intensit?

The extent of retardation as a function of baseline AK level is
shown in Fig. 6.4 for 100 % overloads in the 2090 alloy. Similar té
behavior reported for titanium (12) and other aluminum alloys (23,24),
the magnitude of the retardation,.whether measured in terms of delay
distance or delay cycles, is increased either with decreasing AK toward
the threshold or with increasing‘AK toward instability. Crack

extensions over which the post-overload retardations persist (a, gg) are
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compared with éomputed (plane stress) overload plastic zone sizes (roL)
in Table 6.1. On the first order assumption that the retardation
should predominate while the crack traverses the overload plastic zone
(40,41), the increase in delay with higher baseline AK levels would
appear to be reasonable as the magnitude of r,i is proportional to AKBZ
(for a given overload ratio). However, at near-threshold baseline AK
levels, behavior is contrary to expectations; .the magnitude of the
delay increases with decreasing r,; and furthermore persists over crack
extensions as muchvas an order of magnitude larger than r;. In
addition, of the three alloys tested, overload plastic zones are
largest in the lowest strength 2124-T351, yet ét low baseline 4K

levels, this alloy shows the least retardation behavior.

6.4.3 Fractography

Scanning electron microscopyvrevealed rough, highly faceted
transgranular fracture surfaces in 2090-T8E4l, typical of aluminum-
lithium alloys (37-39), with no obvious differences in.crack growth
morphology or crack front profile due lto the overload (Fig. 6.5).

Differences were apparent, however, in crack path profiles. Shown in

Fig. 6.6 are the crack tip profiles at the specimen surface, prior to,
at and after a 100 % overload (&4Kg = 8 MPa/m) in 2090-T8E41 (imaged at
. zero load). It is clearly evident that the overload causes i)
prpnounced crack tip blunting, which permanently props open the crack,
ii) intense localized shear deformation in flow bands>radiating roughly
45 deg from thé crack tip, and iii) crack deflection pfimarily along
one shear band. Subsequent crack extension within the overload plastic

zone is initially deflected back toward the original crack plane (which
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Table 6.1: Data Showing Transient Retardation Behavior Following
Single Tensile Overloads in Aluminum Alloys.

Baseline AK % Overload Overload Plastic Affected
Zone, oL »Distance, ajff
(MPa/m) (mm) (mm)
2090-T8E41 4 50 0.03 0.32
' 100 0.04 S
150 0.07 @
6 100 0.10 1.13
8 50 0.10 0.11
100 0.18 0.55
150 . 0.28 0.98
10 100 0.28 1.45
12 100 0.40 1.58
14 100 0.54 2.50
2124-T351 8 50 0.22 0.15
100 0.39 0.35
150 0.61 0.61
7150-T651 8 50 0.17 0.13
: 100 0.31 0.44
150 0.48 0.98

2
Tor, v (1/2M (Kyp/0y)
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XBB 878-69678

Scanning electron micrography of fatigue fracture surface for
a 100 % single tensile overload at AKp = 8 MPav/m, showing
rough, highly faceted transgranular surface with little
morphological evidence of the overload. Arrow on micrograph
indicates general direction of crack growth.
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XBB 878-6965A

Scanning electron micrographs of the surface fatigue crack
profile, showing the original crack tip a) prior to, b) at,
and c) after a 100 % single tensile overload in Al-Cu-Li
alloy 2090-T8E41 at baseline AK of 8 MPa/m. Imaging was
performed after unloading. Vertical arrows indicate position
of the overload event.
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enhances crack closure via asperity wedging (14)), and in general
involves much reduced crack opening displacements during the delay
period (Fig. 6.7a). Such crack opening displacements increase once the
crack has grown out of the delay region.

Crack path profiles taken at specimen mid-thickness, however, are

very different and reveal i) larger crack opening displacements, ii) no
crack deflection at the point of application of the overload, and iii)
a shorter delay period, as evidenced by a smaller region of crack
extension with reduced crack opening displacements (Fig. 6.7b).
6.4.4 Crack Closure

The corresponding variation in crack closure during a 100 %
overload (AKp = 8 MPa/m) in 2090-T8E41 is shown in Fig. 6.8. Using
standard back-face strain compliance techniques (32), which provide an
assessment of the global, or far-field, closure along the length of the
crack, no appreciable changes in closure levels could be detected,
except perhaps for a slight drop in K.1 at the overload. However, by
placing side-face strain gauges* close to the crack tip, which provide
more of an assessment of the local, or near-tip, closure as the crack
penetrates the overload plastic zone, the small drop in closure at the
overload is followed by gradual increase in K, with crack extension
toward a maximum corresponding to the minimum growth rate. Closure

levels subsequently are reduced as growth rates accelerate toward pre-

* . :
Note that the measurement of crack closure 1is sensitive to gauge
location, as K,; values determined globally (from back-face strains)
and near the crack tip (side-face strains) are clearly different.
this exemplifies the inherent difficulty in using closure corrected
parameters, such as AK_ g¢ in damage tolerant calculations.
overload steady-state levels.



124

surface

interior

XBB 879-7927A

Fig. 6.7: Optical micrographs of fatigue crack profile and associated
crack opening displacements for a 100 % single tensile
overload at baseline AK = 8 MPaym in Al-Cu-Li alloy 2090-
T8E41, as 1imaged at a) the specimen surface, and b) the
specimen mid-thickness. Note for the interior section the
absence of crack deflection at the overload point (marked by
the vertical arrow at A), the smaller crack length affected
by the overload, and the smaller crack opening displacement
in that region (A-B). Horizontal arrow indicates direction
of crack growth (Keller's reagent etch).
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Fig. 6.8: Variation in fatigue crack growth rate and corresponding

variation in far-field and near-tip crack closure levels
following a 150 % single tensile overload in Al-Cu-Li alloy
2090-T8E41l, as a function of crack extension after the
overload. Results are for a baseline AK of 8 MPa/m at
R=0.1.
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As described elsewhere (12), the measured initial decrease and
subsequent increase in closure are in accord with the observed
transient post-overload behavior. The immediate acceleration at the
overload would appear to be a result of reduced crack closure along the
general wake of the crack due to blunting and associated increased
crack opening displacements (Fig. 6.6b), whereas the subsequent
retardation is consistent with a gradual increase in near-tip closure
as the crack encounters the compressive residual stress field in the
overload plastic zone.

6.4.5 Surface Removal Experiments

In view of differences in crack path profiles at the surface and
interior (Fig. 6.7) and in crack closure measurements at the side and
back face (Fig. 6.8), the effect of machining off the surface layers of
the specimen after the application of the overload was examined.
Fig. 6.9 shows the results of these tests for 100 % overloads in 2090-
T8E41 at baseline AK levels of 4 and 8 MPa/m. It is evident that post-
overload retardations are reduced by removing the surface regions, both
at low and high baseline stress intensities. Clearly, as first
proposed by McEvily (5), behavior at the surface contributes
significantly to the retardation effect. With reference to Fig. 6.7,
it is presumed that the longer delays are associated with smaller crack
opening displacements and significant crack deflection which are
promoted at the surface by the overload.

6.4.6 Behavior in 2124-T351 and 7150-T651
A comparison of post-overload behavior in 2090 with that in 2124-

T351 and 7150-T651 is shown in Fig. 6.10 for 100 and 150% tensile



127

(inches) (inches)
% 0.00 0.03 0.08 0.00 0.03 0.06
,o 5 1 1 - i L

] 1 2090-T8E41 L 10°
3 i i Bassline AK = 4 MPa-m'"* E
S .7 i 100% Single tensile overloads [
g E 2 ®  Unmachined [
& : ] s After machining | ;e
2 a i 3
3 B sl i E
} 7O-l_ ad haTY a a8 AA ® e :
1{ ] a 00 oo 3 [
W 3 . ] . 3
N L ] L 10" 3
€« 1 2 o
E 10°"- s E
2 E ] i 2
Q : =10
(G 1 1 E °
E; ICT'% E [
< 1 2090-T8E41 ] 5
2 i Baseline AK = 12 MPa-m"" 1 E 10
S o 100% Single tensile overioad ]| -
g 10 e Unmachined E -
E a  After machining 1o

5 O"; l Fou ] l Tot E
-0.5 0.0 0.5 1.0 1.5 20 0.0 . 1.0 1.5 20

S5 X
CRACK EXTENSION AFTER OVERLOAD (mm) CRACK EXTENSION AFTER OVERLOAD (mm)

(a) (b)
XBL 879-3985

Fig. 6.9: Effect of the removal of surface layers (1.5 mm machined off
each side) on crack growth retardation for Al-Cu-Li alloy
2090-T8E41 following a 100 & single tensile overload, at
baseline stress intensity ranges of a) 12MPa/m and b)
4 MPa/m.
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consistent with its higher levels of
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overloads at AKp = 8 MPa/m. Results can be seen to be qualitatively
similar, although retardations are largest in the aluqinum-lithium
alloy and are correspondingly associated with the highest measured
levels of crack closure. Such results are consistent with reported
performance of these alloys under tension-dominated variable amplitude

loading spectra (42).

6.5 DISCUSSION
6.5.1 Mechanisms for Post-Overload Retardation

The experimental results and associated microscopy described
above provide ample evidence of the prominent role of crack tip
shielding in influencing transient crack growth behavior following
tensile overloads; the principal mechanisms of shielding resulting
from crack deflection and crack closure induced by cyclic plasticity
and asperity wedging. Based on these results, the following mechanisms
for the post-overload behavior are proposed, as 1illustrated
schematically in Fig. 6.11.

During constant amplitude cycling at a given baseline AK, the
crack growth rate is constant and in equilibrium with its monotonic and
cyclic plastic zones and resultant closure stresses. On application of
a tensile overload, severe crack tip blunting occurs via intense shear
bands at the crack tip (Fig. 6.6b), resulting in wider crack opening
displacements (Fig. 6.7), and consequently reduced (far-field) closure
along the crack wake (Fig. 6.8), the influence of which leads to an
immediate acceleration in growth rate (Fig. 6.8) Subsequent crack
growth is progressively retarded as the crack extends into the overload

plastic zone, as the enhanced compressive residual stresses act to
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Crack advance at overload
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As crack growth into compressive
field of overload plastic zone,
-increase in near-tip closure

da/dN

Retardation prolonged by
near-threshold mechanisms,
ie. oxide- and roughness-
induced crack closure

End of overload effect

=
- da/dN

XBL 879-5800

Fig. 6.1l1l: Schematic idealization of the proposed mechanisms governing
the transient fatigue crack growth behavior following a
single tensile overload.
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reduce crack opening displacements (Fig. 6.7) and promote increased
(near-tip) closure in the immediate wake of the crack tip; the minimum
growth rate corresponding to a maximum in K,; (Fig. 6.8). The extent
of retardation may be accentuated by crack deflection (along the shear
bands) at the onset of the overload and increased crack closure from
asperity wedging as the crack deviates back to its original path.

However, this is predominantly a surface effect (Fig. 6.6 & 6.7), and

thus the magnitude of the delay is reduced by removing the surface
layers. Where the source of shielding is primarily due to plasticity-
' induced closure (e.g., at high AKp), steady-state growth rates are
largely re-established as the crack grows out of the overload plastic
zone. The delay, however, may be prolonged in low baseline stress
intensities and in materials such as 2090-T8E4l, where enhanced crack
path meandering and closure induced by asperity wedging provide
additional mechanisms of retardation (Table 6.1). A similar mechanistic
sequence has been proposed by Ward-Close and Ritchie to explain post-
overload behavior in titanium alloys (12).
6.5.2 Crack Closure: Near-Tip vs. Far-Field

Although changes in crack closure have long been associated with
post-overload retardation behavior (e.g., ref. 3), few experimental
studies have provided quantitative confirmation. For example, certain
authors (10) report an increase in closure loads at the overload,
whereas others (25-27) report no change or a decrease. In the present
work, as with a previous study in titanium alloys (12), it is shown
that although the general (far-field) level of closure along the crack

flank is decreased slightly by the overload due to crack tip blunting,
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(near-tip) closure developed in the immediate wake of the crack tip is
increased as growth extends into compressive stress field of the
overload plastic zone.

The concept of dual closure 1levels 1is consistent with the
observations of Nowack et al. (21), and particularly Paris and Hermann
(9) who observed that elastic compliance curves displayed two distinct
linear portions following a single overload cycle, corresponding to
what they termed upper and lower opening loads. They reported that the
upper opening load increased at the overload, whereas the lower opening
load showed an 1immediate decrease. Here the upper opening load is
interpreted as being due to the near-tip-:closure of the increment of
crack advance within the overload plastic zone, and the lower opening
load, due to the far-field closure of the crack length behind the
overload event, as depicted schematically in Fig. 6.12.

6.5.3 Influence of Baseline Stress Intensity Range

The increase in post-overload delay with both increasing and
decreasing baseline AK, observed in the present study (Fig. 6.4) and
previously (12,23,24), 1is also consistent with the concept of crack
closure, specifically with expected variation of the most prominent
mechanisms of shielding. In aluminum alloys, these mechanisms appear
to be induced by cyclic plasticity (zone shielding), crack deflection
and meandering, and the consequent closure induced by wedging of
enlarged fracture surface asperities (contact shielding) (32,34-39).
The role of oxide-wedging appears to be relatively minor as the
thickness of the excess oxide films in these alloys remains small

compared to the CTODs (36,37). A schematic 1illustration of the
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XBL 879-5802

Fig. 6.12: Illustration of compliance curve, measured globally in the
post-overload retardation region using a back-face strain
gauge measurements, used to determine crack closure loads.
Segment DC represents the crack fully closed. During segment
CD the crack is open except for the post-overload extension
into the overload plastic zone at the tip. In segment BA the
crack is fully open.
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probable variation of shielding by each of these mechanisms is shown in
Fig. 6.13 as a function of baseline AK level (see also ref. 43).
Crack deflection produces a multiplicative reduction in the local Mode
I stress intensity, and therefore will have an equal effect (for a
constant crack path morphology) for all values of AKp. Conversely, in
accord with numerical predictions (44,45), the effect of plasticity-
induced closure, in common with all zone shielding mechanisms, will
increase with increasing plastic zone size (and hence increasing AKB),
although this mechanism will diminish at very large zone sizes due to
the loss of elastic constraint (i.e., as the net section -stresses
approach yield). The effect of wedge/contact shielding, on the other
hand, will decrease with increasing AKp level, as this mechanism is
most effective where the CTOD and the size of the wedge are comparable
(30). The combined effect of all these shielding mechanisms should
therefore see a minimum at intermediate AKp levels, as depicted in
Fig. 6.13. Since the primary mechanisms responsible for post-overload
retardation behavior clearly involve crack tip shielding, a similar
variation in the magnitude of the delay with baseline AK level

(Fig. 6.4) is to be expected.

6.6 CONCLUSIONS
Based on experimental study on the transient fatigue crack growth
behavior following single (spike) tensile overloads in aluminum-lithium
alloys, specifically, 2090-T8E41 and comparison to traditional 2124-
T351 and 7150-T651 alloys, the following conclusions can be made:
1. The immediate, yet brief, acceleration in growth rate following

the application of a single tensile overload is associated with a small
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Fig. 6.13:

Schematic illustration of the variation in crack closure,
defined as the ratio Kcl/xmax' with baseline stress
intensity range AKp, for the principal mechanisms of
shielding. Contact/wedge shielding mechanisms, such as
roughness-induced closure, are promoted at low AK whereas
zone shielding mechanisms, such as plasticity-induced
closure, are promoted at high AK.
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decrease in far-field (global) crack closure (measured using back-face
strain compliance techniques), due to crack tip blunting and consequent
increased crack opening displacement at the overload.

2. Subsequent crack growth is progressively retarded as the crack
extends into the overload plastic zone, due to the enhanced compressive
residual stress field and resulting near-tip crack closure developed in
the immediate wake of the crack tip (acting on the post-overload crack
extension). The minimum in the retarded growth rates corresponds to a
maximum in the near-tip (local) crack closure levels (measured by side-
face strain gauges). The origin of such closure is associated with
cyclic plasticity, crack deflection and the consequent crack wedging of
enlarged fracture surface asperities. Fractographically, little
evidence was seen of changes in the fracture surface morphology or the
crack front profile due to the overload.

3. Based on surface observations, the application of the overload
was also concurrent with marked crack deflection along shear bands at
the tip and subsequent deflection back to the original crack path, both
processes which contributed to the magnitude of the retardation.
However, such crack deflection is specifically a surface phenomenon and
was not apparent in crack path sections taken at the specimen mid-
thickness.

4. The magnitude of the post-overload retardation (for a given %
overload and load ratio) was found to be enhanced with both increasing
and decreasing baseline stress intensity range, consistent with an
increase in zone shielding (plasticity-induced closure) at high AK and

contact shielding (roughness-induced closure) at low AK, respectively.
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5. Aluminum-lithium alloy 2090-T8E41 was found to show greater

crack growth retardation following single tensile overloads, compared

to 2124-T351 and 7150-T651 alloys. This is attributed to the higher

levels of crack tip shielding developed in 2090, due primarily to crack

deflection and resulting roughness-induced closure arising from highly

tortuous crack path morphologies.
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CHAPTER VII

EFFECT OF PROLONGED HIGH-TEMPERATURE EXPOSURES

7.1 INTRODUCTION

Potential structural applications for lithium-containing aluminum
alloys also include advanced aerospace vehicles, such as the Advanced
Tactical Fighter and the National Aerospace Plane (1-3). With certain
components, such applications will involve periodic exposures to high
temperatures for prolonged time periods during service, which
potentially may degrade the mechanical properties of the alloys through
overaging. Although the effects of such thermal conditions on the
tensile properties of these materials have recently been documented
(4), little information exists on the fatigue and fracture toughness
properties. Hence, the objective of the present chapter is to study the
influence of such high temperature exposures of upto 1000 hr at 163°C
on the fatigue and fracture resistance of aluminum-lithium alloys,
specifically 2090, and compare the behavior to similarly overaged alloy

2124,

7.2 EXPERIMENTAL DETAILS

Commercial plates of near-peak aged Al-Li-Cu-Zr alloy 2090-T8E41
and naturally aged Al-Cu-Mg alloy 2124-T351 were exposed to high
temperatures by further aging them at 163°C (325°F) for 100 and 1000 hr
to yield 1lightly overaged (LOA) and highly overaged (0A)
microstructures, respectively. Corresponding room temperature

mechanical properties are listed in Table 7.1. Fracture toughness,
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Table 7.1: Room Temperature Mechanical Properties of Aluminum
Alloys 2090 and 2124 as a Function of Aging Treatment

Yield Tensile Elongation Fracture
Alloy strength strength in 25 mm toughness
(MPa) (MPa) (%) (MPay/m)
2090-T8E41 548 579 9.3 24
2090 LoA 545 566 12.0 -
2090 oA 466 527 10.0 20
2124-T351 360 488 17.8 _ -
2124 LOA 474 505 10 7 42

2124 OA 432 477 8.4 45
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and (long) fatigue crack propagation tests were conducted in room
temperature air, using 6.35 mm thick compact C(T) specimens, machined
in the T-L brientation. Constant amplitude fatigue crack growth tests
were performed at R = 0.1 for all materials, as per details in Chapter
II. Crack lengths and crack closure levels were continuously monitored
by d-c potential and back-face strain compliance methods, respectively;
fracture surfaces and crack paths were examined by scanning electron

and optical microscopy.

7.3 RESULTS
7.3.1 Microstructure

As described in Chapter III, alloy 2090 in the T8E41l condition is
strengthened by coherent, ordered §' precipitates, 6’-like and T, plate
precipitates and B' dispersoids. Precipitation is generally homogenous
within the grains without any preference for grain boundaries
(Fig. 7.la). Prolonged high temperature exposures of 1000 hr at 163°C,
result in the coarsening of the matrix ¢§’, 8’ and T, precipitates,
increased density of T; along the subgrain boundaries, along with the
formation of § and copper-rich, plate-like precipitates at the grain
and sub-grain boundaries. Consequently, a 5 pm wide, (lithium, copper)
solute depleted, precipitate free zone (PFZ) develops at the high angle
grain boundaries (Fig. 7.lc), similar to results reported for
experimental Al-Li-Cu alloys (5,6). Recrystallization or grain growth
was not observed during overaging, even for 1000 hr exposures.
7.3.2 Strength and Toughness Properties

Whereas 100 hr overaging treatments on 2090 produced only a

negligible change in mechanical properties compared to the T8E4l
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XBB 874-2890A

Transmission electron micrographs of microstructures in the
Al-Li-Cu-Zr alloy 2090 in a) b) peak-aged (T8E4l) condition,
and c¢) d) overaged (v 1000 hours at 163°C) condition.
Prolonged aging causes coarsening of matrix precipitates §’,
1. B , subgrain boundary and grain boundary precipitation of
§ or T, and Cu-rich precipitates (regions A and B) and
resulting in precipitate-free zones.



144

condition, both yield strength and toughness were reduced roughly 15%
following overaging for 1000 hr (Table 7.1). Corresponding results for
1000 hr overaged 2124 show a 20 % increase in strength and a marginal
increase in toughness, compared to the T351 temper.

Fracture surfaces of the broken test pieces in 2090 are shown in
Fig. 7.2, and indicate predominantly intergranular fracture
(intergranular delamination bands run parallel to the crack growth
direction), interdispersed with regions of transgranular shear and
microvoid coalescence. With increased aging times, the lower toughness
is associated with a more pronounced intergranular mode, consistent
with the enhanced grain and subgrain boundary precipitation and related
PFZs (Fig. 7+1b).
7.3.3 Fatigue Crack Growth Behavior

Constant amplitude fatigue crack propagation data and related
crack closure levels are compared in Fig. 7.3 for the T8E41l, LOA and OA
microstructures of alloy 2090. It is observed that, although the near-
threshold growth rates remain relatively unaffected, growth rates above
10°° m/cycle become progressively faster with increasing aging time.
Concurrently, associated 1levels of crack closure show a decrease
(Fig. 7.3b), consistent with a change in crack path morphology
(Fig. 7.4). In the T8E4l condition, fatigue crack paths show
significant crack deflection and meandering, which promote premature
wedging of the fracture surface asperities and lower the crack driving
force experienced at the crack tip. With prolonged overaging, however,
crack paths ultimately become macroscopically linear (Fig. 7.4c),

accounting for the 1lower closure 1levels and faster growth rates
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Scanning electron micrographs showing predominantly
intergranular fracture associated with toughness tests in
alloy 2090 in a) peak-aged (T8E4l), b) v 100 hr overaged
(LOA), and c¢) 1000 hr overaged (OA) conditions. Note
evidence of void coalescence around 1 to 2 pm particles,
which were identified as Fe/Cu-rich intermetallics. Arrow
indicates general direction of crack growth.
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Variation in a) fatigue crack growth rates (da/dN) and b)
crack closure (Kcl) levels at R = 0.1 in 2090 alloy in the
peak-aged (T8E4l), lightly overaged (LOA) and overaged (OA)
conditions. Note the increase in crack growth rates
(particularly above 21077 m/cycle), concomitant with lower
closure levels, with prolonged overaging.
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Fig. 7.4: Fatigue crack path morphologies in 2090 alloy, showing a,b)
branched and meandering cracks typical of the peak-aged
(T8E41) and ™ 100 hr overaged (LOA) microstructures, and c)
linear crack profiles typical of the ™ 1000 hr overaged (O0A)

microstructures (Optical micrographs obtained using Keller's
reagent etch).
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(Fig. 7.3)-

Representative scanning electron micrographs of the fatigue
fracture surfaces in 2090 are shown in Fig. 7.5. It is apparent that
the well-defined transgranular facets characteristic of heavily
deflected crack paths in the peak-aged condition become "smoothed out"
in the overaged microstructures. In addition, there is increasing
evidence of crack surface oxidation in the overaged condition. Mean
excess oxide thicknesses measured using Auger spectroscopy (see Ch.
IV), were found to be of the order of 2 to 10 nm in these
microstructures. However, these deposits were considered unlikely to
contribute to crack closure (8), as their size was small compared to
cyclic and maximum crack tip opening displacements (i.e., which were of

the order of 50 and 150 nm, respectively, at AKpy).

7.4 DISCUSSION

As discussed briefly in Chapter III, overaging in high-strength
aluminum alloys, such as 2024, 7075, etc. generally yields
microstructures strengthened by incoherent matrix and grain boundary
precipitates, with associated PFZs and decreased slip planarity. Such
microstructures show lower strength yet comparable, if not improved,
toughness (e.g., 2124 results in Table 7.1), compared to peak tempers,
due largely to a change in deformation mode from planar to dispersed
slip (e.g., ref. 8). Decreasing slip planarity is often considered to
improve toughness, as planar slip can lead to strain localization at
grain boundaries, thereby enhancing the formation of microcracks or
voids at the grain boundary precipitates (8-14).

Aluminum-lithium alloy 2090, conversely, shows a reduction
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Scanning electron micrographs of near-threshold fatigue
fracture surfaces in 2090 alloy at AK = 3 - 8 MPavm
(R =0.1) for a) peak-aged (T8E41), b) ~ 100 hr overaged
(LOA), and c) ~ 1000 hr overaged (OA) microstructures. Note
that fatigue fractures are transgranular compared to
predominantly intergranular fracture in toughness tests
(Fig. 7.2). Arrow indicates the general direction of crack
growth.
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(v15 %) in strength and toughness on overaging, similar to that
reported for experimental Al-Li-Cu-Zr alloys containing 2 to 3 wt$% Li
(7,9-13). Whereas decreased slip planarity, which results in a reduced
propensity for crack bifurcation and branching, has been suggested as
one mechanism for decreasing toughness with aging (9,12), no evidence
was found for major geometrical changes in crack path in toughness
tests of 2090, based on metallographic sectioning taken at specimen
mid-thickness. Conversely, the lower toughness on overaging appears to
be associated primarily with grain boundary precipitation and resulting
strain localization in weak, solute-depleted precipitate-free zones and
a decreased volume fraction of strengthening precipitates, similar to
observations in peak aged 8091 (refer to Ch. III). It is thus apparent
that the commercially peak-aged T8E4l1 microstructure offers optimum
mechanical properties, at least with respect to strength and toughness.

With respect to fatigue <crack propagation, the T8E4l
microstructure similarly displays optimﬁm properties. It is amply clear
(see Ch.s IV-VI) that, this behavior can be attributed primarily to the
to the highly tortuous fatigue crack paths, which result from the
marked slip planarity and strong texture in this microstructure (8),
which in turn promotes significant crack tip shielding or crack closure
from consequent asperity wedging. With prolonged overaging, however,
crack growth properties are clearly degraded, although the magnitude of
the effect is not large and predominates above 10-? m/cycle
(Fig. 7:.3). From Figs. 7.3 and 7.4, it is evident that the faster
growth rates are directly associated with lower crack closure levels,

concomitant with a decreasing tendency for crack path tortuosity, and
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lower slip reversibility, from the more dispersed nature of slip in the
overaged microstructures.

Despite losses in strength, toughness and fatigue resistance with
prolonged exposure at 163°C, the properties of overaged 2090 remain
comparable, if not superior, to similarly overaged traditional high-
strength aluminum alloys in all but (ambient temperature) fracture
toughness. For example, overaged 2090 displays similar strength, far
superior fatigue crack growth rate behavior below ~ 10-2 m/cycle (with
a 50 % higher fatigue threshold), and identical behavior above lO’9
m/cycle to peak-aged and overaged 2124 alloys (Fig. 7.6a). Essentially,
the linear crack paths induced by overaging in 2090 restrict the
measured closure levels to that of 2124 (Fig. 7.6b). Thus, even after
prolonged high temperature exposures, 2090 compares favorably with the
growth-rate behavior of 2124-T351 and 7150-T651, and is superior to
7150-T751 (Fig. 7.7); a direct consequence of the high overall levels

of crack closure measured in this material.

7.5 CONCLUSIONS

From the results presented in this Chapter on the fatigue ‘and
fracture toughness properties of commercial Al-Li-Cu-Zr alloy 2090-
T8E41 after sustained high temperature exposures at 163°C, the
following conclusions can be made:

1. Although overaging exposures for 100 hr had little effect on the
mechanical properties, 1000 hr exposures were found to induce 15 %
reductions in the yield strength and fracture toughness, compared to
the peak aged condition.Such degradation in strength and toughness on

overaging was attributed to the formation of subgrain boundary T, or
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6' precipitates and grain boundary ¢ or T, and Cu-rich precipitates,
which resulted in Cu, Li-depleted and precipitate-free zones.

2. Fatigue crack growth rates above '\,10'9 m/cycle, progressively
increased with prolonged overaging; near-threshold growth rates below
n1072 m/cycle were relatively unchanged. Such behavior was related to
a measured reduction in crack closure levels, consistent with a
macroscopic change from branched to linear crack paths, in overaged,
compared to peak-aged microstructures.

3. Despite reductions in strength and fatigue resistance following
1000 hr exposures at 163°C, fatigue crack growth rates in overaged 2090
are still comparable, if not superior, to similarly overaged 2124
alloys, and to commercially heat-treated 2124-T351, 7150-T651 and 7150-

T751 alloys.
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CHAPTER VIII

FRACTURE TOUGHNESS AT CRYOGENIC TEMPERATURES

8.1 INTRODUCTION

Very recently, there has been increasing interest in the
cryogenic properties of commercial aluminum-lithium alloys, following
reports of a marked increase in ductility, fatigue resistance and
especially fracture toughness with decrease in temperature from ambient
to 4 K (1l-4). As mentioned earlier in chapter I, though developed
primarily as low-density high-strength airframe materials, Al-Li alloys
have additionally become attractive candidate materials for liquid-
hydrogen, -oxygen and -natural gas fuel tanks, in particular for
existing and future transatmospheric and hypersonic aircraft
applications.

Although, the behavior is not unlike other high-strength aluminum
alloys (e.g., 2219) which show improved toughness at low temperatures
(5), mechanistic origins of the significantly improved cryogenic
properties of aluminum-lithium alloys remain wunclear. Explanations
based on higher strain-hardening rates, associated with more
homogeneous plastic deformation (6,7), and solidification of Na, K, H-
rich liquid phases at grain boundaries (2,3,8) have been proposed for
Al-Li alloys, although such suggestions are seemingly inconsistent with
results (4,9) which show increased low-temperature fracture toughness
for the longitudinal (L-T, T-L) orientations but decreased toughness

for the short-transverse (S-L, S-T) orientations. The latter
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observations led to proposals (4,9) that the effect was associated more
with a greater tendency for short-transverse cracking at low
temperatures, similar to the early work of Carman et al. (10) on the
toughness of 7075-T6. Such increased short-transverse cracking leads
to enhanced crack deflection (9) and more importantly to delamination
perpendicular to the crack plane (4,9) for fracture in the L-T and T-S
orientations, as discussed earlier in chapter III (refer section
3.4.4), for the crack-divider and crack-arrester orientations,
respectively (Fig. 3.13).

Grain structures in commercial aluminum-lithium alloys are
largely anisotropic and vary in their degree of coarseness,
recrystallization and texture; all factors which may markedly influence
the extent of short-transverse cracking. Accordingly, it is the intent
of the present chapter, to study the temperature-dependence of the
toughness of commercial Al-Li alloys as a function of microstructure
and plate orientation, in order to evaluate the mechanisms of extrinsic
toughening resulting from delamination perpendicular to the crack
plane. Moreover, since extensive low-temperature fracture-toughness
data on lithium-containing alloys are not readily available in
literature, the cryogenic strength-toughness relations of other

aluminum-lithium alloys are concurrently verifed.

8.2 EXPERIMENTAL DETAILS

Commercial plates of commercial aluminum-lithium alloys 2091,
8090 and 8091 were studied in the naturally-aged T351 and peak-aged T8X
conditions; 2090 in the experimental T8E41 temper. Fracture toughness

tests were performed on fatigue precracked specimens at both ambient
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(298 K) and liquid-nitrogen (77 K) temperatures in the L-T and S-L
orientations (see Ch. II for details). All results represent plane-
strain values, except where noted. Corresponding uniaxial tensile
properties (longitudinal L direction) were assessed using 6.4 mm round
tensile specimens with a 25 mm gauge length.

Fatigue-precracked compact C(T) specimens of 2090-T8E4l, with
varying thickness between 0.5-13 mm, were used to study the influence
of thickness on fracture toughness; anti-buckling guides were employed
to prevent out-of-plane shear in the thinner geometries. Since the
through-thickness strength variations of commercial Al-Li alloy plate
can be as large as 20 % (1l1), all specimens were machined from the
plate mid-section.

To evaluate the influence of stress state on ductility (12),
additional tests were performed at 298 and 77 K on circumferentially-
notched tensile samples, with notch-root radii, p, varying between 0.6
and 3.2 mm. Fracture strains were determined by continuously monitoring
the diameter at the notch root using a diametral extensometer, and

computed from the Bridgeman analysis as (13):

€ = 2 In (x /o) =0 sesawmes (1)
where ep is the equivalent plastic strain and r, and r ;  and the
initial and minimum radii of the notched cross-section. With this

geometry, the stress-state at the center of the specimen, defined in
terms of the ratio of hydrostatic stress, g, to equivalent stress, G,
is given by:

Tmin
o/ =1/3 + 1In (1 + 20 ¥ . gemserws (2)
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Scanning electron microscopy (SEM) was performed on all fractured
samples to elucidate the failure mechanisms. Metallographic sections of
the crack path morphology were taken, both parallel and perpendicular

to the crack-growth direction.

8.3 RESULTS
8.3.1 Uniaxial Tensile Properties

Uniaxial tensile properties of the commercial Al-Li alloys at 77
and 298 K are compared in Table 8.1. Yield and tensile strengths show a
v10 to 40 % increase at 77 K; surprisingly, elongation values show a
larger increase by 10 to 75'% and strain-hardening coefficients by a
factor of approximately two. " Thus, in the longitudinal direction
examined, strength, ductility and strain-hardening rates all increase
with decrease in temperature. All tensile failures at 77 K were seen
to occur at the maximum load, without evidence of any necking prior to
fracture.
8.3.2 Fracture-Toughness Properties

Plane-strain fracture-toughness data are also listed in Table
8, L. It can be seen that, at both low and high temperatures, K,
values for the L-T (crack-divider) orientation exceed those for the S-L
(crack-delamination) orientation by between 18 and 375 %; additional
results in 2090-T8E41l from Ch. III show that the toughness in the T-S
(crack-arrester) orientation exceeds that in the L-T orientation by
80 %. However, the low-temperature strength-toughness properties of all
Al-Li alloys in the L-T orientation, except 8090-T351 and 8091-T351,

are superior to that of traditional high-strength aluminum alloys

(Fig. 8.1) at ambient temperatures. Not all alloys, however, show
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Table 8.1: Fracture Toughness and Tensile Properties of Commercial
Aluminum—Lithium Alloys at 298 K and 77 K

Strain-Hardening

Alloy Yield Strength U. T8 % Elongation Fracture Toughness Exponent (n)
(MPa) (MPa) . (on 25 mm) KIC (MPav/m)

1298 K 77 K 298 K 77 K 298 K 77 K 298 K 77 K 298 K 77 K

2090-T8E4 | 552 587 589 642 11 14 36 517 (L-T) 0.06 0.15
17 15 (S-L)
65 - (T-5)
2090-0A 466 - 527 - 10 - 22 24 (T-L)

2091-T351 369 442 451 596 10 16 13t 41t~ 0.12 0.22
19 17 (S-L)

209 1-T8X 425 483 481 610 8 14 467 447 (L-T) 0.10 0.21]
25 16 (S-L)

8090-T351 226 256 352 486 17 24 27Y 20 (L-T) 0.19 0.34
16 17 (S-L)

8090-T8X 482 - 534 - 6 - 36 38 (L-T) 0.08 -

13 12 (s-L)

8091-T351 309 382 417 572 11 14 387 28 (L-T) 0.16 0.28
17 10 (S-L)

809 1-T8X 537 574 581 697 6 12 20 38 (L-T) 0.07 0.18
9 8 (s-L)

*
L direction

Kq values not meeting the ASTM plane-strain thickness criterion.

091
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properties for commercial aluminum-lithium alloys at
cryogenic temperatures, showing a comparison with ambient
data on typical aerospace high-strength aluminum alloys
(hatched region).
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improved toughness at 77 K. As illustrated in Fig. 8.2, compared to
ambient-temperature behavior, only 2090-T8E41l, 2091-T351, 8090-T8X and
8091-T8X have higher Ky, values at 77 K in the L-T orientation; 2091-
T8X, 8090-T351 and 8091-T351, conversely, display the more common
behavior of lower toughness at the lower temperature. More
importantly, all alloys show a small decrease in toughness with
decreasing temperature for the short-transverse (S-T) orientation.
8.3.3 Fractography

Distinctions between alloys which show increasing rather than
decreasing toughness at lower temperatures are evident from
observations of fracture-surface and <crack-path morphology.
Illustrated in Fig. 8.3, are the fracture surfaces for 2091-T8X at
298 and 77 K in the L-T (crack-divider) orientation. Clearly apparent
is a change from fibrous, ductile fracture (microvoid coalescence
around dispersoids and constitgent particles, with large macroscopic
shear lips) at 298 K to transgranular shear failure (with intergranular
delamination bands or secondary cracks running parallel to the crack-
growth direction and normal to the short-transverse direction) at 77 K,
a transition which induces a marked change in crack-path morphology
(Figs. 8.3c and 8.3f). The behavior 1is typical of microstructures
which show lower toughness (L-T) at cryogenic temperatures, namely
2091-T8X, 8090-T351 and 8091-T351.

Conversely, microstructures which show higher fracture toughness
(L-T) at cryogenic temperatures, namely peak aged 2090, 8090, 8091 and
underaged 2091, undergo no such fracture-mode transition; a coarse

transgranular shear mechanism, with regions of void coalescence (around
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Fig. 8.2: Variation in fracture toughness K;, with temperature for
commercial aluminum alloys in both L-T and S-L orientations.
Note how certain alloys (2090-T8E41, 2091-T351, 8090-T8X,
8091-T8X) show an increase in L-T toughness with decreasing
temperature, whereas the remainder (2091-T8X, 8090-T351,
8091-T351) show a decrease.
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298 K

XBB 883-2352A

Fig. 8.3: Fractography and crack-path morphology for the L-T (crack-
divider) orientation, typical of alloys which show a
fracture-mode transition between ambient and liquid-nitrogen
temperatures (2091-T8X, 8090-T351, 8091-T351), showing a,b,c)
ductile microvoid coalescence at 298 K, and d,e,f)
transgranular shear fracture at 77 K. Note the presence of
intergranular (short-transverse) delaminations at 77 K.
Fracture surfaces are for 2091-T8X. Arrow indicates general
direction of crack growth.
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Fe- and Cu-rich intermetallics in 2090) prevails at 77 and 298 K
although the incidence and the degree of intergranular (short-
transverse) delamination cracking is markedly enhanced at the liquid-
nitrogen temperatures (Fig. 8.4).

Fracture surfaces for the S-L orientation, on the other hand, are
totally intergranular for all alloys, and involve a delamination-type
failure, decorated with interdispersed 1-5 pm diameter Fe-/Cu-rich

intermetallic particles (1l4), both at 298 K and 77 K (Fig. 8.5).

8.4 DISCUSSION
8.4.1 Cryogenic Fracture Toughness of Al-Li alloys

The present results, despite confirming prior observations on the
cryogenic properties of 2090-T8E4l, clearly demonstrate that improved
fracture toughness (L-T) at low temperatures is not common for all
aluminum-lithium alloys. Specifically, 2090-T8E41, 2091-T351, 8090-T8X
and 8091-T8X, show a marked improvement in strength, ductility and (L-
T) fracture toughness with decrease in temperature. These beneficial
effects however, are not seen in the short-transverse orientations, and
are not at all apparent in certain alloys, namely 2091-T8X, 8090-T351
and 8091-T351, which show a fracture-mode transition from ductile
fracture (microvoid coalescence) at 298 K to transgranular-shear mode
at 77 K.

These observations, that the temperature dependence of Kj.
differs with both orientation and alloy composition/aging condition,
would appear to rule out certain published explanations (2,3,6,7) for
the increase in toughness with decreasing temperature in Al-Li alloys.

For example, Webster (2,3,8) has claimed that the effect is due to the
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298 K

XBB 883-2353A
Fractography and crack-path morphology for the L-T (crack-
divider) orientation, typical of alloys which show no
fracture-mode transition between ambient and liquid-nitrogen
temperatures (2090-T8E4l, 2091-T351, 8090-T8X, 8091-T8X),
showing transgranular shear fracture at a,b,c) 298 K and
d,e,f) 77 K. Note how the degree of intergranular (short-
transverse) delamination is significantly enhanced at
liquid-nitrogen temperatures. Fracture surfaces are for

2090-T8E41. Arrow indicates general direction of crack
growth.
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XBB 883-2354A
a) Fractography and b) crack-path morphology for the S-L

(crack-delamination) orientation, typical of all alloys at
both 77 K and 298 K, showing intergranular delamination-type
fracture. Fracture surfaces are for 2090-T8E4l and show
evidence of 1 to 2-pm-sized 1iron-and copper-rich
intermetallic particles. Arrow indicates general direction of
crack growth.
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solidification of grain-boundary Na, K and H -rich liquid phases at
lower temperatures; an explanation inconsistent with the observed lower
short-transverse toughness at 77 K, and with the fact that the effect
can occur in either underaged or overaged microstructures, depending
upon the alloy composition. Explanations based on increased
homogeneity of slip (6), on the other hand, are consistent with the
observed increase 1in strain-hardening coefficients at lower
temperatures, although the higher hardening rates would only impart a

beneficial influence on fracture toughness if the fracture mode is

strain-controlled (9); however, the explanation precludes the fact that

all alloys/aging conditions show improved strain-hardening coefficients
at 77 K, but not all alloys show increments in K;,. Moreover, short
transverse (S-L) toughness of all Al-Li alloys and microstructures
indicates a drop at cryogenic temperatures.

Considering present results, explanations based on the fracture
mechanism (4,9) would appear to be far more reasonable. First, Al-Li
alloys, which exhibit a transition from ductile tearing (void
coalescence) to transgranular shear with decreasing temperature
(Fig. 8.3), would be expected to show higher (L-T) Kie values at 298 K
from an increased contribution to the work of fracture from the plastic
deformation involved in the tearing process; such behavior (15) has
previously been reported for 7075-T6é and 7475-T6 alloys, which also
show such a fracture-mode transition, which is generally the expected
behavior for the fracture of metals.

Conversely, the Al-Li alloys, which have lower (L-T) Ko values

at 298 K, exhibit no apparent change in macroscopic fracture mechanism;
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the fracture morphology remains transgranular shear at both 77 and
298 K (Fig. 8.4a-b), similar to reported behavior (5) in 2219-T87 which
also shows increasing toughness with decreasing temperature. However,
there is clear evidence in these alloys of enhanced short-transverse
delamination, perpendicular to the main fracture plane
(Figs. 8.4c & 8.4f), at lower temperatures, consistent with the lower
S-L toughness at 77 K.
8.4.2 Role of delamination toughening

It is considered that the 1incidence of short-transverse
delamination is primarily responsible for the improvements in fracture
toughness in Al-Li alloys for orientations in the rolling plane (L-
T, T-L) at cryogenic temperatures. Similar to behavior in brazed,
soldered or adhesively-bonded multilayer metallic laminates (16-21),
granite rocks (22), as-deposited substrate-nucleated pyrolytic carbon
(23), and in anisotropic materials where the toughness is low in the
short-transverse (S-T, S-L) orientations (24-26), the resulting
delamination perpendicular to the crack plane leads to markedly
increased fracture toughness 1in the T-S (crack-arrester) orientations
through crack deflection/bifurcation at 90 deg (the Cook-Gordon
mechanism (27) for crack stopping at weak interfaces) as shown for
2090-T8BE4]1 (see Fig. 3.14, Sec. 3.4.3); it can also lead to increased
toughness in the L-T or T-L (crack-divider) orientations due to loss of
through-thickness constraint (Fig. 3.13). In the latter case,
toughening is only significant when the through-thickness splitting
causes a plane-strain fracture process to be divided in several

parallel (thin-sheet) plane-stress fractures with higher K, values; in
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high-strength/low toughness materials like pyrolytic carbon (23), even
after through-thickness splitting the ligaments between the
delamination cracks remain in plane strain such that the toughness of
the crack-divider orientation is only marginally above that of the
short-transverse (presumably due to the additional work of
delamination). However, in aluminum-lithium alloys where plane-strain
conditions are mostly met for thicknesses in excess of typically
"5 mm*, crack-divider "delamination toughening" is clearly a reality.
In addition, such delamination can increase the degree of in-plane
crack deflection, which provides a further contribution to toughening
(9). The escimatedvincrease in toughness for the crack-divider (L=T)
orientation in 2090-T8E41, d;e.to enhanced short-transverse cracking is
now examined in detail; analogous calculations for the crack-arrester
(T-S) orientation are discussed in Ch. III.
8.4.3 Delamination Toughening in 2090-T8E4L

To model simply the magnitude of "delamination toughening" for
the crack-divider (L-T) orientations, it is assumed that the material
behaves like a laminate, where each of n ligaments, separated by the
through-thickness splitting, sees a constant tensile stress. At
failure, each ligament carries a load P, given in terms of the full
specimen width W and thickness B, by:

p = (&EwO3) /(B £amy) (3)

where f(a/W) is a function of the crack length-to-width ratio for the

specific specimen geometry (28) and K% is the fracture toughness of a

*Plane-strain conditions, as per ASTM recommendations, however, are
assumed for thicknesses (B) in excess of 2.5 (KIC/Oy) , where g, is
the yield strength.
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section of thickness B/n. Since the total load carried by the full
thickness is nP, the fracture toughness of the laminate will be KCL.
This constitutes a lower bound estimate as it assumes no short-
transverse strength.

To evaluate this approach in the 2090-T8E41l alloy, fracture-
toughness tests were performed at room temperature on 500 pm to 13 mm
thick specimens to assess the influence of thickness on K, ; results are
shown in Fig. 8.6. It is apparent that the plane-strain toughness
value (for thicknesses greater than 5-10 mm) of 36 MPa/m is
progressively increased with decreasing test-piece thickness to a
"plane-stress" value of approximately 45 MPa/m at a 500 um thickness,
concurrent with reduction in constraint (degree of triaxiality) ahead
of the crack tip.

Applying these results to crack-divider (L-T) fractures in 2090
(Fig. 8.4), it 1is seen that the mean spacing (thickness) of the
ligaments between the major through-thickness splits at 298 K 1is
approximately 3 mm; the K, value at this thickness approaches that of
plane strain, i.e., of the order of 36 MPa/m. In contrast, due to
enhanced short-transverse delamination, the mean spacing of the split
ligaments at 77 K is less than 1 mm; the appropriate K, for each
ligament is now closer to the plane-stress value, i.e, of the order of
45 MPaym. Using these data, the fracture toughness of 2090 at 77 K
would be predicted to be approximately 45 MPa/m on the basis of the
observed delamination, an estimate which is reasonably close to the
measured value of 51 MPa/m.

Alternatively, an estimate of the toughness at 77 K can be made
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6: Variation in Mode I fracture toughness K, with test-piece

thickness B for 2090-T8E4l alloy in the L-T orientation at
298 K. Tests were performed on C(T) specimens, machined from
the plate mid-thickness, using anti-buckling restraints to
prevent out-of-plane sliding.
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from the plane-strain Kp, value at 298 K through prediction of the
plane-stress fracture toughness Kg relevant to the split-ligament size,
using empirical models of Bluhm and others (29-31). Based on
assumptions regarding shear-lip (plane-stress) and flat (plane-strain)
fractures Dbeing predominantly volumetric and surface phenomena
respectively, and on the dimensions of the plastic-zone size ahead of

the crack tip, an expression for K% can be derived as (32):

KE , EfE B0
K_= ]+TO'Y-.B ........ (4)

IC

where, Oy' Ef and E refer to the yield strength, true fracture strain
(uniaxial) and the elastic modulus, repectively. B is the thickness of
the laminate and B, is the maximum thickness in which plane-stress
(shear-1lip) fracture can fully develop. For the alloy 2090-T8E41l, where

Ki, at 298 K is 36 MPa/m, o, = 552 MPa, &g = 0.086, E = 78.3 GPa and

e ¥

the transition from fully slant to flat fracture occurs at "2 mm
(obtained by metallographically sectioning fractured test pieces of
varying thickness), the model predicts values for K% (B =1 mm), and
hence the fracture toughness at 77 K, to be 52 MPa/a, in excellent
agreement (albeit fortuituously) with the measured value.

As KC tends to zero as B tends to zero (Fig. 8.6), it should be
noted that if the shorc-traﬁsverse splitting becomes too extensive, the
thickness of the resulting ligaments may become so small
(e.g., 100 pm) that the benefits of delamination (crack-divider)

toughening may be compromised. This appears to be the case for overaged

2090, where copious grain and sub-grain boundary precipitation and the
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formation of §'-precipitate-free-zones (1l4) increases the tendency for
delamination, such that the elevation in fracture toughness at 77 K is
far smaller (£ 10 %) than for the T8 condition.

8.4.4 Tensile-Ductility Properties

Further evidence that delamination toughening is primarily
responsible for the enhanced cryogenic toughness of certain aluminum-
lithium alloys can be gained by examining the tensile-ductility
properties. The observed improvement in wuniaxial ductility at low
temperatures also appears to be associated with loss of through-
thickness constraint. Shown in Fig. 8.7 are fractographs of failed
tensile specimens in the 2090-T8E41 alloy, where the increase in
ductility from 298 to 77 K is over 25 %. Extensive short-traﬁsverse
splitting is again evident at 77 K, but not at 298 K.

However, when the ductility in 2090 is measured under conditions
approaching full triaxial (plane-strain) constraint, i.e., at o/G > 2
using circumferentially-notched tensile specimens, no such splitting is
observed before crack initiation and the ductility (equivalent fracture
strain) now decreases (by 40 %) with decreasing temperature from
298 to 77 K (Fig. 8.8). It is also apparent that the ductility is
reduced by almost an order of magnitude by increasing the triaxial
stress-state from that of uniaxial tension (g/d = 0.3) to that
approaching plane strain; a result consistent with the observea

elevation in fracture toughness in thin sections (Fig. 8.6).

8.5 CONCLUSIONS
Based on the above study of the mechanical behavior of commercial

aluminum-lithiﬁm alloys, 2090, 8090, 8091 and 2091 as a function of
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700 pm
ey

XBB 883-2356A
Fig. 8.7: Scanning electron micrographs of the fracture surfaces of
unnotched round tensile specimens of 2090-T8E41l (longitudinal
orientation), tested at a) 298 K, and b) 77 K, showing the
presence of extensive short-transverse delamination at

liquid-nitrogen temperatures.
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microstructure and plate orientation at ambient (298 K) and cryogenic
(77 K) temperatures, the following conclusions may be drawn:

1. All commercial alloys displayed increases in strength, uniaxial
"tensile-ductility and strain-hardening rates with aecrease in
temperature from 298 to 77 K.

2. Improvements in the plane-strain fracture toughness at cryogenic
temperatures, however, are not typical of all commercial alloys. While
alloys 2090-T8E41, 2090-T351, 8090-T8X and 8091-T8X showed such an
increase in Ky, for the L-T orientation between 298 and 77 K, alloys
2091-T8X, 8090-T351 and 8091-T351 conversely showed a corresponding
decrease. Toughness in the S-L orientation however, aeteriorates for
all materials at low temperatures.

3. The reduction in fracture toughness (L-T orientation) with
decrease in temperature, shown by alloys 2091-T8X, 8090-T351 and 8091-
T351, was concurrent with a fracture-mode transition from ductile void
coalescence at 298 K to a transgranular shear fracture (with some
evidence of short-transverse delamination) at 77 K.

4. The increase in fracture toughness (L-T orientation) with
‘decrease in temperature, ;hown by alloys 2090-T8E41, 2091-T351, 8090-
T8X and 8091-T8X, conversely was associated with no (macroscopic)
fracture-mode transition; howevér,'the degree of.intergranular, short-
transverse delamination (splitting) on the fracture surface was
significantly enhanced at 77 K, consistent with the observed decrease
in S-L toughness.

5. Analogous to the behavior of laminated materials, the increase

in L-T toughness, shown by alloys 2090-T8E41, 2091-T351, 8090-T8X and
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8091-T8X with decrease in temperature, 1iIs ascribed primarilj to a
mechanism of crack-divider delamination-toughening. Essentially, the
?ﬁcreased incidence qf through-thickness (short-transverse)”splitting
‘at low temperature results in a loss of through-thickness constraint,
causing the plane-strain fracture process to be divided in several
parallel (thin-sheet) plane-stress fractures with higher K, values.
Thin-sheet {(plane-stress) K. values in 2090-T8E41 were found to be
consistent with the observed increase in toughness.

6. The observed increase in wuniaxial tensile ductility
(longitudinal) with decrease in temperature also appeared to be
associated with loss of constraint from enhanced short-transverse
delamination at 77 K. Fracture strain§ measured in 2090-T8E41 under
large triaxial stresses approaching plane-strain, @ accordingly, were

found to decrease at lower temperatures.
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CHAPTER IX

CONCLUDING REMARKS

9.1 SYNOPSIS OF THE PRESENT WORK

In summarizing the observations on the mechanical properties of
commercial aluminum-lithium alloys investigated, it may be concluded
that the behavior is significantly influenced by extrinsic effects of
crack deflection and crack closure mechanisms. In fatigue, such
mechanisms are responsible for their excellent growth resistance of
long cracks .and énhanced retardation periods following single spike
tensile overloads even after prolonged exposutes at high temperatures.
On the other hand, as these mechanisms are far less effective for flaws
of limited wake, small crack growth rates in Al-Li alloys tend to be
much faster than long cracks; the small crack resistance of Al-Li
alloys remains coﬁparable to other aluminum alloys. Moreover, fatigué
properties of long cracks are strongly sensitive to plate orientation,
depending upon the degree to which crack deflection is promoted in the
various orientations.

Similarly, plane-strain fracture toughness properties are also
highly anisotropic, with short-transverse (S-L) toughnesé values less
than half the longitudinal (L-T) toughness. The poor short-transverse
_properties are a result of intergranulér splitting along the weak
interfaces of unrecrystallized, pan-cake shaped grain structures.
Analogous to the fracture behavior of metallic laminates, ;he weak
interfaces, in turn, benefit fracture toughness in other orientations

(T-S, L-T), extrinsically through crack-arrester and "crack~divider
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delamination toughening. The effect is more pronounced at 1low
temperatures, where further deterioration in short-transverse
properties is primarily responsible for the remarkable strength-
toughness combinations of certain aluminum-lithium alloys at cryogenic
temperatures. |

Overall, low-density aluminum-lithium alloys compare fayorably,
or in some instances exceed the strength, ductility and fracture
toughness of existing aerospace aluminum alloyé, particularly at
cryogenic temperatﬁres. Their long fatigué crack propagation resistance
is unparalleled by monolithic or SiC-particulate-reinforced composite
aluminum alloys, next only to ARALL laminates tested in the appropriate
orientation (Fig. 9.1). Further improvements in these properties are
projected, as research efforts continue towards obtaining a better

understanding of the metallurgy of Al-Li alloys.

9.2 THE ALLOY DESIGN PERSPECTIVE

Within the framework of the present investigation, partiélly
limited by the commercial nature of the alloys and the 1lack of
processing facilities, some general trends in structure-property
relationships for aluminum-lithium alloys may however, be noted. Peak-
aged microstructures of the alloys, strengthened by homogenous
distributions of Ty, 'S’ and 8’ plates along with §' spheres and B’
"dispersoids, devoid of graiﬁ boundary effects, are preferred for
optimal combinations of strength, ductility and fracture toughness.
Although peak-aging concurrently reduces the short-transverse
propertiés in unrecrystallized, anisotropic grain structures, it

benefits properties in the other orientations through delamination
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toughening. Optimizing the amount>of pre-stretch, artificial aging time
and temperature are the key factors for achieving the best strength-
toughness relationships in advanced aluminum-lithium alloys.

Other principal parameters of interest for further improving
strength and toughness of Al-Li alloys incluae, modifications in alloy
chemistfy, grain structure and reductions in the amount of second-phase
intermetallic particles. Adding transition metal elements such as Hf,
Zr, and Ti to Al-Li alloys, upto 1 wt. %, alter the precipitation
hardening and deformation characteristics, thereby improving the
toughness of these alloys (3). Alloying rare earth elements, which form
L1, ordered precipitates in aluminum (4), and Al-Li based composite
technologies also show exceptiopal promise. Concerning the preferred
size aﬁd morphology of the grains, despite recent indications in Al-Li
alloy sheets that recrystallized-equiaxed structures show better
.strength-toughness combinations (5), more work is needed to clarify the
role of grain and subgrain structures on the deformation behavior.

With respect to the fatigue cfack propagation resistance of long
cracks in Al-Li alloys, underaged plaﬁar-slip microstructures hardened
by coherent, ordered precipitates_(é' in Al-Li alloys, for example),
which promote meandering and tortuous fatigue crack paths and
consequent crack closure, are most beneficial. Coarse, unrecrystallized
“grain structures with pronounced crysﬁallographic texture further
enhance the degree of crack deflection and reduce fatigue crack growth
rates.

However, for conservative fatigue-life predictions, small crack

results may be more relevant to the damage-tolerant aircraft design

€
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engineer, rather than long cracks, as the former represent the behavior

of incipient, naturally-occurring flaws in structures. Présent results
indicate that sub-continuum growth of such defects is largely
independent of alloy composition and microstructure, and improving the
long?crack properties increases the discrepancy between long and small
crack behavior. The small-crack problem, which is in essence créated by
the breakdown of linear-elastic fracture mechanics for small crack
sizes, is common to near-threshold fatigue behavior of most engineering
materials. Much additional research needs to be done before alloys and
microstructures can be optimiéed for small craqk fatigue resistance.
Finally, as microstructural factors which benefit one set of
meéhaﬂical properties may prove detrimental to the other, it |is
foreseen that Al-Li alioy chemistries "and microstructures will be
optimized for specific applications. For example, high-strength
applications demand alloys with high solute content in the peak-aged
condition, whereas damage-tolerance appli;ations prefér medium-strength
underaged tempers. Other classifications and temper designations may be
based on wultra-low density, cryogenic properties, superplasticity,

stress corrosion and high-temperature resistance.

9.3 AREAS FOR FURTHER RESEARCH

Experimental results on the mechanical behavior of commercial

“aluminum-lithium alloys presented in this report indicate that the

alloys can be further exploited to improve the current strength-
toughness relations. This of course, will involve substantial amount of
fundamental mechanical property characterization, in order to derive

the structure-property relationships for Al-Li alloys. Apart from the
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melting, processing and scrap related  problems, other aspecté of
aluminum-lithium alloy development technology, that need consideration
are outlined below.

It is amply clear that mechanical properties of commercial Al-Li
are critically dependent on thermo-mechanical proce;sing parameters,
particularly' the quench rate and the amount of stretch prior to
artificial aging. Accordingly, through-thickness wvariations in the
mechanical properties can be quite significant, due to wvariations in
the quench rate, and hence, differences in the distribution of
hardening precipitates, particularly for thick plates (2 0.5 in) and
forgings. Also, cold deformation treatments are not possible for
forgings and extrusions, with the effect that properties of fabricated
products'are below target specifications. Quench sensitivity of Al-Li
alloys and properties of forgings need improvement.

The alloys presently suffer from poor short-transverse
properties, the feasons for which are relatively unclear. As éurrent
melting and casting procedures guarantee low levels of Na, K and H;
present results point toward grain boundary phenomeha and the
anisotropic nature of the gréin structures as possible reasons. More
work is necessary for understanding and improving the short-transverse
properties.

Stress corrosion resistance of advanced aluminum-lithium.alloys
is comparable to traditional high-strength aluminum alloys. Despite
small differences, in general, underaged and peak-aged tempers show
optimal corrosion resistance for the Al-Li-Cu-Zr and Al-Li-Cu-Mg-Zr

systems; overaging invariably compromises these properties (6-11).

W
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However, the alloys are prone to "pre-exposure" crécking effects in sea
water environments due to the alkaline nature of lithium (12). Also
recent results indicate that hydrogen embrittlement effects can lower
the ductility and short-transverse toughness (13-15). Little is known
about the mechanistic aspects of such environmentally-assisted ecrack
growth phenomena, both under static loading and corrosion fatigue
conditions.

Due to the prominent role of crack closure induced by asperity
wedging, observed during fatigue crack growth in Al-Li alloys at
positive, low load ratios (R = 0.1), there are concerns about their
fatigue resistance under tension-compression 1loading (R = -1, -3),
where the compression poftion of the cycle restricts crack closure. In
addition, measured levels of crack closure, being sensitive to changes
in crack path ‘morphology, K, may depend on the specimen geometry.
Accordingly, sigﬁificant variations in crack growth rates between
center-cracked éheet (CCS), compact tension (C(T)) and single-edge-
notched bend (SEN(B)) test specimens are expected. These implications
need to be examined in detail, both experimentally and analytically.

A few other aspects which need attention include, weldability of
aluminum-lithium alloys, in view of their excellent cryogenic
properties and potential structural applications in 1liquid-hydrogen,
oxygen and natural gas fuel tanks, sheet metal working and superplastic

forming. With an improved understanding of these factors combined by

"the extraordinarily rapid commercialization of technology, low density

aluminum-lithium alloys are expected to be a distinct class of advanced

engineering materials, for structural aerospace applications.
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